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RESULTS 


Rising  load  fracture  mechanics  experiments  with  solution  treated  and  peak  aged  Ti- 

15-3  (Ti-15V-3Cr-3Al-3Sn;  wt%)  and  Beta  21S  (Ti-15Mo-3Nb-3Al;  wt%)  in  aqueous  NaCl 

solution  lead  to  the  following  conclusions:  (L.M.  Young,  GA.  Young  Jr.,  J.R.  Scully  and  R.P. 

Gangloff,  "Aqueous  Environmental  Crack  Propagation  in  High  Strength  Beta  Titanium  Alloys,"  Metdl.  Trans. 

A,  in  press,  1994.) 

oo  The  STA  condition  of  Beta-21S  is  susceptible  to  environment  assisted  cracking 
(EAC)  in  aqueous  NaCl  at  -600  mVscE  when  subjected  to  rising  stress  intensity.  The 
threshold  for  subcritical  crack  propagation  (K^h  =  39  to  46  MPaVm)  is  reduced 
significantly  compared  to  the  plane  strain  fracture  toughness  (Kja)  of  66  MPaVm. 
Average  subcritical  crack  growth  rates  are  on  the  order  of  10  jum/sec,  and  EAC  is 
intergranular  for  Beta-21S  in  chloride  compared  to  microvoid-based  for  moist  air. 

00  For  STA  Ti-15-3,  Kjq  (57  to  64  MPaVm)  and  transgranular  microvoid  fracture 
processes  are  unaffected  by  aqueous  chloride  exposure  for  several  slow  loading  rates 
and  appHed  electrode  potentials.  Intergranular  EAC  in  STA  Ti-15-3  is  promoted  by 
increased  solution  treatment  temperature  and/or  time. 

00  Intergranular  EAC  in  STA  Beta-21S  (as  well  as  in  resolution  treated  and  aged  Ti-15- 
3)  correlates  with  a-colonies  precipitated  at  B  grain  boundaries  and  with  localized 
planar  slip;  the  governing  causal  factor  is  not  defined.  Both  features  are  promoted 
by  high  temperature-long  time  solution  treatment.  The  relative  importance  of  these 
features  and  other  alloy-dependent  factors  is  not  established;  however,  hydrogen 
trapping  at  a/B  interfaces  coupled  with  stress  and  strain  localization  near  B  grain 
boundaries  may  be  important. 

00  EAC  in  peak  aged  Beta-21S  is  not  produced  during  static  loading,  for  times  similar 
to  the  deleterious  rising  load  case,  and  average  subcritical  EAC  growth  rates 
decrease  with  decreasing  crack  tip  strain  rate. 

00  EAC  in  STA  Beta-21S  is  eliminated  by  applied  cathodic  polarization  at  -1000  mVscE, 
and  occurs,  but  is  not  exacerbated  during  anodic  polarization  at  -150  mVscE- 

00  EAC  in  STA  Beta-21S  may  proceed  by  hydrogen  enviromnent  embrittlement.  The 
beneficial  effects  of  cathodic  polarization  and  stagnant  crack  tip  strain  rate  are 
speculatively  traced  to  reduced  hydrogen  production  at  the  occluded  crack  tip  for  the 
former,  and  to  increased  crack  tip  passive  film  stability  or  reduced  dislocation 
transport  of  process  zone  hydrogen  for  the  latter. 
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oo 


The  25  °C  chloride  EAC  resistance  of  STA  6-titanium  alloys  can  be  superior  to  that 
of  quenched  and  tempered  martensitic  steels  at  similar  high  strengths,  certainly  for 
cathodic  polarization  and  short  term  static  loading.  Beta  titanium  alloys  are  not, 
however,  immune  to  chloride  EAC;  thermomechanical  processing  must  be  controlled 
for  cracking  resistance. 


The  following  conclusions  were  established  based  on  rising  load  fracture  mechanics 
experiments  with  solution  treated  and  peak  aged  Beta  C  (Ti-8V-6Cr-4Zr-4Mo-3Al;  wt%) 
in  aqueous  NaCl  and  aqueous  NaCl  with  sulfur-species  additions.  (B.P.  Somerday,  JA.  Grandle 
and  R.P.  Gangloff,  "Yield  Strength  and  Solution  Composition  Effects  on  Aqueous  Environmental  Cracking  of 
Ti-8V-6Cr-4Zr-4Mo-3Al  (Beta  C),"  in  Proc.  of  the  Tri-Service  Conference  on  Corrosion.  Materials  Laboratory, 
Wright  Patterson  Air  Force  Base,  OH,  in  press,  1994.) 

00  The  high-strength  6/a  titanium  alloy,  STA  Beta  C,  is  embrittled  by  loading  in  neutral 
aqueous  NaCl  solution  at  25°  °C,  given  an  occluded  crack,  active  strain  rate  and 
electrode  potentials  near  free  corrosion.  This  behavior  is  analogous  to  that  of  STA 
Beta  21S. 

00  STA  Beta  C  resists  crack  propagation  in  NaCl  under  static  load/displacement  or 
cathodic  polarization,  at  least  for  short-term  experiments.  This  behavior  is  analogous 
to  that  of  STA  Beta  21S. 

00  Moderate  strength,  single  phase  (6)  ST  Beta  C  is  immune  to  chloride  EAC  at  the 
free  corrosion  potential  and  under  short-term  rising  displacement.  Sulfur-species  and 
acid  additions  to  NaCl  that  embrittle  ferritic  steels  do  not  promote  intergranular 
EAC  in  ST  Beta  C. 

00  EAC  in  STA  Beta  C  is  intergranular;  the  contributions  of  grain  boundary  a 
precipitation,  locally  intense  planar  slip  and  impurity  segregation  are  not  yet  defined. 
Moist  air  fracture  of  the  STA  and  ST  conditions,  as  well  as  ST  fracture  in  chloride- 
sulfur-species  solutions,  are  by  transgranular  microvoid  rupture. 

00  The  rising  CMOD  method  an  effective  characterization  of  EAC,  but  requires 
instrumentation  and  analysis  of  da/dt  as  a  function  of  K  and  crack  tip  strain  rate. 

00  Alternating  slow-rapid  EAC  propagation  rate  in  Beta  C  and  Beta  21S  is  speculatively 
attributed  to  coupled  K-  and  crack  tip  strain  rate-control,  and  specimen  compliance- 
induced  changes  in  these  driving  force  parameters. 


The  electrochemistry,  passivity,  and  repassivation  kinetics  of  a  Mo/Nb  stabilized  R- 
titanium  alloy  (Beta  2  IS)  was  investigated.  (D.G.  Kolman  and  J.R.  Scully,  "The  Passivity  and 
Electrochemistry  of  a  Ti-Mo-Nb  P  -Titanium  Alloy  in  Ambient  Temperature  Aqueous  Sodium  Chloride  Solution," 
/.  Electrochetn.  Soc.,  Vol.  140,  No.  10,  pp.  2771-2779,  1993.) 
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00  There  are  no  major  electrochemical  differences  between  Beta  21S  exposed  to  0.6  M 
NaCl  and  pH  1,  0.6  M  NaCl  in  its  STA  and  ST  forms,  although  ST  Beta  21S  almost 
always  yielded  the  largest  passive  current  density. 

00  Significant  electrochemical  differences  do  not  exist  between  either  the  model 
precipitate  (grade  6  Ti)  or  commercially  pure  Ti  (grade  2  Ti)  and  Beta  21S  in  the 
NaCl  solutions,  which  suggests  that  there  is  minimal  galvanic  interaction  between  the 
matrix  and  precipitates  in  STA  Beta  21S  in  the  NaCl  environments. 

00  All  of  the  alloys  were  spontaneously  passive  in  the  NaCl  solutions  examined  and  no 
pitting  potentials  were  observed  up  to  2.1V  vs.  SCE. 

00  Experiments  in  deaerated  5M  HCl  reveal  an  active/passive  transition  for  all  alloys 
except  ST  Beta  21S,  which  was  spontaneously  passive,  indicating  that  the  a 
precipitates  in  STA  Beta  21S  have  a  deleterious  effect  upon  passivity  and  that 
galvanic  coupling  between  the  a  and  6  phases  may  possibly  occur.  Both  the  anodic 
and  cathodic  kinetics  were  affected  by  the  Mo/Nb  additions  in  Beta  21S.  Rotating 
disk  electrode  experiments  confirmed  that  Beta  21S  is  indeed  passive  in  a  5M  HCl 
environment. 

00  Similarity  of  hydrogen  evolution  kinetics,  the  lack  of  observed  alloying  addition 
oxidation  peaks  on  anodic  polarization  scans,  and  AES  and  XPS  studies  indicate 
limited  incorporation  of  alloying  additions  into  the  passive  film  in  the  NaCl  solutions. 
AES  and  XPS  studies  indicate  the  passive  film  on  all  Ti  alloys  was  predominantly 
TiOj  with  lesser  amounts  of  oxidized  Mo,  Nb  and  A1  contained  in  the  oxides  on  Beta 
21S.  The  small  quantity  of  alloying  additions  within  the  passive  film  may  account  for 
the  similar  passive  electrochemical  behaviors  observed  among  the  studied  alloys. 

00  All  of  the  alloys  in  this  study  yielded  peak  current  densities  that  were  too  low  solely 
to  account  for  crack  growth  rates  observed  in  separate  studies,  even  after  crack  tip 
acidification,  suggesting  that  passive  film  must  be  mechanically  destabilized  in  order 
to  account  for  these  crack  growth  rates,  regardless  of  the  exact  mechanism. 


Studies  of  the  electrochemistry,  passivity,  and  repassivation  kinetics  of  6-titanium 
alloy  Ti-15-3  lead  to  the  following  conclusions:  (D.G.  Kolman  and  J.R.  Scully,  "Electrochemistry  and 
Passivity  of  Ti-15V-3Cr-3Al-3Sn  P-Titanium  Alloy  in  Ambient  Temperature  Aqueous  Chloride  Solutions,"  /. 
Electrochem.  Soc.,  Vol.  141,  No.  10,  pp.  2633-2641,  1994.) 

00  No  major  electrochemical  differences  were  observed  between  ST  Ti-15-3,  STA  Ti-15- 
3,  commercially  pure  (grade  2)  Ti,  and  grade  6  Ti,  which  approximates  the 
composition  of  the  a  precipitates  present  in  STA  Ti-15-3. 

00  Similar  open  circuit  potentials  between  grade  6  Ti  and  the  6-titanium  alloys  indicates 
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that  little  galvanic  coupling  occurs  between  the  a  precipitates  and  the  B  matrix  in  the 
STA  alloy. 

00  All  of  the  alloys  were  found  to  be  spontaneously  passive  in  ail  of  the  NaCl  solutions 
examined,  as  confirmed  by  EIS,  and  no  pitting  was  observed  on  these  alloys  up  to 
1.7V  vs.  SCE.  However,  active/passive  transitions  were  observed  on  all  four 
materials  in  5M  HCl. 

00  Ti-15-3  and  grade  6  Ti  oxide  thicknesses  were  found  to  increase  linearly  with 

potential,  as  found  with  commercially  pure  grade  2  Ti,  suggesting  comparable  oxide 
growth  mechanisms. 

00  Similar  passive  electrochemical  behaviors  amongst  the  four  alloys  is  explained  by  the 
fact  that  the  oxides  on  these  materials  are  quite  close  in  composition.  Ex-situ  AES 
sputter  depth  profiles  show  that  the  oxide  on  ST  Ti-15-3  is  predominantly  Ti02  and 
contains  less  than  stoichiometric  concentrations  of  alloying  additions.  Ex-situ  XPS 
tests  indicate  little  difference  between  the  oxide  on  ST  and  STA  Ti-15-3.  Oxide 
similarity  was  also  confirmed  by  comparable  hydrogen  evolution  kinetics. 

00  The  peak  dissolution  rates  of  the  6-titanium  alloys  were  found  to  be  too  low  to  solely 
account  for  EAC.  Therefore,  mechanical  destabilization  of  the  passive  film  is 
required  in  order  to  obtain  observed  crack  growth  rates,  even  after  crack  tip  cation 
hydrolysis  and  acidification,  regardless  of  the  exact  mechanism  of  EAC. 

The  repassivation  behavior  of  fractured  pure  titanium  thin  films  has  been  examined 
in  order  to  determine  the  bare  surface  electrode  kinetics  indicative  of  a  crack  tip  following 
a  film  rupture  event.  (D.G.  Kolman  and  J.R.  Scully,  "Limitations  of  Potentiostatic  Repassivation  Techniques 
and  Their  Relationship  to  the  Applicability  of  the  High  Field  Approximation  to  the  Repassivation  of  Titanium," 
/.  Electrochem.  Soc.,  in  rewew,  October  1994.) 

oo  Current  densities  as  large  as  75  -  100  A/cm^  (Eapn=-0.6VscE>  0.6M  NaCl)  can  be 
obtained  on  titanium  in  the  first  microseconds  following  film  rupture.  Although 
orders  of  magnitude  larger  than  any  current  density  previously  observed  on  titanium, 
the  current  density  is  still  too  low  to  account  for  the  fastest  crack  growth  rates 
observed  (90  /im/s)  by  a  dissolution -based  EAC  mechanism,  which  would  require 
245  A/cm^  (Eapp= -0.6Vsce)'  This  suggests  that  some  mechanism  other  than  a 
dissolution -based  mechanism  (e.g.,  a  hydrogen  mechanism)  controls  cracking  in 
these  alloys. 


The  following  conclusions  were  reached  based  on  internal  hydrogen  embrittlement 
(IHE)  studies  of  solution  treated  and  aged  6-21S  and  Ti-15-3:  (GA.  Young,  J.R.  Scully,  "The 
Influence  of  Hydrogen  on  the  Mechanical  Properties  of  a  Ti-Mo-Nb  Alloy,"  Scripta.  Metall,  Vol.  23,  pp.  507-512, 
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1993,  and  GA.  Young,  J.R.  Scully,  "Internal  Hydrogen  Embrittlement  of  Solution  Heat  Treated  and  Aged  Ti- 

15V-3Cr-3Al-3Sn  and  Ti-15Mo-3Nb-3Al,"  Corrosion  /.,  in  press,  1994). 

00  An  embrittlement  threshold  of  approximately  1000  wt.  ppm  total  hydrogen  was 
observed  for  blunt  circumferentially  notched  specimens  of  peak  aged  6-21S.  A 
threshold  was  not  observed  for  Ti-15-3,  however  approximately  the  same  degree  of 
embrittlement  was  obtained  gradually  as  the  hydrogen  concentrations  was  increased 
from  100  to  3800  wt.  ppm. 

00  Solutionized  fi-21S  and  Ti-15-3  were  not  embrittled  by  hydrogen  up  to  concentrations 
of  3000  wt.  ppm. 

00  Reduction  in  the  maximum  longitudinal  tensile  stress  and  plastic  strziin  developed  in 
re-solution  annealed  Ti-15-3  at  hydrogen  concentrations  <  2900  wt.  ppm  suggest  that 
the  6  phase  can  be  intrinsically  embrittled  by  hydrogen,  especially  when  deformation 
occurs  by  localized  planar  slip. 

00  Embrittlement  is  a  function  of  hydrogen  concentration,  constraint,  and  yield  strength 
for  alloys  which  have  a  susceptible  microstructure.  Susceptible  microstructures  are 
caused  by  high  solution  treatment  temperatures  and  long  times  which  remove 
heterogeneous  nucleation  sites  from  grain  interiors  to  promote  grain  boundary  a 
formation,  delay  intragranular  a  precipitation  and  promote  planar  slip.  In  aged  alloys 
it  is  speculated  that  fine  a  precipitates  may  be  sheared  by  dislocations  to  promote 
planar  slip,  concentrate  hydrogen  along  planar  slip  bands  and  transport  hydrogen  to 
grain  boundaries.  Alternatively,  planar  slip  may  promote  deformation  induced  trap 
site  formation  at  the  a/6  interfaces  or  near  6  grain  boundaries. 

00  Hydriding  of  a  large  volume  fraction  of  the  a  and  6  phases  is  not  required  for 
hydrogen  embrittlement  to  occur  in  these  high  strength  6  titanium  alloys.  Hydriding 
was  only  observed  when  surface  coimected  a  was  exposed  to  electrochemical 
reactions.  The  internal  hydrogen  preferentially  partitions  to  the  6  matrix.  The 
possibility  exists  for  deformation  assisted  or  highly  localized  hydriding  of  a-6 
interfaces  in  STA  material. 

00  The  relationships  between  microstructure,  deformation  mode  and  speculated 
hydrogen  transport  behavior  can  account  for  the  observed  cracking  in  6  titanium 
which  was  precharged  with  hydrogen  and  slowly  strained  in  air  as  well  as 
simultaneously  polarized  and  slowly  strained  in  aqueous  chloride  solution.  This 
correlation  supports  a  hydrogen  embrittlement/ dislocation  transport  mechanism  for 
aqueous  saltwater  stress  corrosion  cracking  of  metastable  6  titanium  alloys. 

The  following  conclusions  were  reached  based  on  IHE  studies  and  thermal 

desorption  spectroscopy  (TDS)  performed  on  solutionized  (ST)  and  solutionized  and  peak 

aged  (STA)  Beta-C:  (MA.  Gaudett,  J.R.  Scully,  "Hydrogen  Interactions  and  Embrittlement  in  Metastable 
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Beta  Ti-3Al-8V-6Cr-4Mo-4Zr”,  to  be  submitted  for  publication,  1993). 

00  The  STA  material  shows  a  large  decrease  in  the  maximum  longitudinal  stress  at 
hydrogen  concentrations  of  approximately  1500  wt.  ppm.  The  evolution  of  fracture 
mode  with  increased  hydrogen  concentration  progresses  from  transgranular  microvoid 
coalescence,  ductile  slip  line  fracture  and  a  less  ductile  transgranular  fracture,  to 
intergranular  fracture  at  1500  wt.  ppm.  At  higher  concentrations  a  granulated 
fracture  surface  appears  followed  by  cleavage  fracture  observed  at  3000  wt.  ppm. 

00  The  ST  material  shows  a  decrease  in  the  maximum  longitudinal  stress  above  a 
concentration  of  approximately  2600  wt.  ppm.  The  fracture  mode  is  characterized 
by  microvoid  coalescence  at  low  concentrations  and  a  less  ductile  transgranular 
fracture  with  increasing  hydrogen.  Ductile  slip  line  fracture  appears  at  4100  wt.  ppm 
hydrogen.  Cleavage  fracture  is  observed  at  approximately  6900  wt.  ppm. 

00  Internal  hydriding  of  a  large  volume  of  charged  material  was  not  detected  by  x-ray 
diffraction  (XRD)  in  either  the  ST  or  STA  condition  and  therefore  is  not  required 
to  observe  embrittlement  in  Beta-C. 

00  The  similarity  of  T^a,^  for  the  high  temperature  peak  in  the  thermal  desorption 
spectra  of  both  the  ST  and  STA  condition  indicate  a  microstructural  trap  site 
common  to  both  conditions.  The  concentration  associated  with  this  site  is  consistent 
with  the  O  or  N  content  of  this  alloy,  implicating  interstitials  as  a  trap  site. 

00  The  microstructural  trap  sites  for  hydrogen  detected  by  TDS  remain  unidentified  as 
yet.  However,  calculations  indicate  the  following: 

(1)  Measured  hydrogen  concentrations  are  too  large  to  be  associated  with  trapping 
at  the  oxide/metal  interface. 

(2)  The  concentrations  measured  by  XRD  are  consistent  with  the  concentration 
associated  with  peak  #2  in  the  ST  desorption  spectrum. 

(3)  Although  bulk  hydriding  in  the  STA  material  was  not  detected  with  x-ray 
diffraction,  the  concentrations  measured  are  on  the  order  of  that  calculated  assuming 
the  decomposition  of  a  small  amount  of  hydride  during  TDS  (<2  vol.%).  Also,  the 
concentrations  in  the  6  lattice  determined  by  XRD  can  account  for  peak  #1  or  #2 
in  the  STA  desorption  spectmm  and  suggests  the  presence  of  a  small  amount  of 
hydride  as  one  of  the  remaining  peaks. 


Limited  work  investigated  the  effect  of  sulfate  reducing  bacteria  (SRB)  on  aqueous 
environment  enhanced  fatigue.  (R.P.  Gangloff  and  R.G.  Kelly,  "Microbe  Enhanced  Environmental  Fatigue 
Crack  Propagation  in  HY130  Steel,"  Corrosion,  Vol.  50,  No.  5,  pp.  345-354,  1994). 


00  Sulfate  reducing  bacteria,  Desulfovibrio  vulgaris  in  diluted  Postgate  C,  greatly  enhance 
rates  of  fatigue  crack  propagation  and  reduce  fatigue  crack  initiation  life  in  a 
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martensitic  alloy  steel  (HY 130)  under  cathodic  polarization  (-1000  mVsce)-  Metabolic 
sulfide-enhanced  atomic  hydrogen  uptake  and  crack  tip  process  zone  hydrogen 
embrittlement  are  implicated. 

00  Transgranular  cracking,  typical  of  fatigue  in  sterile  NaCl  solution,  changes  to 
intergranular  cracking  due  to  the  presence  of  SRB. 

00  The  severity  of  the  SRB  effect  on  growth  rates  and  intergranular  cracking  is 
paramount  among  those  variables  which  influence  environmental  fatigue  in  C-Mn 
and  alloy  steels. 

oo  The  deleterious  SRB  effects  on  fatigue  crack  propagation,  and  fatigue  crack 
initiation,  are  not  mitigated  by  cathodic  polarization. 

00  Transient  enviromnental  FCP  in  the  SRB  solution  is  likely  due  to  time-dependent 
bacterial  growth  and  enhanced  metabolically  reduced  sulfides.  Transient  FCP  at 
constant  AK  may  also  be  due  to  diffusion  of  metabolites  from  the  bulk  to  the  crack 
tip  solution,  and  hydrogen  penetration  from  boldly  exposed  specimen  surfaces.  SRB 
may  not  colonize  the  occluded  alkaline  crack  tip. 

00  Transient  fatigue  cracking  in  SRB  solutions  can  compromise  life  prediction  based  on 
stress  intensity  similitude. 


A  review  on  the  application  and  interpretation  of  laboratory  methods  to  corrosion 
fatigue  cracking  was  completed.  (R.P.  Gangloff,  "Corrosion  Fatigue  Cracking,"  in  Manual  on  Corrosion 
Tests  and  Standards:  Application  and  Interpretation.  R.  Baboian,  Ed.,  ASTM,  Philadelphia,  PA,  in  press,  1994.) 

ABSTRACT 

Corrosion  fatigue  (CF)  is  an  important  but  complex  mode  of  failure  for  high 
performance  structural  metals  operating  in  a^essive  environments.  This  view  is  based  on  the 
likelihood  of  cyclically  varying  loads  and  chemical  environments  in  service,  the  need  for 
predictable  long-life  component  performance  and  life  extension,  the  universal  susceptibility  of 
pure  metals  and  alloys  to  CF  damage,  and  the  time-dependent  multi-variable  character  of 
corrosion  fatigue.  For  example,  stress  corrosion  cracking  immune  alloys  are  susceptible  to  CF. 
Corrosion  fatigue  has  affected  nuclear  power  systems,  steam  and  gas  turbines,  aircraft,  marine 
structiues,  pipelines,  and  bridges;  CF  issues  are  central  to  the  behavior  of  many  aging  systems. 

The  objective  of  this  chapter  is  to  highlight  modern  laboratory  methods  for 
characterizing  the  corrosion  fatigue  behavior  of  metals  in  aqueous  electrolytes.  The  principles 
and  mechanisms  of  CF  are  summarized  in  Section  I,  followed  by  discussions  of  experimental 
methods  in  Section  II.  Specimen  design  and  loading,  environment  control,  strain  and  crack  size 
measurement,  and  computer  automation  are  discussed.  The  emphasis  throughout  is  on 
exemplary  experimental  methods  and  results,  as  well  as  on  CF  data  analysis  and  interpretation. 

Section  III  cites  applications  of  CF  data  to  service,  the  advantages  and  limitations  of  the 
experimental  methods,  and  directions  for  research  on  CF  experimentation.  Symbols  and  terms 
are  defined  in  Section  IV.  This  Chapter,  with  extensive  references,  extends  previous  reviews 
of  corrosion  fatigue  test  techniques. 
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ABSTRACT 

The  aqueous  environment  assisted  cracking  (EAC)  behavior  of  two  peak  aged  beta-titanium 
alloys  was  characterised  with  a  fracture  mechanics  method.  Beta-21  S  is  susceptible  to  EAC 
under  rising  load  in  neutral  3.5%  NaCl  at  25’C  and  -600  mVscE>  os  indicated  by  a  reduced 
threshold  for  subcritical  crack  growth  (Kj^).  an  average  crack  growth  rate  of  up  to  10 
pm/sec,  and  intergranular  fracture  compared  to  microvoid-rupture  in  air.  In  contrast  the 
initiation  fracture  toughness  (Kjct)  ofTi-15-3  in  moist  air  is  lower  than  that  of  Beta-21  S  at 
similar  high  oyg  (1300  MPa),  but  is  not  degraded  by  chloride  and  cracking  is  by 
transgranular  microvoid  formation.  The  intergranular  EAC  susceptibility  of  Beta-21S 
correlates  with  both  a-colonies  precipitated  at  p  grain  boundaries  and  intense  slip 
localisation,  however,  the  causal  factor  is  not  defined.  Data  suggest  that  both  features,  and 
EAC,  are  promoted  by  prolonged  solution  treatment  at  high  temperature.  In  a  hydrogen 
environment  embrittlement  scenario,  crack  tip  H  could  be  transported  by  planar  slip  bands 
to  strongly  binding  trap  sites  and  stress/strain  concentrations  at  a-colony  or  p  grain 
boundaries.  EAC  in  Beta-21S  is  eliminated  by  cathodic  polarization  (to  -1000  mVscE)>  os 
well  as  by  static  loading  for  times  which  otherwise  produce  rising-load  EAC.  These 
beneficial  effects  could  relate  to  reduced  H  production  at  the  occluded  crack  tip  during 
cathodic  polarisation,  and  to  increased  crack  tip  passive  film  stability  or  reduced  dislocation 
transport  during  deformation  at  slow  crack  tip  strain  rates.  High-strength  p-titanium  alloys 
are  resistant,  but  not  intrinsically  immune  to  chloride  EAC,  with  processing  condition 
possibly  governing  fracture. 


L.M.  Young  and  G.A.  Young,  Jr.,  formerly  Graduate  Research  Associates  at  the  University  of  Virginia,  are 
currently  Metallurgist  at  the  General  Electric  Corporate  Research  and  Development  Center  (Schenectady,  NY, 
12301)  and  Engineer  at  the  Knolls  Atomic  Power  Laboratory  (Schenectady,  NY,  12301),  respectively.  J.R. 
Scully  and  R.P.  Gangloff  are  Assistant  Professor  and  Professor,  respectively,  in  the  Department  of  Materials 
Science  and  Engineering,  School  of  Engineering  and  Applied  Science,  University  of  Virginia,  Charlotte.sville, 
VA,  22903. 
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INTRODUCTION 

Metastable  beta  titanium  alloys  arc  being  developed  for  structural  applications  that  require 
formability,  hardenability,  fracture  toughness,  and  aqueous  corrosion  resistancef‘■‘*^  The 
environment-assisted  cracking  (EAC)  behavior  of  these  alloys  is  important  for  long-life 
components  stressed  in  aggressive  marine,  oil  or  gas  well,  aerospace,  and  medical  implant 
environments^^’®^  While  the  stress  corrosion  cracking,  hydrogen  embrittlement  and  corrosion 
fatigue  of  a  and  a/p-titanium  alloys  have  been  researched  extensively^^’ EAC  in  beta  and  a- 
precipitation  hardened  p-titanium  alloys  is  relatively  unexplored.^ 

Solution  treated  and  aged  (STA)  p-titanium  alloys  with  a  precipitates  exhibit  excellent 
yield  strength  (oyg)  and  fracture  toughness  (K|c),  but  can  be  susceptible  to  brittle  cracking  in 
ambient  temperature  aqueous  solutions  with  halide  ions**®’*^^  Early  experiments  utilizing  cracked 
specimens  and  fracture  mechanics  methods  demonstrated  that  developmental  p-titanium  alloys  (Ti¬ 
ll.  5Mo-6Zr-4.5Sn  and  Ti-13V-llCr-3Al;  both  STA)*  and  model  Ti-Mo  compositions  were  prone 
to  EAC  in  NaCl  and  KCl  solutions  at  static  or  quasi-static  load  threshold  stress  intensities  (Kkcc) 
as  low  as  15%  of  EAC  in  these  high  strength  p-titanium  alloys  progressed  by 

intergranular  separation  and  transgranular  cleavage  or  "quasi-cleavage",  depending  on  alloy 
composition  and  microstructure^^’"*’**^.  EAC  was  exacerbated  at  intermediate  loading  rates,  at 
intermediate  applied  electrode  potentials  (near  -600  mVscE)>  increased  oys**’*^’**^ 

however,  data  were  limited. 

Studies  of  EAC  in  modem  p-titanium  alloys,  employing  the  slow  strain  rate  technique  with 
smooth  uniaxially  loaded  tensile  specimens,  demonstrated  resistance  to  brittle  cracking  in  aqueous 
NaCl  at  25°C  and  near  free  corrosion  potentials‘**’'^■*^^  For  example,  high  strength  STA  Ti- 
3Al-8V-6Cr-4Mo-4Zr  (Beta-C”*^  was  not  susceptible  to  EAC  in  neutral  chloride,  with  or  without 
cathodic  polarization;  such  conditions  promoted  cracking  of  a/p  Ti-6A1-4V^*®’^‘1  Similar  good 
EAC  resistance  was  reported  for  STA  Ti-15Mo-3Nb-3Al  (Beta-21S  or  TIMETAL-21S  )  ^  ^ 
however,  Ti-15V-3Cr-3Al-3Sn  (Ti-15-3)  was  susceptible  to  brittle  cracking  in  neutral  aqueous 


*  a  is  the  hexagonal-close-packed  phase,  while  p  is  body-centered-cubic. 

*  All  compositions  are  in  weight  percent. 
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chloride,  but  only  at  intermediate  loading  rates  and  electrode  potentials^’’^^  While  immune  to 
cracking  in  neutral  chloride  at  25°C,  EAC  was  produced  in  Beta-C  due  to  H2S  addition  with 
cathodic  polarization^^’^  with  increased  temperature  to  above  in  anhydrous  methanol- 

chloride'^^’^  and  after  STA*“^.  Precracked  specimen  experiments  with  modem  p-titanium  alloys 
are  limited.  Results  suggest  that  STA  Ti-15-3  and  Beta-C  resist  EAC  in  chloride  for  mechanical 
and  electrochemical  conditions  that  embrittle  Ti-6A1-4V*^*’*^^ 

The  objective  of  this  research  is  to  characterize  the  environment  assisted  crack  propagation 
behavior  of  two  high  strength  p-titanium  alloys  in  aqueous  chloride.  Experiments  are  designed 
to  control  the  variables  that  may  exacerbate  EAC  based  on  studies  of  high  strength  steels  and  a/p- 
titanium  alloys.  Specific  factors  include:  (a)  a  fatigue  precrack  and  triaxial  constraint'^*’,  (b) 
active  crack  tip  straining'^^’,  (c)  high  yield  strength  from  STA'^*’,  (d)  controlled  electrode 
potential'^^’*^’,  and  (e)  heterogeneous  a/p  microstructures'* These  results  provide  a  basis 
to  understand  the  contributions  of  crack  tip  depassivation,  transient  dissolution  and  hydrogen 
uptake  in  the  EAC  mechanism  of  p-titanium  alloys. 

EXPERIMENTAL  PROCEDURE 

Materials 

Two  alloys,  Beta-21S  (Ti-15.4Mo-3.0Nb-2.9Al-0.13  O;  measured  wt%)  and  Ti-15-3  (Ti- 
14.9V-3.0Cr-3.2Al-3.6Sn-0.12  O;  measured  wt%),  were  obtained  as  10.2  and  9.5  mm  thick  hot 
cross-rolled  plates,  respectively,  in  a  solution  treated  (ST)  condition  (STPC  for  8  hr  and  816°C 
for  30  minutes,  respectively).  Oversized  blanks  of  each  alloy  were  peak  aged  at  538°C  for  8  hr 
before  specimen  machining.  fThis  condition  is  referred  to  as  STA.)  The  resulting  microstructures 
are  similar,  consisting  of  a  large  volume  fraction  of  fine  intragranular  and  grain  boundary  a-plate 
precipitates  in  a  p  matrix  of  100  pm  diameter  grains  (Fig.  1).  Figures  lb  and  Ic  suggest  that  o 
plates  are  coarser  in  Ti-15-3  compared  to  Beta-21S.  While  not  evident  in  Fig.  1,  these  two  alloys 
exhibit  dramatically  different  grain  boundary  a  precipitation,  as  detailed  in  an  ensuing  section. 
X-ray  diffraction  and  transmission  electron  microscopy  (TEM)  did  not  resolve  the  w  -phase  in  ST 
or  STA  Ti-15-3  or  Beta-2 IS'^®’^*'.  Athermal  w-phase  is  not  expected  to  form  in  highly  p- 
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The  smooth  specimen  gauge  strain  rate  for  maximum  susceptibility  to  EAC  was  about  5  x  10"*  sec'*  and  the 
most  deleterious  electrode  potential  was  -500 
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stabilized  Ti-15-3  or  Beta-21S,  during  cooling  from  solution  treatment  temperatures,  and 
isothermal  w  should  not  precipitate  prior  to  a  nucleation  during  subsequent  peak  aging  of  either 
alloy  at 

Uniaxial  tensile  data  listed  in  Table  I  show  that  the  strength  of  STA  Ti-15-3  is  less  than 
that  of  Beta-21S,  with  the  results  exhibiting  substantial  variability,  particularly  for  the  former 
alloy.  (Tensile  specimens  were  machined  from  the  ends  of  broken  EAC  and  fracture  toughness 
specimens  that  were  also  characterized  in  terms  of  hardness.  Tests  1  and  2  in  Table  I  refer  to 
replicate  tensile  specimens  from  one-half  of  a  broken  EAC  or  toughness  specimen.)  The 
reproducible  hardnesses  (Rockwell  C  scale;  R^)  and  tensile  yield  strengths  (oys)  in  Table  I  for 
each  fracture  specimen  demonstrate  that  the  strength  variability  is  between  fracture  specimens. 
The  cause  of  this  variability  is  not  known,  but  may  be  due  to  temperature  differences  during  the 
aging  of  blanks. 

The  important  point  for  the  current  study  is  to  account  for  strength  variations  in 
comparisons  of  EAC  susceptibility.  Based  on  the  data  in  Table  I,  and  additional  results^  yield 
strength  and  hardness  are  related  according  to: 

ays  (MPa)  =  -97.93  -1-  33.67  (R^)  (1) 

for  both  Beta-21S  and  Ti-15-3.  Equation  1  agrees  with  a  correlation  for  tempered  martensitic 


Table  I:  Tensile  Properties  of  STA  p-Titanium  Alloys 


Alloy 

Test 

Rc 

®YS 

(MPa) 

E 

(GPa) 

• 

n 

RA** 

(%) 

1 

— 

94.2 

21 

Ti-15-3 

2 

35.7 

■1 

93.3 

ra 

28 

1 

— 

96.6 

13 

Ti-15-3 

2 

39.2 

Ira 

97.7 

14 

1 

1420 

102.2 

6 

Beta-2  IS 

2 

44.7 

1430 

98.2 

■B 

0 

1 

— 

— 

2 

Beta-2  IS 

2 

43.8 

Ira 

BB 

1 

*  n  is  the  exponent  in  the  power-law  relationship  between  true  stress  and  true  plastic  strain. 
**  RA  =  (Initial  Diameter  -  Diameter  at  Fracture)/  Initial  Diameter. 
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steels*^*^  Each  fracture  toughness  and  EAC  specimen  was  characterized  by  either  measured  oys 
or  measured  and  calculated  oyg  from  Eq.  1. 

Environmental  Cracking 

EAC  resistance  was  characterized  with  a  slow-rising  load  fracture  mechanics  method**^'*®* 
applied  to  a  fuUy  rotating  single  edge  cracked  specimen  (initial  crack  length  =  17.8  mm,  thickness 
=  5.08  mm,  width  =  38.1  mm).  A  servohydraulic  machine  was  employed  for  fatigue  cracking 
(load  control)  and  increasing  load  EAC  experiments  (actuator  displacement  control).  Specimens 
were  fatigue  precracked  in  the  aqueous  environment,  involving  a  three  day  exposure,  and  then 
were  subjected  to  rising  load  at  a  programmed  constant  actuator  displacement  rate.  Crack  mouth 
opening  displacement  rate  is  not  constant  after  the  onset  of  crack  growth  due  to  load-train 
compliance. 

Crack  length  was  determined  by  the  computer-automated  direct  current  electric  potential 
difference  (dcEPD)  method.  Applied  current  was  typically  maintained  at  8.000  ^  0.005  amperes 
by  a  constant  current  power  supply.  Current  polarity  switching  eliminated  thermal  voltages,  and 
reference  probes  were  used  to  account  for  the  effects  of  temperature  and  small  current  variations 
during  long  term  experiments^*®’'**^  Potential  differences,  local  to  the  crack  tip  and  between  200 
and  500  pV,  were  amplified  by  10,000  times  and  input  to  the  data  acquisition  system.  Crack 
length  (a)  was  calculated  from  averaged  measured  voltages  through  a  closed-form  solution  for  the 
edge-cracked  geometry**®’**^  Voltage  resolution  was  +.  0-3  pV,  corresponding  to  a  crack  length 
resolution  of  _+  5  pm,  assuming  uniform  advance  of  the  crack  front.  Applied  stress  intensity  (K) 
was  calculated  from  measured  load  and  crack  length  with  an  elastic  solution  for  the  single  edge 
crack  geometry^**'.  J-integral  calculations  indicated  that  the  plastic  contribution  to  Jjotai  is  small 
compared  to  JEiasUc^^^'i  ih^s  sm^l  scale  yielding  is  maintained  and  the  elastic  K  analysis  is 
sufficient. 

A  schematic  of  the  EAC  procedure  is  presented  in  Fig.  2.  The  critical  K  for  the  onset 
(initiation)  of  crack  growth  in  air  or  in  the  solution  was  defined  by  the  first  resolved  nonlineanty 
in  the  load  versus  actuator  displacement  record,  which  was  generally  coincident  with  the  first 
change  in  the  slope  of  the  initially  linear  (but  more  variable)  electrical  potential  versus  load 
record*^*®’***.  This  critical  K  is  a  lower  bound  (Kid)  of  the  standardized  plane  strain  fracture 
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toughness  (Kic)  for  loading  in  moist  and  a  threshold  (Kxh)  for  cracking  in  aggressive 

environments^*^’'*®'.  At  initiation,  the  crack  growth  increment  (Aa)  was  assumed  to  equal  zero, 
subsequent  crack  lengths  and  Aa  were  calculated  utilizing  dcEPD  values  normalized  with  the 
potential  at  the  known  fatigue  precrack  length'**’^*'.  Environmental  effects  on  crack  propagation 
are  indicated  by  the  slope  of  K-Aa  data,  and  by  subcritical  crack  growth  rates  (da/dt)  calculated 
from  measured  crack  length  vs  time. 

Experiments  were  conducted  in  either  moist  air  or  neutral  (pH  8)  0.6M  (3.5  wt%)  aqueous 
NaCl  at  fixed  electrode  potential  and  25°C.  The  central  portion  of  the  edge  cracked  specimen  was 
immersed  continuously  in  a  sealed  1  liter  plexiglass  cell,  and  exposed  to  flowing  (60  ml/min) 
chloride  from  a  23  liter  reservoir.  Environment  control  was  complete;  no  dissimilar  metal 
contacted  the  specimen,  all  tubing  was  teflon,  and  the  electrolyte  was  argon  deaerated.  The 
grounded  specimen  was  maintained  at  constant  electrode  potential  by  a  Wenking  potentiostat  in 
conjunction  with  a  Ag/AgCl  reference  electrode  and  two  platinum  counter  electrodes  located 
adjacent  to  each  side  of  the  specimen  and  about  30  mm  from  the  propagating  crack.  Reference 
and  counter  electrodes  were  isolated  to  minimize  solution  contamination.  Electrode  potentials  are 
reported  with  respect  to  the  saturated  calomel  electrode  (mVscE)- 

RESULTS 

Moist  Air  Fracture  Toughness  (Kici) 

Slow  rising  load  experiments  were  generally  performed  at  a  constant  actuator  displacement 
rate  of  25.4  pm/min  to  obtain  the  moist  air  fracture  toughnesses  of  STA  Ti-15-3  and  STA  Beta- 
21S.  Kjci  values  in  Table  II  are  for  plane  strain  constraint,  based  on  ASTM  Standard  E813' 
and  are  slighfly  less  than  or  equal  to  K,c  from  ASTM  Standard  Fracture  toughness 

is  variable  for  each  alloy,  but  correlates  reasonably  with  varying  yield  strength.  K,ci  generally 
decreases  with  increasing  strength,  and  Beta-2  IS  is  tougher  than  Ti-15-3  at  fixed  ays-  Fracture 
toughness  variability  may  also  be  due  to  subtle  uncertainties  in  defining  the  electrical  potential 
corresponding  to  crack  initiation'*®’'**'.  Crack  tip  plastic  deformation,  microvoid  damage  and 
macrocrack  growth  czui  contribute  to  voltage  increases. 
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Linear  regression  analysis  of  the  limited  data  in  Table  II  support  this  conclusion.  K|q  equals  (131.3  - 
oys)  for  Beta-21S  and  (166.0  -  0.085  Oyg)  for  Ti-15-3.  with  K,c,  in  units  of  MPa/m  and  Oyg  in  MPa  . 


6 


Table  II:  Moist  Air  Fracture  Toughness  ofSTA  ^-Titanium  Alloys 


Alloy 

®YS  (MPa) 

Kiel  (MPa^m) 

Ti-15-3 

1040 

79 

Ti-15-3 

1230** 

59 

Ti-15-3 

1315 

57 

Beta-2  IS 

1285** 

77 

Beta-21S 

1330 

66 

Beta-2  IS 

1425 

68 

**  These  values  were  calculated  from  measured  hardnesses  and  Eq.  1 ,  while  all  other 
oys  values  were  measured  with  tensile  specimens  from  broken  fracture  test-pieces, 
as  summarized  in  Table  I. 


Fracture  in  moist  air  was  predominantly  transgranular  for  both  STA  Ti-15-3  and  STA  Beta- 
21  S,  as  shown  by  the  scanning  electron  microscope  (SEM)  fractographs  in  Fig.  3.  The  fatigue 
crack  is  at  the  top  of  each  fiactograph  and  the  crack  growth  direction  is  from  top  to  bottom.  (All 
ensuing  fractographs  are  in  this  orientation.)  The  fracture  process  zone,  estimated  by  four  to  eight 
blunted  crack  tip  opening  displacements  at  the  crack  initiation  toughness  (or  2  to  4K,ci*/oYsE), 
is  on  the  order  of  60  to  120  pm.  Higher  magnification  microscopy  revealed  microvoided  crack 
surfaces,  with  a  small  areal  fraction  of  intergranular  cracking  and  possible  cleavage  facets  for  each 
alloy,  particularly  Beta-2  IS*’*'. 

Aqueous  Chloride  Environmental  Cracking  Resistance  (K^h) 

Constant  Displacement  Rate  Experiments  STA  Ti-15-3  is  resistant  to  EAC 
during  rising  load,  as  shown  by  the  K-Aa  results  in  Fig.  4.  For  exposure  to  aqueous  chloride  at 
a  fixed  potential  of -600  mVscE»  Kyi,  (at  Aa  =  0)  ranges  from  61  to  64  MPav'm,  independent  of 
actuator  displacement  rates  of  1.3  and  25.4  pm/min,  for  specimen  hardnesses  of  Rc  37.5  and  37.9. 
NaCl  exposure  does  not  decrease  the  crack  initiation  toughness  from  the  measured  moist  air  Kid 
value  of  59  MPa\/m  for  a  Ti-15-3  hardness  of  Rc  39.4  (upper  o-set  in  Fig.  4  and  oys  of  1230 
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MPa  in  Table  II),  or  from  K,ci  of  66  MPaN/m  estimated  through  Eq.  1  and  Footnote  3  for  a 
hardness  of  Rc  37.7  (the  average  Rc  for  •  and  ■  in  Fig.  Resistance  to  stable  crack 

extension  under  plane  strain  constraint,  given  by  a  small  but  finite  slope  (dK/dAa),  is  not 
influenced  by  chloride.  The  difference  in  the  average  slope  of  K  versus  Aa  is  larger  for  the 
replicate  air  experiments  compared  to  the  aqueous  chloride  environmental  effect. 

Loading  in  NaCl  did  not  alter  the  microscopic  fracture  morphology  for  Ti-15-3  compared 
to  cracking  in  moist  air.  A  typical  scanning  electron  fractograph  of  the  crack  initiation  region, 
adjacent  to  the  fatigue  precrack,  is  presented  in  Fig.  5  for  Ti-15-3  in  NaCl.  Equivalent  to  the 
moist  air  fracture,  the  crack  surface  is  mainly  populated  by  transgranular  features  indicative  of 
microvoid-based  cracking,  as  confirmed  by  high  magnification  SEM  observations  (Fig.  5b). 

In  contrast  to  Ti-15-3,  peak  aged  Beta-21S  is  embrittled  by  rising  load  in  NaCl  at  -6(X) 
mVscE>  as  shown  by  the  K-Aa  data  in  Fig.  6.  While  K,ci  is  high  for  moist  air  (66  and  68 
MPa^m,  Table  H,  and  o  in  Fig.  6),  Kxh  ranges  from  39  to  46  MPa\/m  for  STA  Beta-21S  in  NaCl 
at  two  constant  actuator  displacement  rates.  The  macroscopic  crack  growth  resistances  (average 
dK/dAa)  are  similar  for  each  loading  rate  in  NaCl  and  for  each  environment.  The  variability  in 
Kto  for  the  faster  rate  does  not  correlate  with  strength,  since  the  lower  threshold  of  39  MPa\/m 
was  observed  for  the  lower  hardness  specimen*^*^  The  two  values  of  Kth»  39  and  46  MPa\/m, 
may  represent  the  distribution  resulting  from  multiple  environmental  cracking  experiments  with 
an  STA  p-titanium  alloy.  Factors  such  as  experimental  definition  of  crack  growth  initiation,  as 
well  as  differences  in  crack  tip  process  zone  microstructure,  are  likely  to  govern  the  distribution 
of  Kto  values,  as  suggested  by  more  extensive  data  for  Beta-2  Variability  does  not  cloud 

the  conclusion  that  Beta-2  IS  is  susceptible  to  environmental  cracking,  compared  to  the  moist  air 
case.  The  data  in  Fig.  6  show  that  the  two  displacement  rates  were  sufficiently  high  to  offset 
stress  intensity  reductions  due  to  increasing  specimen  compliance  and  declining  load  during 
environmental  crack  growth.  The  constant  actuator  displacement  rate  EAC  experiments  were 
generally  of  the  increasing-K  type,  at  least  during  the  first  2  mm  of  crack  extension. 

Aqueous  NaCl  caused  a  dramatic  fracture  mode  transition  in  STA  Beta-2  IS.  Compared 
to  transgranular  microvoid-based  fracture  for  Beta-21S  in  moist  air  (Fig.  3b),  Fig.  7  shows  that 
EAC  in  chloride  is  essentially  intergranular,  with  limited  evidence  of  transgranular  ductile 
fracture.  The  initial  stage  of  EAC,  within  25  pm  of  the  fatigue  crack  (top  of  Fig.  7),  involved 
some  transgranular  cracking,  similar  to  that  observed  for  moist  air,  while  boundary  cracking 
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initiated  immediately  adjacent  to  the  fatigue  crack  tip  in  other  grains.  Presumably,  this 
distribution  of  modes  is  related  to  the  location  of  the  fatigue  crack  within  the  30  to  100  grains 
along  the  crack  front.  Fatigue  precracking  at  a  loading  frequency  of  5  Hz  and  in  aqueous  NaCl 
did  not  produce  intergranular  cracking,  as  shown  in  Fig.  7^’^^  The  transition  from  transgranular 
ductile  fracture  for  air  to  intergranular  cracking  was  observed  for  each  specimen  fractured  in  NaCl 
and  is  consistent  with  the  environmental  effect  on  crack  initiation  resistance  (Fig.  6). 

The  macroscopic  crack  paths  and  causal  fracture  mechanisms  are  markedly  different  for 
STA  Beta-21S  in  moist  air  and  NaCl,  however,  dK/dAa  are  similar.  The  resistance  to  stable 
tearing  in  benign  environments  (dK/dAa)  is  determined  by  rate  independent  intrinsic  material 
properties,  including  the  process  zone  fracture  strain  and  plastic  flow  properties*^^^  In  contrast 
dK/dAa  during  EAC  is  governed  by  the  rate  of  environmental  crack  advance,  which  depends  on 
alloy  cracking  resistance  and  environment  chemistry,  coupled  with  the  applied  crack  mouth 
opening  displacement  rate  and  specimen  compliance.  Intuitively,  the  crack  growth  resistance 
slope  should  be  less,  or  even  negative,  for  EAC  compared  to  the  typical  moist  air  R-curve,  and 
could  approach  this  latter  value  at  rapid  loading  rates.  This  difference  may  be  negligible  for  Beta- 
21S  (Fig.  6)  because  the  crack  growth  resistance  is  small  for  the  plane  strain  moist  air  case. 

This  study  emphasized  K^  at  the  onset  of  environmental  cracking,  however,  average  rates 
of  intergranular  EAC  (da/dt)  were  estimated.  As  indicated  by  the  K-Aa  data  in  Fig.  6,  subcritical 
crack  growth  occurred  in  STA  Beta-2  IS  due  to  NaCl  exposure  and  at  K  levels  well  below  K|ci. 
For  an  experiment  at  an  actuator  displacement  rate  of  25.4  pm/min,  intergranular  EAC  initiated 
at  a  Kth  of  39  MPa\/m  and  after  1220  seconds  of  steadily  rising  load;  2.0  mm  of  stable  crack 
growth  then  occurred  in  180  seconds,  for  an  average  crack  growth  rate  of  about  10  pm/sec.  (K 
increased  from  39  to  50  MPaVm  during  this  amount  of  EAC  at  increasing  load  line  displacement.) 
For  the  slower  loading  rate  experiment  in  Fig.  6,  intergranular  EAC  initiated  at  a  K^h  of  46 
MPa/m,  after  4.8  hours  of  loading;  subsequently,  2.0  mm  of  stable  crack  growth  occurred  in 
1800  seconds,  for  an  average  da/dt  of  1  pm/sec.  (K  increased  from  46  to  57  MPa\/m  during  this 
amount  of  EAC.)  Cracking  at  this  slower  loading  rate  involved  two  periods  of  substantially  faster 
crack  extension,  each  3(X)  pm  long,  at  K  levels  between  K^h  and  K|Ci,  as  suggested  by  the 
groupings  of  data  points  in  Fig.  6.  Presumably,  the  1  pm/sec  average  growth  rate  is  constituted 
by  alternating  periods  of  substantially  slower  and  faster  environmental  cracking.  The  fast  and 
slow  rates  were  not  measured.  Work  is  required  to  better  resolve  the  relationship  between  da/dt. 
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K,  Aa  and  loading  compliance  during  a  rising  displacement  experiment  with  p -titanium  alloys  in 
chloride,* 

Static  Load  Results  Fatigue  precracked  specimens  of  STA  Ti-15-3  and  STA  Beta- 
21S  were  loaded  statically  during  immersion  in  NaCl  at  -600  mVscE*  These  experiments  were 
performed  at  several  constant  K  levels  (35,  45,  55  and  60  MPa\/m)  for  24  hour  intervals,  while 
crack  length  was  monitored  continuously  by  dcEPD.  Crack  growth  rate  resolution  over  a  24  hour 
period  was  3  x  10'^  pm/sec.  This  exposure,  while  short  compared  to  classic  stress  corrosion 
cracking  experiments,  is  longer  than  the  durations  of  the  slow  displacement  rate  experiments 
represented  in  Figs.  4  and  6  which  required  0.5  or  10  hours  for  the  two  loading  rates. 
Additionally,  a  24  hour  hold-time  was  reported  to  produce  17  meters  of  crack  advance  in  EAC- 
sensitive  STA  Ti-12Mo-6Zr-3Sn  in  aqueous  NaCl  at  about  -600  mVscE 

Static  loading  for  24  hours  did  not  cause  resolvable  environmental  crack  growth  for  either 
STA  Ti-15-3  or  Beta-21S  in  NaCl.  In  one  instance  NaCl-enhanced  subcritical  crack  growth  was 
produced  in  Beta-2  IS,  but  only  after  94  hours  at  a  K  level  of  60  MPav^m.  The  average  crack 
growth  rate  increased  from  about  lO"^  pm/sec  to  20  pm/sec  with  time  and  crack  length  (from  20.2 
mm  to  22.2  mm)  at  this  constant  applied  K. 

Effect  of  Applied  Electrode  Potential  The  effect  of  applied  electrode  potential 
on  EAC  in  the  STA  Ti-15-3  and  Beta-21S/NaCl  systems  was  investigated.  In  addition  to  -600 
mVscE,  applied  potentials  of -150  mVscE  and  -1000  mVscE  were  employed  in  conjunction  with 
the  rising  load  method.  The  free  corrosion  potential  of  these  two  p-titanium  alloys  in  the 
deaerated  neutral  0.6M  NaCl  was  measured  to  equal  between  -400  and  -600  mVscE-^ 

Peak  aged  Ti-15-3  was  not  susceptible  to  EAC  in  aqueous  3.5%  NaCl  at  any  of  the  applied 
electrode  potentials  and  a  constant  actuator  displacement  rate  of  1.3  pm/min.  Kxh  values  were 
as  follows:  66  MPa/m  for  -150  mVscE  (Pc  37.0),  61  MPa^m  for  -600  mVscE  (Pc  37.9),  and 


*  The  distances  of  fast  crack  growth  and  average  da/dt  values  are  based  on  the  assumption  of  xmiform  crack 
advance  along  the  crack  front,  as  required  to  analyze  the  dcEPD  voltages 

^  Immersed  in  aerated  neutral  0.6  M  NaCl,  Ti-15-3  exhibited  a  free  corrosion  potential  of  -400  mVgcE 
a  passive  currait  daisity  of  0.5  pA/cm^.  These  values  were  -300  mVscE®**4  0.5  pA/cm  for  Beta-21S.  No 
active-passive  transitions  were  observed  because  each  alloy  was  spontaneously  passive  in  near-neutral 
chloride  solution  at  25“C.  The  pitting  potential  for  each  alloy  in  this  chloride  solution  was  well  above 

-t-lPOOmYscE'^’’^”’. 
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greater  than  65  MPav'm  for  -1000  mVscE  (^c  36.8).*  Measured  Kid  equals  between  57  and  59 
MPa\/m  for  the  Rc  39  to  40  hardness  of  Ti-15-3  in  moist  air,  Fig.  4.  Estimated  K,d  equals  65 
MPa\/m  for  the  Rc  37.9  hardness  of  Ti-15-3  and  69  MPav'm  for  the  Rc  36.8  case.  For  each 
electrode  potential,  the  crack  surface  was  transgranular,  typical  of  that  shown  in  Fig.  5  and 
indicative  of  ductile  fracture  without  a  chloride  environmental  effect. 

Peak  aged  Beta-21S  exhibited  EAC  at  -150  mV^cE  -600  mVscE)>  -lOOO 

mVscE»  ^  shown  by  the  constant  displacement  rate  (25.4  pm/min)  K-Aa  data  in  Fig.  8.  Although 
Kxh  was  reduced  significantly  at  -150  mVscE.  crack  growth  resistance  (given  by  dK/dAa)  was 
relatively  high,  perhaps  indicating  that  average  da/dt  was  low  compared  cracking  at  the  more 
active  potential.  The  microscopic  fracture  mode  for  the  -150  mV^cE  case  supports  environmental 
embrittlement;  as  shown  in  Fig.  9a,  this  chloride  mode  consisted  of  intergranular  cracking  joined 
by  limited  ductile  tearing  and  with  some  transgranular  cracking  adjacent  to  segments  of  the  initial 
fatigue  crack.  These  features  are  similar  to  those  observed  for  the  Beta-2  IS  crack  surface 
produced  in  NaCl  at  -600  mVscE  (Fig-  6),  a  condition  that  also  promoted  EAC.  In  contrast 
NaCl  with  an  applied  electrode  potential  of  -1000  mVjcE  ^i*^  ''d  degrade  fracture  resistance 
relative  to  the  behavior  of  Beta-21S  in  moist  air.  K^h  for  this  case  equals  Kid  ^or  Beta-21S,  and 
the  NaCl/cathodic  polarization  cracking  mechanism  is  transgranular  microvoid  coalescence  (Fig. 
9b)  similar  to  that  observed  for  moist  air  (Fig.  3b). 

DISCUSSION 

Moist  Air  Fracture  Toughness  of  STA  p-Titanium  Alloys 

The  moist  air  fracture  toughnesses  of  STA  Ti-15-3  (Kid  “  57  to  59  MPav'm  for  oyg  = 
1230  to  1315  MPa;  Table  H  and  Footnote  3)  and  STA  Beta-21S  (Kid  =  66  to  68  MPav'm  for  oyg 
=  1330  to  1425  MPa)  are  comparable  to  values  reported  for  p-titanium  alloys  at  similar  high  yield 
strengths'^’’’*'^'*^  This  result  validates  the  accuracy  of  the  rising  load  experiment.  Both  Ti-15-3 
and  Beta-21S  cracked  by  microvoid-based  processes  for  the  moist  air  case,  however,  each  fracture 
morphology  is  complex  because  of  the  underlying  two  phase  microstructure. 

STA  Beta-21S  is  tougher  than  Ti-15-3  at  constant  oys,  in  spite  of  some  grain  boundary 
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A  data  acquisition  system  failure  preempted  the  conclusion  of  the  experiment  at  -1000  mV^cE*  however, 
stable  crack  growth  had  not  initiated  at  an  applied  K  of  65  MPa\/m. 
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participation  in  ductile  fracture.  The  microstructural  origins  of  improved  Kjci  are  not  fully 
understood.  For  example,  grain  boundaries  in  the  Beta-21S  under  study  were  preferred  nucleation 
sites  for  large  colonies  of  a  plates,  as  discussed  in  an  ensuing  section.  A  similar  surprising  result 
was  reported  for  Ti-15-3,  where  large  heterogeneous  grain  boundary  a  precipitates  correlated  with 
increased  fracture  toughness  compared  to  a  more  homogeneous  a -microstructure*  ^  Other 
factors  can  affect  the  fracture  toughness  of  these  STA  p-Ti  alloys.  Locally  intense  planar  slip  and 
a  1  to  10  pm  thick  grain  boundary  a  "film"  degrade  Kic  due  to  strain  localization  in  the  a  phase, 
or  in  the  softer  precipitate-free  p  phase,  relative  to  adjacent  a -precipitation  hardened  p,  as  well 
as  due  to  preferred  microvoid  nucleation  at  a/p  interfaces*^’^*  Since  STA  Beta-21S  may  be 
more  prone  to  locally  intense  slip  compared  to  Ti-15-3  (see  an  ensuing  section)*’®*,  decreased  Kid 
is  expected;  therefore,  the  observed  toughness  increase  for  Beta-21S  does  not  correlate  with  a 
deleterious  effect  of  slip  localization.  A  0.1  to  0.4  pm  thick  layer  of  grain  boundary  o  was 
observed  for  both  STA  Beta-21S  and  Ti-15-3.  Additional  factors  such  as  the  size,  distribution, 
and  strength  of  a  and  p;  solute  (e.g.,  aluminum  and  oxygen)  partitioning  to  each  phase;  and 
inclusion  content  may  affect  initiation  fracture  toughness. 

Environmental  Cracking  of  STA  p-Titanium  Alloys 

EAC  Behavior  Compared  to  Other  Alloys  The  results  in  Figs.  4  and  6 

through  8  show  that  STA  Ti-15-3  resists  environmental  cracking  in  aqueous  NaCl,  however,  peak 
aged  Beta-2  IS  is  susceptible  to  severe  intergranular  EAC  at  electrode  potentials  near  the  free 
corrosion  level.  There  are  no  precracked  specimen  fracture  mechanics  data  in  the  literature  for 
modem  p-titanium  alloys  exposed  to  chloride,  particularly  under  actively  rising  load**’*’"*’’^’’'***. 
Recent  data  indicate  that  Kyn  for  Ti-15-3  in  aqueous  chloride  equals  K,ci,*^'‘*  analogous  to  the 
results  in  Fig.  4.  In  contrast  Gagg  and  Toloui  reported  that  smooth  specimens  of  STA  Ti-15-3 
suffered  chloride  cracking,  and  Bavarian  et  al.  reported  that  STA  Beta-2  IS  was  immune  to  EAC 
under  similar  conditions  (limited  intergranular  corrosion  fatigue  crack  initiation  was 
observed)*’ These  results  demonstrate  that  EAC  in  STA  p-titanium  alloys  occurs  only  within 
windows  of  many  variables  including  electrode  potential,  an  occluded  crack  tip,  crack  tip  strain 
rate,  yield  strength,  and  alloy  composition  or  processing-based  microstmcture.  That  smooth 
specimens  of  Beta-21S  are  immune,  but  precracked  and  dynamically  loaded  specimens  are  prone 
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to  EAC,  is  consistent  with  the  well-known  behavior  of  a/p  alloys  such  as  Ti-6A1-4V  in 
chloride'**’^’^  The  EAC  susceptibility  of  STA  Ti-15-3,  without  an  existing  crack,  could  be  due 
to  a  microstructural  effect,  as  discussed  in  an  ensuing  section. 

Table  m  compares  the  severity  of  EAC  in  p  and  a/p  titanium  alloys  to  that  in  quenched 
and  tempered  martensitic  alloy  steels,  for  similar  strength  levels  and  aqueous  NaCl  at  -600  mVscE* 
For  high  Oys  (1300  MPa),  the  EAC  resistance  of  p  Ti-15-3  is  superior  to  that  of  a  typical 
martensitic  steel  such  as  AISI  4340.  Intergranular  EAC  in  STA  Beta-21S  occurs  at  K^h  levels 
somewhat  above  typical  values  for  high  strength  steels  such  as  4340  at  similar  high  strengths.  The 
oys-Kxh  properties  of  STA  Ti-15-3  exceed  the  performance  of  mill  annealed  Ti-8-1-1; 
thermomechanical  processing  of  this  and  other  a/p  alloys  will  not  generally  produce  the  high 
strengths  achievable  with  STA  p -titanium  alloys,  but  can  improve  Kiscc*^*^-  HY130  steel  is 
resistant  to  chloride  EAC,  by  virtue  of  relatively  low  yield  strength  compared  to  4340^^*^  and 
intrinsically  compared  to  the  a/p  Ti  alloy  at  a  similar  modest  oyg  of  850  to  1000  MPa.  K^h 
results  have  not  been  reported  for  solution  treated,  single  phase  p-titanium  alloys  in  aqueous 
chloride;  since  such  alloys  exhibit  strengths  similar  to  HY130  steel,  high  EAC  resistance  is 
expected  unless  slip  localization^^®’^^  or  active  crack  tip  plastic  strain***^  prove  to  be  detrimental. 


Table  III:  Fracture  Resistance  of  High  Strength  Titanium  Alloys  and  Martensitic  Steels 


Ti-15-3 

(STA) 

Beta-21  S 
(STA) 

Ti-8Al-lMo-lV 
(Mill  Anneal)'**’ 

HY130  Steel 
(Quench/Temper) 

AISI  4340  Steel'“’ 
(Quench/Temper) 

°YS  (MPa) 

1300 

1330 

850 

1025 

1350 

Kic  or  Kici 
(MPa^m) 

59 

66 

120 

110* 

90  to  100 

Kth  or  Kiscc 
(MPa^/m) 

61  to  64 

39  to  46 

35 

70* 

25 

(12  to  38) 

*  Measured  by  the  methods  employed  in  this  study,  but  for  either  moist  air  or  3.5%  NaCl  at  -1000 
mVscE-  Kth  is  between  70  and  120  MPa/m  for  HY130  steel  in  chloride  at  -600  mVscE***'- 


Hydrogen  Environment  Embrittlement  Mechanism  Our  working  hypothesis  is 
that  EAC  in  the  p -titanium/25  °C  aqueous  chloride  system  is  caused  by  crack  tip  hydrogen 
production,  uptake,  and  process  zone  embrittlement;  the  so-called  hydrogen  environment 
embrittlement  (HEE)  mechanism**®’**’^®’^^'**’.  ■  For  Ti  alloys,  the  elements  of  HEE  include:  (1) 
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anodic  dissolution  of  Ti  and  alloying  elements  to  produce  hydrolyzable  cations  which  lower  the 
crack  tip  solution  pH,  (2)  dissolution-coupled  hydrogen  ion  and  water  reduction  on  strain-bared 
Ti,  (3)  transient  crack  tip  repassivation  to  reduce  cathodic  hydrogen  production  and  to  form  a 
barrier  film  to  atomic  hydrogen  (H)  uptake,  (4)  film  rupture  by  crack  tip  strain,  (5)  H  transport 
within  the  crack  tip  process  zone,  by  bulk  diffusion  and  possibly  grain  boundary/dislocation  pipe 
diffusion  or  mobile  dislocation  transport,  (6)  H  partitioning  to  microstructural  trap  sites,  and  (7) 
process  zone  embrittlement,  possibly  involving  titanium  hydride  formation  in  either  the  a  or  p 
phases,  interface  or  lattice  plane  decohesion,  as  well  as  H-enhanced  localized  plasticity.  The 
observation  that  cathodic  polarization  eliminated  EAC  (Fig.  8)  does  not  preclude  HEE  because 
of  the  complex  effect  of  applied  potential  on  occluded  crack  chemistry,  and  the  dependence  of 
crack  tip  H  production  and  uptake  on  this  chemistry.  It  is  not  possible  to  rule-out  (or  prove) 
HEE,  based  on  the  effect  of  applied  electrode  potential,  without  considering  the  crack 
electrochemistry  issues  amplified  in  an  ensuing  section*^’^ 

Effect  of  fi-titanium  Microstructure  on  EAC  It  is  important  to  determine  the 
conditions  which  promote  intergranular  environmental  cracking  in  peak  aged  Beta-2  IS, 
particularly  the  effects  of  yield  strength  and  a-phase  distribution  in  the  p  matrix. 

Effect  of  Yield  Stremth  on  EAC:  STA  Beta-2  IS  is  stronger  than  STA  Ti-15-3,  with  Rc 
varying  between  41  and  45  for  edge  cracked  specimens  of  the  former  (Figs.  6  and  8)  compared 
to  between  36  and  38  for  Ti-15-3  (Fig.  4).  While  K™  decreases  strongly  with  increasing  oys  for 
martensitic  steels  in  NaCl^^*^,  the  data  in  Fig.  6  suggest  similar  K^h  for  Beta-21S  at  hardness 
levels  of  Rc  41  and  45  (a^  of  1283  and  1417  MPa  from  Eq.  1).  Solution  treated  (816°C  for  30 
minutes)  specimens  of  Ti-15-3  were  aged  at  510°C  for  14  hours  to  produce  higher  hardness  (Rc 
41  to  42)  compared  to  the  standard  (538'’C,  8  hr)  age.  The  moist  air  Kjci  for  higher  strength  Ti- 
15-3  was  57.1  MPa\/m,  while  for  slow  displacement  rate  (25.4  pm/min)  loading  in  NaCl 
(-600  mVscE)  equalled  50.7  MPa/m.  The  corresponding  fracture  modes  were  transgranular- 
dimpled  for  both  air  and  NaCl  exposures,  with  a  small  amount  of  intergranular  cracking  for  the 
latter.  These  results  indicate  that  the  EAC  resistance  of  Ti-15-3  may  decrease  with  increasing  oyg; 
this  trend  should  be  defined  systematically  for  a  wider  range  of  strengths.  This  modest  decline 
in  Kth  with  increasing  oys  is  not,  however,  sufficient  to  explain  the  intergranular  EAC  sensitivity 


of  Beta-2  IS. 
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Effect  of  Solution  Treatment  Conditions  on  Microstructure:  Optical  microscopy,  SEM 
and  TEM  of  each  alloy  in  the  under’  and  peak  aged  conditions  revealed  extensive  a  precipitation 
at  most  p  grain  boundaries  in  Beta-21S,  but  not  in  Ti-15-3.  This  behavior  is  detailed  by  the  under 
aged  microstructures  presented  in  parts  a  and  c  of  Figs.  10  (optical)  and  1 1  (SEM).  For  Ti-15-3 
(Figs.  10a  and  11a),  relatively  homogeneous  a  precipitation  occurred  within  p  grains  after  the 
short  under  aging  time;  large  a  plates  only  infrequently  nucleated  on  or  adjacent  to  p  grain 
boundaries.  For  under  aged  Beta-21S,  a  large  amount  of  a  initially  nucleated  on  or  very  near  to 
p  grain  boundaries,  and  grew  in  a  colony  morphology  toward  grain  interiors  (Figs.  10c  and  1  Ic). 
Intragranular  «  precipitation  was  limited  for  under  aged  Beta-2  IS.  While  considerably  more 
difficult  to  discern,  peak  aged  Ti-15-3  exhibits  homogeneously  distributed  a  plates  within  p 
grains.  Fig.  lb,  with  only  occasional  grain  boundary  a  colonies  (Fig.  lb).  In  contrast  STA  Beta- 
2 IS  exhibits  intragranular  a  plates  and  extensive  coarse  grain  boundary  a  colonies^**^*.  These 
peak  aged  microstructures  are  consistent  with  the  likely  further  evolution  of  the  structures  shown 
in  Figs.  10  and  11.  Extensive  grain  boundary  a  colonies  should  not  form  in  Ti-15-3,  during 
longer  time  aging,  given  the  extensive  intragranular  precipitation  at  short  aging  times. 

Beta  grain  boundary  microstructures  are  amplified  by  the  TEM  results  in  Fig.  12. 
Boundaries  in  under  aged  Ti-15-3  contain  a  0.1  pm  thick  layer  of  a  (Fig.  12a).  This  o  does  not 
grow  substantially  during  additional  aging  to  peak  strength  (Fig.  12b).  The  micrograph  in  Fig. 
12c  for  STA  Beta-21S  shows  that  an  a  layer  is  present  at  p  grain  boundaries,  analogous  to  Ti-15- 
3,  and  further  suggests  that  colony  a  nucleates  from  this  boundary  a  layer,  a  plates  near  grain 
boundaries  in  Ti-15-3  appear  at  angles  typical  of  a  crystallographic  relationship  with  the  p  matrix 
(Fig.  12b).  Colony  a  in  Beta-2  IS  does  not  have  this  appearance,  as  shown  in  Fig.  12c;  rather 
traces  of  a-plates  appear  approximately  normal  to  the  grain  boundary  and  extend  into  each  grain 
as  shown  in  Fig.  lOc.  Colony-a  has  not  been  reported  widely,  however,  there  is  precedent  for 
this  microstructure^^^^ 

Homogeneous  intragranular  a  precipitation  in  p -titanium  alloys  should  be  promoted  by 
several  factors,  including  dislocation  sites  typical  of  partial  recovery  and  recrystallization  during 
hot  working  and  solution  treatment,  post-solution  treatment  cold  work,  a  supersaturation  of 
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Specim^  of  solution  treated  Ti-15-3  and  Beta-2IS  were  under  aged  at  538“C  for  1  hour  to  clarify  the  initial 
stage  of  a  precipitation. 


15 


vacancies  quenched  from  solution  temperatures,  lower  aging  temperatures,  as  well  as  by  precursor 
0)  or  p’  precipitates'^’’’^’*‘*’*^’^^’“’“^  Athermal  or  "isothermal"  w,  from  cooling  after  solution 
treatmentf*^’*'*’’^^,  were  not  observed  by  X-ray  diffraction  and  TEM  of  either  solution  treated  or 
STA  Beta-21S  and  Ti-15-3.  Since  a  higher  concentration  of  quenched  vacancies  is  expected  for 
ST  Beta-21S,  due  to  the  higher  solution  treatment  temperature  compared  to  Ti-15-3,  the  vacancy 
explanation  does  not  explain  the  occurrence  of  boundary  a-colonies  in  Beta-21S.  Moreover, 
vacancies  promoted  intragranular  a  precipitation  at  low  aging  temperatures,  but  were  not 
influential  at  the  higher  level  (538°C)  employed  in  the  current  work'**^ 

It  is  reasonable  to  hypothesize  that  the  difference  in  solution  treatment  conditions,  8  hours 
at  87rC  for  Beta-21S  compared  to  30  minutes  at  816°C  for  Ti-15-3,  causes  grain  boundary  a- 
colony  precipitation  for  the  former  alloy  by  a  mechanism  other  than  vacancies.  As-received  Ti- 
15-3  was  resolutionized  at  either  1038°C  for  2  hr**''^  or  950°C  for  12  hr'^®l  Metallographic 
analyses  summarized  in  Figs.  10b  and  11b  reveal  a-colony  precipitation  at  Ti-15-3  grain 
boundaries,  for  both  solution  treatments  followed  by  under  aging,  similar  to  Beta-21S.  These 
experiments  confirm  the  importance  of  high  solution  treatment  temperatures  and  longer  times  in 
promoting  grain  boundary  a-colony  precipitation.  This  effect  may  be  explained  by  heterogeneous 
a  nucleation  at  dislocation  substructure  in  preference  to  grain  boundary  sites.  Higher  solution 
treatment  temperatures  and  longer  times  could  fevor  recovery  and  recrystallization  of  intragranular 
dislocation  sites,  and  thus  promote  heterogeneous  a  nucleation  to  grain  boundaries.  Substructure 
that  survives  at  lower  solution  treatment  temperatures  could  cause  a  precipitation  within  grains. 

Effect  of  Solution  Treatment  and  Microstructure  on  EAC:  The  current  results 

suggest  the  hypothesis  that  the  contrasting  chloride  EAC  resistance  of  STA  Ti-15-3  vs  the 
susceptibility  of  STA  Beta-2  IS  may  be  traced  to  either  microstructural  or  slip  mode  differences 
derived  from  variations  in  thermomechanical  processing  and  solution  heat  treatment.  This  idea 
is  supported  by  the  experimental  observation  that  resolution  treated  and  peak  aged  Ti-15-3  (RSTA: 
1038°C  for  2  hr  plus  538°C  for  8  hr)  is  susceptible  to  EAC  in  NaCl,  as  demonstrated  in  Figs.  13 
and  14.  The  moist  air  Kid  for  *e  RSTA  case  is  higher  (74  MPa/m  in  Fig.  13)  than  that  for 
short-time  low  temperature  STA  Ti-15-3  (57  to  59  MPa\/m  in  Fig.  4)  at  constant  yield  strength 
(Rc  39  ±_  1).  This  result  parallels  the  higher  moist  air  fracture  toughness  of  STA  Beta-21S, 
including  the  point  that  fracture  involved  some  grain  boundary  cracking.  Kjh  for  RSTA  Ti-15-3 
in  NaCl  (64  MPa^m)  is  less  than  K,ci  (74  MPa^m),  in  contrast  to  essentially  equal  K^h  and  K,d 
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for  low  temperature  STA  Ti-15-3  (Fig.  4).  As  shown  in  Fig.  14,  EAC  of  RSTA  Ti-15-3  is  more 
intergranular  compared  to  both  transgranular  cracking  of  the  lower  temperature  solution  treatment 
condition  in  NaCl  (Fig.  5),  and  transgranular/intergranular  cracking  of  RSTA  Ti-15-3  in  air. 
STA  Beta-21S  is  more  severely  embrittled  by  NaCl  compared  to  RSTA  Ti-15-3. 

It  is  reasonable  to  speculate  that  intergranular  EAC  in  Beta-21S  and  RSTA  Ti-15-3 
correlates  with  grain  boundary  a  colonies,  given  the  metallographic  results  in  Figs.  10  through 
12.  Since  both  Beta-21S  and  Ti-15-3  exhibit  a  similar  0.1  pm  thick  layer  of  boundary  «  (which 
could  hydride  due  to  the  low  solubility  of  H  in  this  phase  relative  to  this  feature  does 

not  explain  the  observed  difference  in  EAC  resistance.  There  is  no  evidence  that  a  hydride  phase 
formed  throughout  the  a  colonies,  present  on  most  grain  boundaries  in  STA  Beta-21S  and  RSTA 
Ti-15-3^**^  The  intergranular  facets  shown  in  Fig.  7  seem  to  be  free  of  the  microscopic  detail 
which  would  be  expected  if  EAC  progressed  though  hydrided  a  colonies.  An  explanation  for  the 
lack  of  hydrided  grain  boundary  a  is  that  this  phase  contains  high  Al,  partitioned  from  the  p 
phase.  Hydriding  is  suppressed  in  Ti-Al  binary  alloys^^^^ 

Pound  employed  an  electrochemical  potentiostatic  pulsing  technique  to  conclude  that  the 
apparent  irreversible  hydrogen  trapping  constant,  and  hence  the  capability  (trap  density  plus  size) 
of  irreversible  H  trap  sites,  are  higher  in  STA  Beta-2  IS  compared  to  equal  levels  for  both  ST  and 
STA  Ti-15-3^**’*^^*®  He  speculated  that  hydrogen  was  trapped  irreyersibly  at  a/p  interfaces 
associated  with  the  a -colony  microstructure,  and  that  H  localization  by  trapping  explains  severe 
intergranular  EAC  in  STA  Beta-2  IS.  It  is  plausible  that  an  increased  hydrogen  concentration  at 
interfaces  which  are  demonstrated  brittle  crack  paths  (Fig.  7)  can  lead  to  increased  EAC 
susceptibility  through  the  HEE  mechanism.  Hydrogen  trapping  at  o/p  interfaces  in  STA  p- 
titanium  alloys  could  result  from  misfit  strain,  and  depend  on  the  compositions  of  the  o  and  p 
phases  through  changes  in  the  lattice  parameter  of  each^^^  Alternately,  a -colony  interfaces  could 
be  incoherent  and  disordered,  particularly  if  not  crystallographically  related  to  the  p  matrix  such 
as  at  a  plate  ends,  and  hence  form  irreversible  H  trap  sites^**^ 

The  correlation  between  grain  boundary  a-colonies,  H  trapping  and  intergranular  EAC 
susceptibility  in  STA  Beta-21S,  RSTA  Ti-15-3,  and  other  p-titanium  alloys  is  useful,  but 


10 


Pound  studied  as-heat  treated  specimens  of  Beta-21S  and  Ti-15-3  that  were  provided  from  the  current 
research. 
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speculative  and  premature^**’*^'.  H  trapping  is  but  one  element  in  a  complex  cracking  sequence 
that  depends  on  hydrogen  production  and  entry,  microstructural,  and  micromechanical  factors. 
The  detailed  elements  of  the  HEE  sequence  are  uncertain  for  p -titanium  alloys,  and  it  is  necessary 
to  define  the  precise  crack  path  through  p  grain  boundaries  with  adjacent  a  colonies.  For 
example,  colony  a  may  be  hard  and  prone  to  HEE  due  to  partitioned  aluminum  in  ordered  solid 
solution  or  causing  Ti^Al  precipitation  analogous  to  a/p  titanium  alloys*^”’^  ^  Both  the  trapped 
hydrogen  content  and  normal  stresses  (on)  local  to  connected  interfaces  are  important  in  governing 
H-failure^^*’**l  The  level  of  localized  hydrogen  necessary  for  interface  cracking  should  decrease 
with  increasing  suggesting  that  a  trapping-only  explanation  is  inadequate.  Plastic  deformation 
could  localize  in  softer  adjacent  but  aluminum  hardened  a-colonies  could  constrain  this 

deformation  and  promote  high  stresses  normal  to  the  a/p  boundary.  It  is  equally  reasonable  to 
speculate  that  EAC  is  affected  by  locally  intense  planar  slip,  interacting  with  trapped  H,  and 
governed  by  heat  treatment  and  microstructure.  Since  plastically  deformed  microstructures  were 
not  examined  in  the  H  trapping  study  (see  footnote  there  is  no  information  on  the 

characteristics  and  importance  of  traps  associated  with  dislocation  structures,  including  locally 
planar  slip  and  microvoids  at  slip-band  intersections. 

An  important  role  of  slip  mode  in  EAC  is  suggested  by  the  observation  that  solution  treated 

Beta-2  IS  was  more  suscq)tible  to  embrittlement  by  internally  predissolved  H  compared  to  ST  Ti- 

15-3,  in  the  absence  of  a  and  associated  hydrogen  trap  sites'*®’’*’.  High  temperature-resolution 

treated  Ti-15-3  (without  aging)  was  similarly  susceptible  to  embrittlement  by  predissolved 

hydrogen  without  a  precipitates.  High  temperature-long  time  solution  treated,  single  phase  Beta- 

21S  (87rC  for  8  hr)  and  Ti-15-3  (950'’C  for  12  hr)  each  deform  by  localized  planar  slip”®’  **’*’’. 

In  contrast  low  temperature-short  time  ST  Ti-15-3  deforms  by  both  localized-planar  and  localized 
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but  irregular  (wavy)  slip,  and  was  not  susceptible  to  internal  hydrogen  embrittlement. 

While  the  solution  treatment  time-temperature  effect  on  slip  mode  in  single  phase  p  is 


*  *  For  exan^le,  the  correlation  between  H-trapping  capacity  and  EAC  was  claimed  for  an  alloy  steel  where  the 
irreversible  hydrogen  trap  site  was  identified  as  widely  spaced  MnS  inclusions'*’’.  For  this  case,  the 
aivironm^tal  crack  path  was  along  prior  austenite  grain  teundaries  and  did  not  generally  intersect  the  MnS 
trap  sites,  suggesting  that  the  correlation  is  fortuitous  and  indicating  the  need  for  a  broader  view  that  couples 
trapping  with  the  micromechanics  of  H  cracking. 

It  is  also  possible  that  these  solution  treatment  conditions  produced  varying  sites  for  irreversible  H  trapping, 
and  hence  varying  susceptibilities  to  hydrogen  embrittlement,  unrelated  to  deformation  mode'* 
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clear,  the  causal  mechanism  and  the  effect  of  a  precipitation  on  this  deformation  mode  in  STA 
alloys  were  not  determined'*®’  Slip  may  be  even  more  intensely  planar  in  STA  Beta-21S 

compared  to  standard  STA  Ti-15-3.  Okada  et  al.  report  that  slip  localization  in  the  p  matrix  of 
Ti-15-3  is  enhanced  by  colonies  of  shearable  fine  a  plates  compared  to  slip  homogenization  from 
large  intragranular  o  plates  in  multiple  orientations'^®^  TEM  showed  that  intragranular  o  in  low 
temperature-short  time  solution  treated  then  peak  aged  Ti-15-3  and  Beta-21S  was  similarly  of  the 
Burger’s  orientation  (viz.,  (llO)p  //  (0001).  and  [lll]p  //  [11-20].).  This  phase  was  somewhat 
larger  in  STA  Ti-15-3,  due  to  earlier  nucleation  during  peak  aging,  and  could  further  homogenize 
slip.  In  contrast  grain  boundary  a  colonies  could  intensify  localized  slip  for  STA  Beta-2  IS  (and 
in  high  temperature  long-time  ST  Ti-15-3)  if  colony  a  plates  are  aligned  crystallographically  to 
favor  easy  passage  of  slip'’®'. 

The  microstructural  factor  which  affects  EAC  in  STA  p-titanium  alloys  could,  therefore, 
be  locally  intense  planar  slip  as  reported  for  a  variety  of  aluminum'’*'  and  a/p  titanium'’’*'**' 
alloys.  Beta  composition,  the  a-colony  structure,  and  perhaps  high  aluminum  in  this  a  could 
favor  localized  slip  which  would  intersect  p  grain  boundaries.  Such  slip  could  promote  H 
transport  from  the  crack  tip  surface,  H  trapping  at  deformation  induced  interfacial  defects  (e.g., 
microvoids  at  grain  boundtuies  or  slip  band  intersections),  and  local  stress/strain  concentration; 
all  of  which  could  contribute  to  increased  HEE.  These  factors  must  be  considered  in  concert  with 
irreversible  trapping  at  colony-a/p  interfaces,  as  well  as  with  the  micromechanics  of  process  zone 
H-damage,  in  order  to  fully  understand  intergranular  EAC  in  p-titanium  alloys. 

If  colony-a  is  proven  to  be  an  important  factor  in  the  intergranular  EAC  of  p-titanium 
alloys  such  as  Beta-2  IS,  then  processing  could  mitigate  such  cracking  by  homogenizing  the 
distribution  of  a  precipitates.  Either  cold  deformation  of  high  temperature-long  time  solution 
treated  Beta-2  IS  prior  to  aging,  or  lower  temperature-short  time  solution  treatment,  should 
provide  intragranular  nucleation  sites  for  a  precipitates  and  perhaps  alter  slip  localization. 
Alternately,  duplex  temperature  aging  may  nucleate  a  uniformly  on  precursor  w  or  p’  sites  and 
reduce  the  likelihood  of  grain  boundary  a  colonies'^®'.  Other  factors  not  considered  here, 
including  grain  boundary  segregation  of  an  alloying  element  or  unknown  impurity,  could  promote 
intergranular  EAC  in  p-titanium  alloys. 

Effect  of  Loading  Rate  on  EAC  At  issue  is  why  NaCl  EAC  in  STA  Beta-21S  was 


19 


not  produced  during  constant  load  exposures  for  times  that  were  an  order  of  magnitude  longer  than 
those  which  produced  intergranular  embrittlement  during  rising  load.  As  reported  for  several  a/p 
and  p  alloys  including  Ti-15-3,  aqueous  EAC  is  maximized  at  intermediate  loading  rates  for  both 
smooth  uniaxial  tensile  specimens^*  and  precracked  fracture  mechanics  specimens^  ’  ^  The 
lack  of  resolvable  EAC  during  constant  load  exposures  of  STA  Beta-21S  and  Ti-15-3  is  consistent 
with  this  trend.  For  a  stationary  crack,  the  near-tip  strain  rate  at  constant  load  is  determined  by 
the  process  zone  creep  rate  and  is  orders  of  magnitude  slower  than  the  crack  tip  strain  rates  typical 
of  the  rising  load  experiments  which  produced  intergranular  EAC,  Figs.  6  and  8^^*^ 

Average  crack  growth  rates  for  peak  aged  Beta-2  IS  in  NaCl  appear  to  increase  with 
increasing  loading  rate  at  stress  intensities  below  Ki^j.  Since  absolute  K^h  levels  were  similar  for 
the  two  loading  rates  represented  in  Fig.  6,  a  20-fold  increase  in  the  initial  crack  tip  strain  rate 
(at  Kxh  and  any  location  within  the  crack  tip  process  zone)  resulted  in  a  10-fold  increase  in 
average  da/dt  estimated  from  electrical  potential  measurements  of  crack  length.  This  strain  rate 
difference  is  amplified  by  the  faster  crack  growth  rate  which  can  affect  crack  tip  strain  rate  in 
addition  to  the  effect  of  loading  rate'^’’^^’.  Based  on  the  data  in  Fig.  6,  stress  intensities  are 
similar  and  did  not  decline  significantly  during  EAC  extension  at  either  rate;  there  is  no  simple 
K-driving  force  or  compliance-based  explanation  for  the  reduction  in  da/dt  with  decreasing  loading 
rate.  The  stress  intensity  and  crack  tip  strain  rate  dependencies  of  da/dt  were  not  characterized 
systematically,  and  the  present  results  only  provide  an  indication  of  subcritical  crack  growth 
kinetics.  It  is  particularly  important  to  accurately  resolve  the  magnitudes  of  da/dt  for  the 
alternating  slow-fast  regimes  of  subcritical  EAC  in  p -titanium  alloys,  and  to  explain  this  possibly 
unique  behavior. 

Reduced  da/dt  and  increased  Kxh  with  decreasing  strain  rate  are  predicted  qualitatively  by 
crack  tip  film  rupture-transient  dissolution  modeling  of  EAC*^^^  The  amount  of  anodic 
dissolution-charge  passed  per  unit  time,  and  hence  da/dt,  decrease  as  the  frequency  of  rupture 
events  is  reduced  due  to  decreased  crack  tip  strain  rate.  This  strain  rate  effect  can  be  considered 
based  on  HEE.  Hydrogen  production,  uptake  and  embrittlement  could  be  severe  at  intermediate 


Analogous  behavior  is  not  observed  for  all  a/p  titanium  alloys.  Aqueous  chloride  EAC,  with  K]scc 
below  Kic,  was  produced  by  static  loading^^’^*’^^  Kjh  was  claimed  to  be  minimized  at  intermediate  loading 
rates,  however,  only  a  modest  range  of  strain  rates  was  investigated  and  constant  load  experiments  were  not 
conducted**^^ 
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crack  tip  strain  rates  which  balance  three  factors:  (1)  surface  passive  film  destabilization  by 
rupture  (promoted  by  increased  loading  rate),  (2)  the  time  necessary  for  H  diffusion  into  the  crack 
tip  process  zone  (promoted  by  decreased  loading  rate),  and  (3)  dislocation  transport  of  H 
(promoted  by  increased  loading  rate  up  to  a  critical  dislocation  velocity).  Static  loading  may  not 
provide  the  strain  rate  and  accumulated  strain  necessary  to  mechanically  destabilize  the  crack  tip 
passive  film;  this  film  could  hinder  H  production  and/or  uptake^^^  Alternately,  creep  strain  rates 
from  static  loading  may  hinder  dislocation  motion  to  transport  H  from  the  crack  tip  surface  to  trap 
sites  within  the  process  zone,  for  example  at  P  grain  boundaries  and  a  colonies.  The  contributions 
of  each  factor  must  be  established,  as  does  the  extent  of  EAC  at  higher  loading  rates  where  H 
transport  and  electrochemical  reactions  are  minimized. 

Effect  of  Electrode  Potential  on  EAC  That  intergranular  chloride  EAC  in  STA 
Beta-2  IS  is  mitigated  by  cathodic  polarization  (Fig.  9)  is  explainable  based  on  HEE,  provided  that 
local  electrochemical  conditions  near  the  crack  tip  are  considered.  It  is  well  established  that  HEE 
in  the  ferritic  steel/NaCl  system  is  promoted  at  anodic  potentials,  where  enhanced  dissolution 
favors  hydrolytic  acidification  and  H  production/uptake  at  the  occluded  crack  tip,  as  well  as  at 
cathodic  potentials  where  H  production  increases  due  to  increasing  overpotential  for  increasingly 
rapid  water  reduction  kinetics*^^’’*^’. 

The  situation  is  different  for  p -titanium  alloys  in  aqueous  chloride.  We  assume  that  a 
crack  tip  passive  film  forms  at  all  potentials  investigated,  but  is  ruptured  by  crack  tip  strain  above 
a  critical  rate;  the  potential  of  the  bared  metal  is  very  active  (e.g.,  -1600  mVscE)^^*^-  At  free 
corrosion  and  more  anodic  applied  potentials,  cation  hydrolysis  to  promote  lowered  pH,  as  well 
as  an  IR-based  crack  tip  potential  difference,  enhance  the  rate  of  H  production  from  H"^  reduction 
to  support  HEE.  With  increasing  cathodic  polarization,  hydrolytic  acidification  is  reduced  and  the 
crack  tip  solution  becomes  alkaline  due  to  OH'  production  from  water  reduction.  Recent 
experiments  with  scratched  electrodes  of  p -titanium  alloys  in  simulated  crack  solutions  show  that 
repassivation  rates  are  similar  for  pH  1  conditions  (approximating  solution  at  the  crack  tip  at  free 
corrosion),  pH  8  (a  lower  bound  simulating  the  crack  tip  during  cathodic  polarization  at  -KXX) 
mVscE),  and  pH  10  solution*’**.  Critically,  however,  the  open  circuit  potential  of  bare  titanium 
becomes  increasingly  active  with  increasing  alkalinity,  but  at  a  slope  that  is  less  than  the  pH- 
dependence  of  the  hydrogen  reversible  potential.  Accordingly,  the  overpotential  for  H  production 
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at  the  bare  crack  tip  decreases  with  increasingly  cathodic  potentials  applied  to  the  specimen 
surface.  Additionally,  the  exchange  current  density  for  hydrogen  production  on  bare  titanium 
decreases  with  increasing  pH.  These  two  factors  result  in  a  large  decrease  in  the  H  production 
rate,  and  hence  decreasing  H  surface  coverage,  with  cathodic  polarization. 

We  speculate  that  K^h  for  NaCl  EAC  in  STA  Beta-2  IS  is  low  at  -600  mVscE,  because  of 
H  production  and  uptake  from  acid  solution  at  the  crack  tip,  analogous  to  the  steel  case.  K-th 
increases  to  equal  Ki^  with  increasing  cathodic  polarization  because  H  production  is  reduced  at 
the  bared  titanium  crack  tip  in  alkaline  crack  solution,  in  contrast  to  the  steel  case. 

Since  electrochemical  experiments  reveal  similar  transient  repassivation  characteristics'^’^ 
it  is  likely  that  similar  concentrations  of  crack  tip-surface  adsorbed  H  are  produced  for  bared 
surfaces  of  both  Beta-2  IS  and  Ti-15-3  in  (simulated)  crack  solution.  The  dramatically  different 
chloride  EAC  susceptibilities  of  these  alloys  is  therefore  traceable  to  processing-related  changes 
in  deformation  mode  and  microstructure;  factors  that  influence  the  effect  of  a  given  level  of  H 
on  process  zone  embrittlement. 


CONCLUSIONS 

1.  Peak  aged  (STA)  Beta-2  IS  is  susceptible  to  environment  assisted  cracking  (EAC)  in 
aqueous  NaCl  at  -600  mVgcE  when  subjected  to  rising  stress  intensity.  The  threshold  for 
subcritical  crack  propagation  (K-ni  =  39  to  46  MPa/m)  is  significantly  reduced  compared 
to  the  plane  strain  fracture  toughness  (Kjci)  of  66  MPa\/m,  average  subcritical  crack 
growth  rates  are  on  the  order  of  10  pm/sec,  and  EAC  is  intergranular  for  Beta-2  IS  in 
chloride  compared  to  microvoid-based  for  moist  air. 

2.  For  STA  Ti-15-3,  Kjci  (57  to  64  MPav^m)  and  transgranular  microvoid  fracture  processes 
are  unaffected  by  aqueous  chloride  exposure  for  several  slow  loading  rates  and  applied 
electrode  potentials.  Intergranular  EAC  in  peak  aged  Ti-15-3  is  promoted  by  increased 
solution  treatment  temperature  and/or  time. 

3.  Intergranular  EAC  in  STA  Beta-21S  (as  well  as  in  resolution  treated  and  aged  Ti-15-3) 
correlates  with  a-colonies  precipitated  at  p  grain  boundaries  and  with  localized  planar  slip; 
the  governing  causal  factor  is  not  defined.  Both  features  are  promoted  by  high 
temperature-long  time  solution  treatment.  The  relative  importance  of  these  features  and 
other  alloy-dependent  factors  is  not  established,  however,  hydrogen  trapping  at  a/p 
interfaces  coupled  with  stress  and  strain  localization  near  p  grain  boundaries  may  be 
important. 
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4.  EAC  in  peak  aged  Beta-21S  is  not  produced  during  static  loading,  for  times  similar  to  the 
deleterious  rising  load  case,  and  average  subcritical  EAC  growth  rates  decrease  with 
decreasing  crack  tip  strain  rate. 

5.  EAC  in  STA  Beta-21S  is  eliminated  by  applied  cathodic  polarization  at  -1000  mVscE* 
occurs,  but  is  not  exacerbated  during  anodic  polarization  at  -150  mVscE- 

6.  EAC  in  STA  Beta-2  IS  may  proceed  by  hydrogen  environment  embrittlement.  The 
beneficial  effects  of  cathodic  polarization  and  stagnant  crack  tip  strain  rate  are 
speculatively  traced  to  reduced  hydrogen  production  at  the  occluded  crack  tip  for  the 
former,  and  to  increased  crack  tip  passive  film  stability  or  reduced  dislocation  transport 
of  process  zone  hydrogen  for  the  latter. 

7.  The  25  °C  chloride  EAC  resistance  of  STA  p -titanium  alloys  can  be  superior  to  that  of 
quenched  and  tempered  martensitic  steels  at  similar  high  strengths,  certainly  for  cathodic 
polarization  and  short  term  static  loading.  Beta  titanium  alloys  are  not,  however,  immune 
to  chloride  EAC;  thermomechanical  processing  must  be  controlled  for  cracking  resistance. 
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(c) 


Figure  1  (a)  Optical  micrograph  of  as-received  solution  treated  Beta-2  IS,  and 

scanning  electron  micrographs  of  solution  treated  and  peak  aged:  (b)  Ti-15- 
3  and  (c)  Beta-2  IS. 


Figure  2  The  rising  load  EAC  experimental  method.  (K™  is  defined  at  the  first 
resolved  increment  of  crack  extension,  while  stable  crack  growth  is 
characterized  by  dK/d  A  a  andbyda/dt.) 


Figure  3 


Scanning  electron  fractographs  for;  (a)  STA  Ti-15-3  in  moist  ak  and  (b) 
STA  Beta-21S  in  moist  air.  The  fatigue  crack  is  at  the  top  of  each  image  and 
the  crack  grew  from  top  to  bottom. 


Stress  Intensity  (MPa 


A  a  (mm) 


Figure  4  K-A  a  data  for  STA  Ti-15-3  in  air  and  3.5%  NaCl  (-600  hiVsce)  at  two  fixed 

actuator  displacement  rates.  Hardness  values  (R^)  for  each  specimen  are 
given  in  the  legend.  (Rephcate  air  experiments  are  represented  by  two  trend 
lines  with  open  circles,  and  are  summarized  in  Table  II.  The  lower 
toughness  case  is  for  a  displacement  rate  of  25.4  pm/min,  while  the  higher 
toughness  case  is  for  a  rate  of  1.3  pm/min;  specimen  hardness  was  Rc  39.4 
for  each  experiment.) 


Figure  5 


(a) 


(b) 


Scanning  electron  fractographs  for  STA  Ti-15-3  in  3.5%  NaCl  (-600  mVscE 
and  25.4  nm/min)  at:  (a)  low  magnification  showing  the  fatigue  precrack 
(top)  and  initial  transgranular  cracking  in  the  aqueous  solution  and  (b)  high 
magnification  showing  microvoids. 
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Figure  6  K-Aa  for  STA  Beta-2  IS  in  air  and  3.5%  NaCl  (-600  hiVsce)  at  two  loading 
rates.  Hardness  values  (R„)  for  each  specimen  are  in  the  legend. 


Figure  7  Scanning  electron  fractograph  showing  intergranular  cracking  in  STA  Beta- 
21S  exposed  to  3.5%  NaCl  at  -600  mVscE  an  actuator  displacement  rate 

of  25.4  pm/min. 


Stress  Intensity  (MPaVm) 


0.0  0.2  0.4  0.6  0.8  1.0  1.2  1.4  1.6  1.8  2.0 

A  a  (mm) 


Figure  8 


Effect  of  applied  electrode  potential  on  K-Aa  for  STA  Beta-2  IS  in  3.5  ^ 
NaCl  at  a  constant  displacement  rate  of  25.4  pm/min.  Hardness  values  (R^) 
for  each  specimen  are  provided  in  the  legend. 


Figure  9 


(b) 


SEM  fractographs  of  STA  Beta-2  IS  in  NaCl  at:  (a)  -150  mVscE  (b)  - 
1000  mVscE- 


(C) 


Figure  10  Optical  micrographs  of  under  aged  (1  hr  at  538°C):  (a)  as  received  ST 
(816°C  for  0.5  hr)  Ti-15-3,  (b)  resolution  treated  (950“C  for  12  hr)  Ti-15-3, 
and  (c)  as  received  ST  (87 PC  for  8  hr)  Beta-2  IS. 


Figure  11  Scanning  electron  micrographs  of  under  aged  (1  hr  at  538"C):  (a)  as 
received  ST  (816‘’C  for  0.5  hr)  Ti-15-3,  (b)  resolution  treated  (1038"C  for 
2  hr)  Ti-15-3,  and  (c)  as  received  ST  (871°C  for  8  hr)  Beta-21S. 


Figure  12  Transmission  electron  micrographs  of:  (a)  under  aged  (1  hr  at  Ti-15- 

3,  (b)  peak  aged  (8  hr  at  538°C)  Ti-15-3,  and  (c)  peak  aged  (8  hr  at  538“C) 
Beta-2  IS;  all  beginning  with  the  as  received  solution  treatments. 
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Figure  13  K-Aa  for  resolution  treated  (lOSS^C  for  2  hr)  and  peak  aged  (8  hr  at  538°C) 
RSTA  Ti-15-3  in  moist  air  and  NaCl  (-600  mVscE),  for  a  single  displacement 
rate  of  25.4  pm/min. 


Figure  14  SEM  fractograph  of  RSTA  Ti-15-3  in  NaCl  at  -600  mVscE  and  a 
displacement  rate  of  25.4  pni/min. 
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ABSTRACT 

The  environment  assisted  cracking  (EAC)  resistance  of  two  peak  aged  metastable  /3- 
titanium  alloys,  Beta  21S  and  Ti-15-3,  is  characterized  by  a  fracture  mechanics  resistance- 
curve  method.  Rising  load  experiments  in  aqueous  3.5  %  NaCl  at  -600  show  that  Beta 
2 IS  is  susceptible  to  environmental  cracking.  Relative  to  a  moist  air  crack  initiation 
toughness  (plane  strain  Kjc)  of  67  MPaym  with  transgranular  fracture,  the  threshold  for  stable 
crack  growth  (K^h)  in  chloride  is  as  low  as  38  MPaym  and  fracture  occurs  by  intergranular 
separation.  The  reaction  from  Kjc  to  Kjh  mildly  depends  on  loading  rate;  Kjh  for  Beta  2 IS 
appears  to  be  minimized  at  crack  tip  strain  rates  between  10'*  see’*  and  10“*  sec'^;  cracking 
in  chloride  is  discontinuous  in  this  regime.  In  contrast  the  moist  air  initiation  toughness  of 
Ti-15-3  is  lower  (58  MPaym)  than  that  of  Beta  21S,  but  is  unaffected  by  exposure  to  NaCl 
at  several  loading  rates  where  K-nj  equals  Kjc.  The  reduced  EAC  resistance  of  Beta  21S, 
compared  to  Ti-15-3,  is  attribute  to  abundant  a  precipitation  at  /3  grain  boundaries,  and 
perhaps  to  higher  yield  strength  for  the  former  alloy.  The  mechanistic  contributions  of 
localized  dissolution,  film  rupture  and  hydrogen  embrittlement  are  not  determined,  however, 
the  latter  is  suspected  for  EAC  of  Beta  21S. 

INTRODUCTION 

High  strength  /3-titanium  alloys  are  susceptible  to  brittle  environment  assisted  cracking 
(EAC)  in  ambient  temperature  halide  ion  solutions.  Fracture  mechanics  experiments 
demonstrate  that  early  developmental  alloys  (Ti-11.5Mo-6Zr-4,5Sn  and  Ti-13V-llCr-3Al; 
wt%)  and  binary  model  compositions  (Ti-Mo),  stressed  in  NaCl  and  KCl  solutions,  exhibit 
stable  crack  growth  at  stress  intensities  (K)  well  below  the  plane  strain  fracture  toughness, 
Kic  [1’3].  Environmental  fracture  progresses  by.  intergranular  separation  and  transgranular 
"cleavage"  or  "quasi-cleavage";  the  cleavage  plane  is  (KX)}  [2].  Cracking  in  neutral  NaCl 
is  exacerbated  at  intermediate  loading  rates  (crack  tip  strain  rates)  and  applied  electrode 
potentials  (near  -600  mVscE)>  by  increased  yield  strength  (Oy^),  and  by  cathodic  polarization 
with  H2S  addition  [1,3-6].  Relative  to  steels  and  a//3-titanium  alloys,  environmental  cracking 
in  /3-titanium  alloys  is  poorly  characterized  and  understood. 

It  is  reasonable  to  attribute  cracking  of  /3-titanium  alloys  in  aqueous  electrolytes  to 
hydrogen  embrittlement  (hydrogen  environment  assisted  cracking,  HEAC)  because  of  the 
extreme  hydrogen  susceptibility  of  high  strength  body-centered  cubic  steels  [7],  because  both 
gaseous  hydrogen  and  cathodically  precharged  hydrogen  embrittle  /3-titanium  alloys  [8,9],  and 
by  analogy  with  HEAC  in  a//S-titanium  alloys  [10].  The  HEAC  mechanism  for  ^-titanium 
alloys  in  neutral  chloride  involves:  (a)  development  of  an  occluded  crack  electrochemistry, 
(b)  coupled  crack  surface  dissolution,  passive  film  formation  and  cathodic  H  production,  (c) 
film  rupture,  (d)  hydrogen  absorption  and  diffusion  into  the  crack  tip  process  zone,  (e) 
segregation  at  microstructural  trap  sites,  and  (f)  hydrogen  assisted  microcracking,  probably 


by  decohesion,  localized  plasticity  or  hydride  mechanisms.  The  crack  surface  passive  film 
should  play  a  central  role  in  HEAC,  with  a  sound  film  blocking  hydrogen  production  and/or 
uptake.  Many  factors;  including  alloy  composition,  microstructure,  applied  electrode 
potential,  bulk  electrolyte  composition,  slip  deformation  mode,  and  dynamic  cyclic  strain; 
could  compromise  the  passive  film  and  enhance  the  uptake  of  embrittling  hydrogen. 

Research  was  initiated  to  investigate  surface  passivity  and  localized  dissolution  in 
addition  to  hydrogen  production,  uptake,  trapping  and  embrittlement  in  the  crack  tip  region 
of  high  strength  /3-titanium  alloys  in  aqueous  marine  environments  [1 1].  The  objective  of  the 
work  reported  here  is  to  characterize  the  EAC  behavior  of  two  modem  /3-titanium  alloys, 
subjected  to  dynamic  straining  to  destabilize  crack  tip  passivity,  and  employing  advanced 
fracture  mechanics  methods. 


EXPERIMENTAL  PROCEDURE 


Two  alloys,  Beta  21S  (Ti-15Mo-2.7Nb-3Al-0.2Si-0. 15  O;  wt%)  and  Ti-15-3  (Ti-15V- 
3Cr-3Al-3Sn;  wt%),  were  obtained  as  10.2  and  9.5  mm  thick  hot  rolled  plate,  respectively, 
in  the  solution  treated  conditions  (871  °C  for  8  hours  and  816°C  for  30  minutes,  respective¬ 
ly).  Oversized  blanks  of  each  alloy  were  peak  aged  at  538°C  for  8  hours.  The  resultant 
microstructures  are  homogeneous  and  isotropic  in  all  directions,  and  consist  of  fine  a  platelets 
in  a  /3  matrix  of  1(X)  /xm  diameter  grains,  as  illustrated  for  Beta  2 IS  in  Fig.  1.  The  optical 
microstructure  of  Ti-15-3  is  identical  to  that  shown  in  Fig.  1,  with  the  exception  of 
differences  in  grain  or  near-grain  boundary  a  precipitation  (see  Discussion).  Each  alloy  is 
presumed  to  be  stable  with  regard  to  w  and  /3’  precipitation.  Measured  yield  strengths  from 
replicate  specimens  of  this  aging  condition  are  1380  MPa  (R^  42.5  ±  1.3)  for  Beta  21S  and 
1315  MPa  (R,  36.9  ±  1.3)  for  Ti-15-3. 


Figure  1:  Optical  micrographs  of  Beta  2 IS  in  the:  (a)  as-received  solution  annealed  and 
(b)  peak  aged  conditions. 


EAC  resistance  was  characterized  with  a  slowly  rising  load  fracture  mechanics  method 
applied  to  the  fully  rotating  single  edge  precracked  specimen  (SEN;  nominal  crack  length  = 
17.8  mm,  thickness  =  5.08  mm,  width  =  38.1  mm)  [12-14].  A  servohydraulic  machine  was 
employed  for  fatigue  precracking  (load  control  with  ^®ss  than  30  MPa/m)  and  rising 
load  cracking  (actuator  displacement  control).  Specimens  were  precracked  in  the  aqueous 
environment,  then  fractured  under  rising  load.  Crack  length  was  monitored  using  a 
computer-automated  direct  current  (applied  current  =  2  to  4  amperes)  potential  difference 
(DCPD)  method,  including  current  polarity  switching  to  eliminate  thermal  voltages  and  a 
reference  probe  pair  to  account  for  temperature  and  current  variations  during  prolonged 


experiments  [15].  Measured  voltages  were  related  to  crack  length  through  Johnson’s 
analytical  equation  for  the  SEN  specimen.  Applied  stress  intensity  was  calculated  from  load 
and  crack  length  with  a  standard  elastic  solution  [16],  and  plotted  as  a  function  of  crack 
extension  increment  (Aa).  The  threshold  K  for  crack  growth  initiation  (Kjc  in  air  and  Kjh 
for  aggressive  environments)  was  calculated  from  the  applied  load  at  the  first  change  in  the 
slope  of  the  initially  linear  electrical  potential  versus  load  record;  Aa  is  assumed  to  equal  zero 
prior  to  this  point  [17].  While  ASTM  Standard  E399  was  not  adhered  to  for  Kjc  [18],  crack 
initiation  occurred  under  plane  strain  constraint  based  on  the  J-integral  approach  (thickness 
and  ligament  >  25  Jiaitiatioi/^^ys)  [12,13,19].  Since  small  scale  yielding  was  maintained  for 
all  cases,  the  contribution  of  Jpi,aic  to  K  was  negligible  and  assumed  to  equal  zero. 
Environmental  effects  on  crack  propagation  under  increasing  K  are  indicated  by  the  slope  of 
the  K-Aa  data.  Shear  walls,  present  after  initiation,  indicate  that  the  crack  propagated  under 
mixed  plane  strain  and  plane  stress. 

Fracture  experiments  were  conducted  in  either  moist  air  or  0.6M  (3.5  wt%)  NaCl  at 
fixed  electrode  potential,  near-neutral  pH  of  7,  and  25 ®C.  The  central  portion  of  the  edge 
cracked  specimen  was  immersed  in  flowing  (60  ml/min)  chloride  (pH  8,  23“C)  in  a  sealed 
plexiglass  chamber.  The  specimen  was  maintained  at  constant  potential  by  a  Wenking 
potentiostat  in  conjunction  with  a  Ag/AgCl  reference  electrode  and  two  platinum  counter 
electrodes,  each  isolated  to  minimize  solution  contamination. 

RESULTS 

Ti-15-3  is  resistant  to  EAC  during  rising  load  at  various  slow  displacement  rates;  these 
conditions  promote  HEAC  in  ferritic  and  martensitic  steels  exposed  to  NaCl  [7].  K-Aa  results 
are  present^  in  Fig.  2.  For  benign  moist  air,  the  initiation  toughness  (K^)  of  Ti-15-3  is  57 
and  59  MPa/m  based  on  replicate  experiments.  For  aqueous  chloride  at  a  fixed  potential 
of  -600  mVgee,  K-th  ranges  from  61  to  65  MPa/m,  independent  of  actuator  displacement  rate 
varying  between  25  and  0.25  /im/min.  The  chloride  environment  does  not  degrade  the  crack 
initiation  toughness.  For  each  environment,  some  stable  crack  extension  is  observed  (dK/d  Aa 
>  0),  however,  this  tearing  resistance  is  not  environmentally  influenced.  The  difference  in 
dK/dAa  is  larger  for  the  replicate  air  tests  compared  to  the  aqueous  environmental  effect; 
actuator  displacement  rate  does  not  affect  the  EAC  propagation  resistance  of  Ti-15-3. 


A  a  (mm) 

Figure  2:  Rising  load  stress  intensity  versus  crack  extension  data  for  Ti-15-3  in  moist 
air  and  deaerated  3.5%  NaCl  (-6(X)  mYgce)  as  a  function  of  loading  rate. 


The  variability  of  the  crack  propagation  results  for  moist  air  may  be  related  to  subtle 
inaccuracies  in  defining  the  electrical  potential  corresponding  to  crack  initiation.  The  problem 
is  that  crack  tip  plastic  deformation,  microvoid  damage  and  macrocrack  growth  can  contribute 
to  voltage  increases.  Discontinuous  crack  bursts  were  indicated  by  measured  DCPD,  but  only 
for  the  aqueous  environment  and  not  moist  air. 

Environment  did  not  influence  the  microscopic  fracture  morphology  for  Ti-15-3. 
Typical  scanning  electron  fractographs  of  the  crack  initiation  region,  adjacent  to  the  fatigue 
precrack,  are  presented  in  Fig.  3  for  air  and  aqueous  NaCl.  For  each  case,  the  crack  surface 
is  mainly  populated  by  transgranular  features  indicative  of  microvoid-based  cracking,  as 
confirm^  by  high  magnification  observation.  Scattered  facets  are  present,  indicating  limited 
intergranular  microvoid  rupture;  intergranular  EAC  is  not  likely  for  Ti-15-3  because  similar 
facets  are  observed  for  cracking  in  NaCl,  moist  air  and  ultra-high  vacuum. 


(a)  (b) 

Figure  3:  SEM  fractographs  of  the  fatigue  precrack  (top)  and  rising  load  fracture 
toughness  crack  surfaces  in  Ti-15-3:  (a)  air;  (b)  deaerated  3.5%  NaCl. 

In  contrast  to  Ti-15-3,  Beta  21S  is  embrittled  by  aqueous  chloride  at  -600  mV^jg,  as 
shown  by  the  K-Aa  data  in  Fig.  4.  While  Kjc  is  high  (66  and  68  MPaym)  for  moist  air, 
values  range  from  38  to  51  MPaVm  for  Beta  2 IS  in  NaCl  at  -600  mVs^g.  The  macroscopic 
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Figure  4:  Rising  load  stress  intensity  versus  crack  extension  data  for  Beta  2 IS  in  moist 
air  and  deaerated  3.5%  NaCl  (-600  mV^^e)  as  a  function  of  loading  rate. 


crack  growth  resistances  (average  dK/dAa)  are  similar  for  each  environment.  Aqueous  NaCl 
caused  a  dramatic  fracture  mode  transition.  The  fractographs  in  Fig.  5  show  that,  while  the 
air  crack  appears  to  involve  intergranular  microvoid  fracture  (with  limited  tear-free  facets), 
the  chloride  case  is  almost  entirely  intergranular  with  little  evidence  of  resolvable  localized 
plasticity. 


(a)  (b) 

Figure  5;  SEM  fractographs  of  the  fatigue  precrack  (top)  and  rising  load  fracture 
toughness  crack  surfaces  in  Beta  21S:  (a)  air;  (b)  deaerated  3.5%  NaCl. 


Actuator  displacement  rate  mildly  affects  K-th  for  EAC  of  Beta  2 IS  in  NaCl.  While 
obscured  by  variability  for  replicate  experiments  at  25.4  fxm/min  and  a  recently  measured 
high  value  (Kth  =  52  MPaym)  at  12.7  /im/min,  K-th  appears  to  be  broadly  minimized  at 
displacement  rates  between  0.6  and  6  urn/ min.  Additional  experiments  are  in  progress  to 
define  the  strain  rate  dependence  of  HEAC.  Recent  results  suggest  that  Kjh  equals  Kjc  at 
high  loading  rates  and  that  crack  growth  is  not  observed  for  static  loading  (24  hours)  at  K 
levels  up  to  60  MPaym.  Crack  bursts  were  observed  for  Beta  2 IS  in  NaCl,  but  only  for  the 
two  slowest  loading  rates.  Bursts  were  large  (50  to  300  fim)  and  occurred  at  about  five  hour 
intervals.  Discontinuous  cracking,  below  20  fim  bursts,  would  not  be  resolved  by  DCPD. 

DISCUSSION 

Fracture  Toughness:  Moist  Air  The  moist  air  fracture  toughnesses  of  Ti-15-3  (Kjc  =  57 
to  59  MPa/m)  and  Beta  2 IS  (K[c  =  66  to  68  MPaym)  are  comparable  to  values  reported  for 
i3-titanium  alloys  at  similar  yield  strengths  [20-22].  This  agreement  suggests  that  the  DCPD- 
based  K-Aa  approach  accurately  characterizes  plane  strain  fracture  toughness  in  spite  of  small 
specimen  thickness  compared  to  the  requirement  of  Standard  E399  [18]. 

The  fracture  toughness  of  Beta  21S  is  superior  to  that  of  Ti-15-3,  particularly 
considering  the  higher  yield  strength  of  the  former.  This  is  curious  because  cracking  of  Beta 
21S  in  air  appears  to  involve  grain  boundary  microvoiding.  Beta  21S  contains  substantial  a 
precipitates  at  or  near  p  grain  boundaries,  a  microstructure  that  is  not  observed  for  Ti-15-3. 
Lee  et  al.  and  Froes  et  al.  report  that  K,c  is  degraded  by  grain  boundary  a  [21,22]. 
Localized  plastic  deformation  in  low  strength  a  results  in  strain  concentration  and  microvoid 
nucleation  at  a/p  interfaces  near  p  grain  boundaries.  The  fracture  toughness  of  Beta  2 IS  may 
be  further  improved  by  processing  to  eliminate  a  precipitates  at  p  grain  boundaries. 

Environmental  Cracking  Resistance  for  HEAC  of  the  1350  MPa  yield  strength  level 

of  tempered  martensitic  steels  in  aqueous  chloride  varies  between  12  MPaym  and  38  MPaym, 
but  typically  equals  25  MPaym,  depending  on  metallurgical  and  mechanical  variables  [7]. 


The  EAC  resistances  of  high  strength  Beta  2 IS  and  particularly  Ti-15-3  are  good  compared 
to  such  steels,  consistent  with  previous  results  [23].  Ti-15-3  may  be  embrittled  by  more 
aggressive  hydrogen  producing  environments,  for  example  acidified  NaCl  with  sulfide 
addition  and  cathodic  polarization  [1,5-7].  Additional  experiments  are  in  progress  and 
include  longer  exposure  times,  a  range  of  loading  rates  and  applied  electrode  potentials,  in 
addition  to  low  amplitude  ripple  loading  [24]. 

The  rising  load  EAC  results  do  not,  in  isolation,  define  the  embrittlement  mechanism 
for  the  /3-titanium  alloys;  this  is  being  examined  in  parallel  studies  [8,24,25].  Two  points 
are  notable.  Intermittent  crack  bursts,  over  distances  greatly  in  excess  of  the  crack  tip 
process  zone  and  on  the  order  of  one  to  five  grain  diameters,  suggests  HEAC  with  a  strong 
role  of  grain  boundary  traps.  Intergranular  cracking  is  a  classic  damage  mechanism  for 
hydrogen  embrittled  steels  [7].  The  extent  to  which  predissolved  hydrogen  degrades  Kjc 
during  rising  loading  and  produces  intergranular  cracking  is  being  determined  for  comparison 
with  the  EAC  behavior  of  Beta  2 IS  and  Ti-15-3  in  NaCl  [25]. 

It  is  important  to  understand  the  different  EAC  sensitivities  of  Ti-15-3  and  Beta  21S. 
Assuming  HEAC,  the  resistance  of  Ti-15-3  may  be  explained  by  yield  strength.  Modeling 
and  experiment  show  that  lower  strength  steels  are  less  susceptible  to  HEAC,  particularly  for 
NaCl  and  strengths  below  1500  MPa  [7].  The  expected  yield  strengths  of  Beta  21S  and  Ti- 
15-3  are  1210  MPa  and  1010  MPa,  respectively,  for  the  eight  hour  age  at  538°C  [23,26], 
suggesting  better  HEAC  resistance  for  Ti-15-3.  Gagg  and  Toloui  report  that  Ti-15-3,  aged 
at  510°C  for  six  hours  (ultimate  tensile  strength  =  1260  MPa  and  Oy,  a  1200  MPa),  is 
embrittled  during  slow  strain  rate  loading  of  smooth  tensile  specimens  in  several  chloride 
solutions  [5].  These  Oy,  values  are  substantially  less  than  the  measured  strengths  of  the  two 
alloys  studied  here;  the  reason  is  undetermined.  A  strong  yield  strength  effect  on  K-m  is  not 
likely  because  of  the  small  measured  strength  difference  between  Beta  21S  and  Ti-15-3. 
Additional  work  is,  however,  required  because  of  the  unexpectedly  high  values  of  Oy,. 

The  relative  HEAC  behaviors  of  Ti-15-3  and  Beta  2 IS  are  not  explained  by  occluded 
crack  solution  hydrogen  production  and  uptake  [11].  Cr  and  V  solute  in  the  /3  phase  of  Ti- 
15-3  should  dissolve  and  hydrolyze  at  -600  mYg^^  to  produce  a  more  acid  crack  tip  pH 
compared  to  Beta  2 IS  which  contains  Mo  and  Nb.  Mo  should  promote  crack  tip  passivity 
and  hinder  hydrogen  uptake.  These  hypothesis  are  not  consistent  with  the  measured  HEAC 
resistances  of  the  two  alloys. 

It  is  reasonable  to  speculate  that  Beta  2 IS  is  sensitive  to  intergranular  EAC  in  NaCl 
because  of  extensive  a  precipitation  at  or  near  beta  grain  boundaries.  This  microstructure  was 
not  observed  for  Ti-15-3,  as  demonstrated  by  interrupted  aging  (2  hours  at  538°C);  Fig.  6. 
Whether  very  fine  a  is  present  at  Ti-15-3  boundaries  must  be  determined  by  electron 
microscopy.  Gagg  and  Toloui  did  not  report  the  microstructure  or  the  solution  treatment 
conditions  of  Ti-15-3  that  was  embrittled  by  NaCl  [5].  The  Beta  21S  microstructure  may  be 
environment  sensitive  because  a  brittle  continuous  hydride  film  forms  in  hep  a-titanium  and 
at  a/0  interfaces  [1,27,28].  Intergranular  cracking  may  also  be  traced  to  hydrogen  trapping 
at  a/0  interfaces,  to  localized  plastic  deformation  in  the  soft  a  that  produces  stress/strain 
concentrations  that  interact  with  embrittling  hydrogen,  or  to  local  dissolution  of  a.  Either 
cold  rolling  of  Beta  2  IS  prior  to  aging,  or  restricted  recovery  and  recrystallization  during  hot 
rolling  and  solution  treatment,  should  provide  distributed  intragranular  nucleation  sites  for  a 
precipitates,  apart  from  0  grain  boundaries  [29].  The  more  homogeneous  microstructure 
should  be  resistant  to  HEAC  [1]. 

EAC  and  HEAC  depend  on  strain  rate.  For  NaCl,  embrittlement  is  maximum  at  an 
intermediate  strain  rate  of  order  6  x  lO"^  sec'*  for  0  Ti-15-3  and  2  x  10'^  sec'*  for  a/0  Ti-6A1- 
4V  [1,5,10,30].  For  Beta21S  in  NaCl,  the  mild  minimum  in  K-j-h  (Fig.  3)  occurs  at  an 
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Figure  6:  Optical  micrographs  of  underaged  (a)  Beta  21S  and  (b)  Ti-15-3. 

estimated  crack  tip  strain  rate  of  between  10'^  and  sec‘\  corresponding  to  actuator 
displacement  rates  of  0.6  and  6  /xni/min  and  constant  loading  rates  of  15  and  150  N/min.  It 
is  not  possible  to  quantitatively  compare  smooth  specimen  and  crack  tip  strain  rates  because 
the  former  is  typically  not  measured  or  maintained  constant  [5].  Crack  tip  strain  rate  varies 
with  distance  into  the  process  zone  and  is  not  accurately  known  [31].  (The  above  strain  rates 
were  calculated  at  a  distance  of  one  blunted  crack  tip  opening  displacement  ahead  of  the  crack 
tip.)  From  the  HEAC  perspective,  embrittlement  may  be  most  severe  at  the  strain  rate  that 
balances  surface  film  destabilization  and  hydrogen  uptake  (promoted  by  increased  rate)  with 
the  time  necessary  for  hydrogen  diffusion  into  the  crack  tip  process  zone  (promoted  by 
decreased  rate).  The  kinetics  of  each  process  are  not  defined. 

CONCLUSIONS 

1.  The  threshold  stress  intensity  for  stable  crack  propagation  in  Beta  2 IS  is  significantly 
reduced  by  simultaneous  slow  loading  and  exposure  to  aqueous  NaCl  at  -600  mYs^g. 
Cracking  in  chloride  is  intergranular  compared  to  grain  boundary  and  transgranular 
microvoid  processes  for  moist  air,  and  is  possibly  by  hydrogen  embrittlement. 

2.  The  crack  initiation  fracture  toughness  and  microscopic  fracture  processes  of  Ti-15-3 
are  unaffected  by  chloride  environment  exposure  for  several  slow  constant  actuator 
displacement  rates. 

3.  The  EAC  susceptibility  of  Beta  2 IS  and  the  resistance  of  Ti-15-3  are  explained  by 
copious  a  precipitation  at  (3  grain  boundaries  and  the  high  yield  strength  of  the  former 
alloy. 

4.  The  chloride  environmental  cracking  thresholds  of  Ti-15-3  and  Beta  2 IS  are  superior 
to  the  behavior  of  tempered  martensitic  steels  at  equal  yield  strength. 

5.  Dynamic  loading  rate  affects  EAC  in  Beta  2 IS;  Kjh  for  crack  growth  in  NaCl  may 
be  minimized  at  a  crack  tip  strain  rate  between  10'^  and  10"*  see  *. 
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ABSTRACT 

A  high-strength,  a-precipitation  hardened  R  titanium  alloy  (Ti-8V-6Cr-4Zr- 
4MO-3AI,  STA  Beta  C)  is  prone  to  intergranular  environmentally  assisted 
cracking  (EAC)  in  neutral  aqueous  NaCl  given  an  occluded  crack,  active 
crack  tip  strain  rate  and  electrode  potential  near  free  corrosion.  The 
threshold  stress  intensity  for  EAC  is  reduced  to  about  one-third  of  the  plane 
strain  fracture  toughness  and  subcritical  crack  growth  rates  are  30  to  100 
nm/sec.  STA  Beta  C  is  immune  to  EAC  with  static  loading  or  sufficiently 
cathodic  polarization.  Lower  strength  solution  treated  Beta  C  resists  EAC 
in  both  pure  NaCI  and  acidic  sulfur-species-bearing  chloride  solutions, 
where  fracture  is  by  transgranular  microvoid  formation.  These  results  are 
consistent  with  findings  for  STA  Beta  21 S  and  are  qualitatively  understood 
based  on  hydrogen  environment  embrittlement.  EAC  propagation  in  STA 
Beta  C  exhibits  slow-rapid  oscillation  under  rising  crack  mouth  opening 
displacement  but  not  during  constant  rate  loading.  This  result  implies  that 
stress  intensity  factor  and  crack  tip  strain  rate  interactively  govern  da/dt. 

INTRODUCTION 

High-performance  applications  of  R  titanium  alloys  in  aggressive 
stress-chemical  environments  (e.g.,  geothermal  brine  and  deep  sour  gas 
well  tubulars,  offshore  production  elements,  marine  fasteners,  biomedical 
devices,  and  aerospace  components'”)  require  definition  of  the  windows  of 
variables  that  promote  the  aqueous  environment-assisted  cracking  (EAC) 


suscBptibility  of  these  alloys.  While  such  investigations  are  extensive  for  a 
and  a/R  titanium  alloys, insufficient  data  exist  to  predict  EAC  for  body- 
centered  cubic  15-based  alloys.  For  titanium  alloys,  the  challenge  is 
complicated  because  EAC  susceptibility  is  a  function  of  test  method, 

particularly,  smooth  versus  cracked  specimens.'^' 

The  objective  of  this  research  is  to  characterize  the  ambient 
temperature,  aqueous  chloride  EAC  behavior  of  a  modern  R  titanium  alloy, 
Ti-3AI-8V-6Cr-4Zr-4Mo  (Beta  C),  as  a  function  of  microstructure  and/or  yield 
strength,  electrode  potential,  and  solution  composition  for  a  single  active 
loading  rate.  Precracked  specimens  and  a  fracture  mechanics  approach 
are  employed.  EAC  susceptibility  is  characterized  by  the  threshold  for  the 
onset  of  crack  growth  (Kjh),  subcritical  crack  growth  rate  (da/dt),  and  the 
fracture  mode  in  the  aqueous  environment  versus  the  behavior  in  air.  In 
addition  to  determining  windows  of  variables  for  EAC  susceptibility,  these 
data  are  necessary  input  for  damage-tolerant  life  prediction  and  fundamental 
studies  of  the  crack  tip  damage  mechanisms  that  govern  EAC. 

LITERATURE  BACKGROUND 

EAC  of  titanium  alloys  in  aqueous  halogen-bearing  electrolytes  is 
affected  by  several  critical  variables;  including  loading  rate  (crack  tip  strain 
rate),  electrode  potential,  alloy  composition,  microstructure,  and  yield 

strength.  . . 

Titanium  alloys,  including  a/6Ti-6AI-6V-2Sn,  exhibit  a  minimum  in  K^h 

for  intermediate  loading  rates. Similar  results  were  reported  for  the 
solution  treated  (ST)  R  alloy  Ti-13V-11Cr-3AI  (VCA  120),'=’’  solution  treated 
+  aged  (STA)  R/a  Ti-11.5Mo-6Zr-4.5Sn  (Beta  lll),‘^‘  and  modern  STA  R/a  Ti- 
15Mo-3Nb-3AI  (Beta  21 S).'®'  STA  R/a  Beta  21 S  and  a  specific  age-condition 
of  R/a  Beta  III  were  immune  to  EAC  under  static  load  but  susceptible  under 
constant  displacement  rate  deformation.*^®'  This  complex  loading  rate 
dependence  of  EAC  is  unique  to  titanium  alloys;  however,  some  titanium 
alloys,  including  an  alternate  age-condition  of  R/a  Beta  III,  are  susceptible 
to  EAC  under  static  load.*^®' 

The  threshold  for  EAC  of  titanium  alloys  in  halogenated  electrolytes 
is  generally  a  minimum  at  electrode  potentials  near  -500  mVgcE-  This 
behavior  was  reported  for  a/R  Ti-8Al-1Mo-1V  and  for  the  R  or  R/a  alloys  Ti- 
8Mn,  Beta  III  (STA),  VCA  120  (ST),  and  Beta  21 S  (STA).*®'®®’  Immunity  to 
EAC  was  achieved  at  cathodic  potentials  greater  than  -1000  mVscE- 

The  chloride  EAC  susceptibility  of  titanium  alloys  depends  on  alloy 
composition,  microstructure,  and/or  yield  strength  (ctys)-  ST  R  VCA  120 
exhibits  EAC  under  static  loading, *’'”  while  the  ST  R  alloys  Beta  III  and  Ti- 
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8Mo-8V-3AI-2Fe  are  immune.  These  latter  two  alloys  become  EAC- 
susceptible  upon  aging  to  precipitate  the  a  phase.'®’  STA  B/a  Beta  ill  is 
susceptible  to  EAC  under  static  loading  for  the  aging  condition  480°C/100 
hr  (ctys  =  1000  MPa),  but  not  for  620“C/16  hr  (ays  =  800  MPa).'"'  EAC  was 
produced  in  STA  S>/a  Beta  21 S  under  rising  displacement  but  not  in  STA 
B/a  Ti-15V-3Cr-3AI-3Sn  (Ti-15-3)  for  similar  ays  (1300  MPa).'®'  The  depen¬ 
dence  of  the  EAC  threshold  on  ays  for  B  and  B/o-  titanium  alloys  is  not  clear; 
however,  limited  data  suggest  a  trend  similar  to  that  for  high-strength 
steels.'®'®'"’’®' 

Sulfide  additions  to  chloride  solutions  exacerbate  EAC  of  ferritic  and 
martensitic  steels,  particularly  for  lower  strength  levels.'"'  Sulfide-EAC  of  B 
and  B/a  titanium  alloys  has  not  been  investigated  broadly.'’®’ 

Considering  Beta  C,  several  studies  show  that  this  alloy  is  immune 
to  chloride  EAC,  for  the  ST  and  STA  conditions.'’®  ’®'  While  smooth,  notched 
and  precracked  specimens  were  employed,  it  is  possible  that  these 
experiments  did  not  sufficiently  probe  the  intersections  of  the  variables  that 
cause  EAC  in  titanium  alloys. 

EXPERIMENTAL  PROCEDURES 

Material 

Beta  C,  of  composition  Ti-3.4AI-8.3V-5.9Cr-4.4Zr-4.1Mo  (wt.%:  with 
trace  amounts  of  Nb,  Fe,  C,  N  and  O  as  reported  by  the  manufacturer,  RMl 
Titanium  Company)  was  studied.  This  material  was  provided  as  hot-rolled 
4.1 -cm  diameter  round  bar  that  was  solution  treated  above  the  B  transus  at 
815'’C  for  1  hour  followed  by  air  cooling.  EAC  specimens  were  tested  in  the 
ST  and  STA  conditions.  The  aging  treatment  consisted  of  heating  ST 
blanks  at  500°C  for  24  hours  followed  by  air  cooling.  This  treatment 
precipitated  a  as  1  to  5  /im  long  platelets  within  120  grains  and 
infrequently  in  a  colony  structure  at  B  grain  boundaries.  Transmission 
electron  microscopy  was  not  conducted;  particularly,  the  occurrence  of  a 
submicron  a  film  on  B  grain  boundaries  was  not  determined.  Rockwell  C 
hardnesses  were  Rc  28  and  Rc  41  for  the  ST  and  STA  conditions,  respec¬ 
tively,  which  correspond  to  yield  strengths  of  830  and  1280  MPa  from  a 
hardness-ays  correlation  given  for  two  B  titanium  alloys.'®' 

Environment 

Experiments  were  conducted  at  25°C  in  either  moist  air  or  neutral  (pH 
6)  0.6M  (3.5  wt.%)  aqueous  NaCI  at  free  corrosion  or  fixed  electrode 
potentials  of  -150,  -600,  and  -1000  mVscE-  Experiments  were  also 
conducted  in  the  acidified  sulfur-species-bearing  solutions  indicated  in  Table 
I.  A  plexiglass  cell  was  secured  to  the  specimen  in  order  to  flow  solution 


at  25  ml/min  from  a  two-liter  reservoir  through  the  machined  notch  tip  and 
fatigue  precrack.  A  schematic  of  the  cell  is  shown  in  Fig.  1.  Dissimilar 
metals  did  not  contact  the  specimen  and  all  tubing  was  PTFE.  The 
grounded  specimen  (working  electrode)  was  maintained  at  a  constant 
potential  by  a  Wenking  potentiostat  in  conjunction  with  a  chloridized  silver 
wire  reference  electrode  and  a  platinized  niobium  counter  electrode.  The 
reference  electrode  for  polarization  was  located  on  one  side  of  the 
specimen,  near  the  notch  (Fig.  1).  A  second  reference  electrode  indicated 
that  the  potential  of  the  opposite  face  was  0  to  200  mV  more  noble  than  the 
polarized  side,  depending  on  the  magnitude  of  the  current. 

Table  I.  Sulfur-Species  Additions  to  the  Aqueous  NaCI  Environment 


Solution 

Salt 

Acid  /  pH 

SiJifur 

Cohrippund 

Sulfur 

Species 

Sulfide  + 
acetic 

0.6  M  NaCI 

1.5M  acetic,  0.1M 
acetate  /  pH  3.3 

10  ppm  S 
as  NajS 

CH3COSH 

(?) 

Sulfide  + 
hydrochloric 

0.6  M  NaCI 

0.1  M  HCI 
pH  1.3 

4  ppm  S 
as  NajS 

HjS 

Thiosulfate  + 
acetic 

0.9  M  NaCI 

0.15  M  acetic 
pH  2.6 

60  ppm  S  as 

NajSjOj 

sp;  -  s 

-  H,S(?) 

EAC-Fracture  Mechanics 

Sidegrooved  compact  tension  (CT)  specimens  were  machined  with 
the  longitudinal  axis  of  the  round  bar  perpendicular  to  the  crack  plane  and 
crack  growth  in  the  radial  direction.  CT  specimen  gross  thickness  was  6.3 
mm,  net  thickness  was  5.1  mm,  and  width  was  30.5  mm.  Specimens  were 
fatigue  precracked  in  room  temperature  moist  air,  terminating  with  a  of 
25  MPavm,  R  of  0.4  (R  =  K„,^/Kmax).  and  a  crack  length-to-width  ratio  (a/W) 
of  approximately  0.52. 

Precracked  specimens  were  loaded  under  monotoriically  rising  crack 
mouth  opening  displacement  (CMOD)  at  a  constant  rate  (5j  oH.S  /xm/min 
using  a  servohydraulic  mechanical  test  system.  CT  specimens  were 
instrumented  to  measure  applied  load,  CMOD  and  crack  extension.  CMOD 
was  measured  and  controlled  using  a  clip  gauge  mounted  across  the 
mouth  of  the  machined  notch,  as  shown  in  Fig.  1.  The  direct  current 
potential  difference  (DCPD)  method  was  used  to  resolve  crack  tip  process 
zone  damage  initiation  and  subsequent  crack  growth.  The  expression  used 
to  calculate  a/W  from  measured  voltage,  and  other  details  of  the  technique. 


are  given  in  References 
8,  19  and  22.  Applied 
load,  DCPD,  CMOD  and 
time  were  recorded  using 
a  PC-based  data 
acquisition  system. 

The  fracture 
mechanics  were 
characterized  using  the 
elastic-plastic  J-integral, 
as  detailed  elsewhere.''"' 

For  STA  specimens  J  plastic 
was  small  compared  to 
the  applied  total  J;  thus 
small-scale  yielding  was  Figure  1.  Cell  and  CT  specimen  for  rising  CMOD  EAC 
maintained  and  elastic  K  experiments,  ("dcpd”  indicates  the  measurement  probes 
analysis  was  sufficient,  for  electrical  potential  difference  due  to  a  direct  current,  I, 
All  experiments  satisfied  through  the  uncracked  portion  of  the  specimen.) 

the  criterion  for  plane 

strain  defined  in  an  ASTM  Standard.'^' 

The  plot  of  load  and  DCPD  versus  CMOD  in  Fig.  2  is  typical  of  the 
experiments  with  high-strength  STA  specimens  in  NaCI.  Two  measures  of 
the  threshold  K  for  the  initiation  of  crack  growth  were  determined.  A  lower- 


bound  value  is  defined  by 
the  first  deviation  from  the 
initial  baseline  DCPD 
versus  CMOD  trend  when 
coincident  with  the  onset 
of  nonlinearity  in  the  load 
versus  CMOD  plot.'®’’®'  For 
loading  in  moist  air,  this 
value  (K,ci)  is  a  lower 
bound  of  the  standardized 
plane  strain  fracture 
initiation  toughness  (K,c),‘’®' 
and  in  aggressive 
environments  this  value 
(Kthi)  represents  a  lower 
bound  of  the  threshold 
(Kth)  for  subcritical  crack 
growth  initiation.'"”  Kjh  is 


Figure  2.  Load  and  DCPD  versus  CMOD  data  for  STA 
Beta  C  in  3.5%  NaCI.  (Note  the  definition  of  threshold 
stress  intensity  (K^h)  and  initiation  threshold  stress 
intensity  (Kth,).) 


defined  at  the  first  major  load  drop.  At  the  crack  growth  increment  (Aa) 
is  assumed  to  equal  zero;  subsequent  crack  lengths  are  calculated  using 
DCPD  values  normalized  with  the  potential  at  the  known  fatigue  precrack 
length. Average  subcritical  crack  growth  rate  (da/dt)  was  calculated 
using  linear  regression  over  a  small  time  interval. 

A  single  critical  J  for  the  initiation  of  crack  growth  was  calculated  for 
each  ST  experiment  since  DCPD  versus  CMOD  data  did  not  indicate  crack 
initiation.  The  initiation  point  was  determined  from  DCPD  measurements 
with  the  measured  final  crack  length  as  a  reference,  then  selecting  the  P- 
CMOD  data  point  corresponding  to  the  measured  fatigue  precrack  length. 


RESULTS 


ST  Beta  C  in  Air  and  Chioride 

Static  Crack  /  Threshold  Behavior  Results  for  ST  Beta  C  tested 
in  moist  air  and  four  different  aqueous  environments,  each  at  the  free 
corrosion  potential,  are  shown  in  Fig.  3.  These  experiments  establish  that 
Beta  C  in  the  moderate  strength,  single  phase  condition  is  not  embrittled  by 
severe  mechanical  and  environmental  conditions.  The  CMOD  rate  used  for 
these  experiments  produced  maximum  EAC  susceptibility  (minimum  Kjh)  for 
STA  R/a  Beta  21 S  in  aqueous  NaCI  near  free  corrosion.'®'  The  moist  air 
fracture  toughness  (KJ  of  ST  Beta  C  is  115  MPavm,  which  compares 
favorably  with  a  reported  value  of  96  MPavm.'*®’  The  higher  value  may 
reflect  the  use  of  elastic-plastic  fracture  mechanics  for  small  specimens  of 


a  moderate  strength-high 
toughness  alloy,  compared  to 
the  less  rigorous  elastic  analysis 
employed  in  Ref.  23.  K^h  (114 
MPavm)  in  neutral  NaCl  (E„„  = 
-200  to  -150  mVscE)  was  not 
reduced  compared  to  K,c. 

The  addition  of  sulfur 
species  to  NaCl  solutions, 
particularly  those  that  form 
hydrogen  sulfide  (HjS), 
exacerbates  EAC  in  steel. 

In  contrast  Fig.  3  shows  that  Kth 
(113  to  120  MPavm)  for  ST 
Beta  C  in  three  different  sulfur- 
species-containing  aqueous 
media  (E,„„  ~  -250  mVsce)  is  not 
reduced  compared  to  either  K,c 


Figure  3.  K|c  and  Kjh  data  for  ST  Beta  C.  K|c  is 
for  moist  air,  compared  to  the  value  from  Ref.  23, 
while  Kth  data  are  for  the  NaCI/sulfur-species 
solutions  listed  in  Table  I. 


or  K-th  for  pure  NaCl.  In  the  NaaS/acetic  acid  solution,  NaaS  reacts  to  form 
thioacetic  acid;'^"''  HjS  gas  was  not  detected  by  smell.  (Crack  growth  was 
not  detected  at  the  point  where  this  experiment  was  terminated  due  to  cell 
leakage.  therefore  exceeded  the  K  value  calculated  at  the  test-interrupt 
load.)  HaS  formed  in  the  NaaS/HCI  acid  solution.^'"’  The  sodium 
thiosulfate/acetic  acid  solution  forms  elemental  sulfur  and  HaS  in  the 
presence  of  steel.'®®’ 

Figure  4  shows  typical  scanning  electron  microscope  (SEM) 
fractographs  of  the  K,c  or  K^h  regions  of  CT  specimens  of  ST  Beta  C, 
fractured  in  moist  air  or  acidified  NaCl/NaaS.  The  fracture  mode  is  identical 
for  moist  air  and  all  aqueous  environments  in  Table  I,  and  consists 
predominately  of  fine  (of  order  2  iim)  transgranular  microvoids. 


Figure  4.  SEM  fractographs  for  ST  Beta  C  in  (a)  moist  air  and  (b)  acidic  NaCI/NajS. 
The  crack  grew  from  top  to  bottom,  and  the  fractographs  are  located  in  the  central  crack 
initiation  region. 


Equal  K,c  and  K^h,  as  well  as  identical  fracture  modes  in  moist  air  and 
the  solutions,  indicates  that  ST  Beta  C  is  immune  to  EAC,  at  least  for  the 
loading  rate  and  electrode  potential  conditions  that  were  examined. 

STA  Beta  C  in  Air  and  Chloride 

Static  Crack /Threshold  Behavior  Results  for  high-strength  STA  Beta 
C,  tested  in  moist  air  and  neutral  aqueous  NaCI  at  -600  mVscE  and  fixed  (Sm. 
are  shown  in  Fig.  5.  Filled  circles  represent  the  results  of  individual 
experiments,  while  averages  are  given  by  the  bars.  K,c  is  50%  lower  (56 
MPavm)  than  for  the  ST  condition,  consistent  with  the  substantially  higher 
strength  from  aging.  Kth  for  chloride  (35  MPavm)  is  reduced  by  about  one- 
third  compared  to  K^.  Data  for  STA  Beta  21 S  and  STA  Ti-15-3,'®’  obtained 
with  single-edge-cracked  specimens  fractured  in  air  and  neutral  aqueous 
NaCl  at  -600  mVgcE  by  the  same  procedure  as  Beta  C,  are  included  in  Fig. 
5.  The  plane  strain  fracture  toughness  of  STA  Beta  C  is  lower  than  that  of 
the  other  two  high-strength  alloys.  Similar  to  the  behavior  of  Beta  C,  Kjh  for 


Beta  21 S  is  reduced  compared 
to  K,c.  In  contrast  Kth  equals 
for  Ti-15-3. 

Figure  6  shows  SEM 
fractographs  from  CT 
specimens  of  STA  Beta  C 
tested  in  moist  air  and  aqueous 
NaCI.  Fraoture  in  air  occurs 
predominately  via  transgranular 
microvoid  coalescence.  Both 
small  (of  order  2  to  5  Mm) 
equiaxed  and  larger  elongated 
microvoids  are  observed. 
Some  facets  are  also  present 
and  may  consist  of  fine  (of 


Beta  C  (STA)  Beta  21S  (STA)  Ti-15-3  (STA) 


Figure  5.  Rising  CMOD  K|c  an(d  K^h  data  for  Beta 
C,  Beta  21  S'®',  and  Ti-15-3'®'  (all  STA)  in  air  and 
aqueous  NaCI.  The  bars  are  average  values  and 
filled  circles  represent  individual  results. 


order  1  Mm)  microvoids. 

Fracture  occurs  by  intergranular  separation  in  the  chloride  environment.  No 
transition  region  is  evident  between  the  fatigue  crack  front  and  EAC 
intergranular  facets.  Fine  void-like  features  are  present  on  grain  facets. 
The  moist  air  fracture  modes  for  STA  Beta  21 S  and  STA  Ti-15-3‘®'*®' 
resemble  that  for  Beta  C  in  air.  The  air  fracture  mode  was  not  altered  for 
Ti-15-3  tested  in  aqueous  NaCI,  whereas  Beta  21 S  failed  by  intergranular 


separation.'®' 


Figure  6.  SEM  fractographs  for  STA  Beta  C  in  (a)  moist  air  and  (b)  3.5%  NaCI.  The 
crack  grew  from  top  to  bottom. 


Kth  less  than  K,c,  as  well  as  the  change  in  fracture  mode  from 
transgranular  miorovoid  rupture  to  grain  boundary  separation,  indicates  that 
STA  Beta  C  is  susceptible  to  EAC  in  neutral  aqueous  NaCI  at  electrode 
potentials  near  -600  mVsce  and  under  rising  CMOD. 

Figure  7  shows  the  effect  of  maintaining  a  CT  specimen  of  Beta  C  at 
constant  CMOD  in  aqueous  NaCI  after  interrupting  the  rising  CMOD  at  a 


K  level  (47  MPavm)  greater  than 
Kth-  (For  this  experiment,  the 
rising  CMOD  was  interrupted 
during  decreasing  load  and 
rapid  subcritical  crack 
propagation.)  Crack 
propagation  continued  for  less 
than  one  minute  after  CMOD 
was  fixed.  At  this  point,  DCPD 
data  indicate  no  crack  growth, 
or  at  most  a  limiting  da/dt  of 
0.001  ixm/s  over  90  hours. 

Crack  growth-induced  compli¬ 
ance  changes  were  not  detect¬ 
ed  (dP/dt  was  essentially  zero 
over  this  time  period),  suggest¬ 
ing  that  da/dt  was  zero. 

Potentiostatic  Polarization  The  severity  of  EAC  for  STA  Beta  C  in 
pure  NaCl  depends  on  applied  electrode  potential,  as  shown  in  Fig.  8.  Both 
Kth,  and  are  compared  to  K™  data  for  Beta  218.'®  “’  EAC  is  observed 
(Kthi  and  Kth  are  less  than  K,ci,  coupled  with  intergranular  cracking)  for 
applied  potentials  between  -150  and  -600  mVscE.  and  threshold  is  a 
minimum  for  a  potential  of  -600  mVscE-  At  a  potential  of  -1000  mVscE.  STA 
Beta  C  is  immune  to  EAC  (K^h,  equals  K,ci  and  fracture  is  by  microvoid 
rupture  for  chloride  and  moist  air).  The  effect  of  potential  is  similar  for  STA 
Beta  218. 

Subcritical  Crack  Propagation  Two  distinct  subcritical  crack 
propagation  rate  responses  were  observed  for  STA  Beta  C  in  NaCI.  Figure 
9  shows  results  for  an  experiment  at  -150  mVscE-  Subcritical  crack 
propagation  was  slow  (on  the  order  of  0.1  nm/s)  for  rising  K  levels  just 
above  K^,  (30  MPavm).  At  K  equal  to  K^h  (41  MPavm),  the  da/dt 
accelerated  by  two  orders  of  magnitude  under  decreasing  K  from  41  to  35 
MPavm  (applied  K  values  are  indicated  at  several  points  in  Fig.  9).  After 
a  crack  growth  increment  of  2  mm,  da/dt  decreased  abruptly  to  near  the 
initial  rate.  This  slow-fast  sequence  was  repeated  several  times  as  the 


Figure  7.  Crack  length  versus  time  for  an 
experiment  with  STA  Beta  C  in  NaCI  which  was 
interrupted  and  maintained  at  constant  CMOD 
(6  J  for  a  K  level  above  Kth- 


chloride  crack  propagated  subcriticaliy  in  several  EAC  experiments.^ 
In  contrast  to  the 
behavior  in  Fig.  9,  alternating  eo 

slow-fast  da/dt  was  not 
observed  for  EAC  experiments  ^  ^ 

with  STA  Beta  C/NaCI  under  1 40 

rising  load  control.  Figure  10  I  3^ 

shows  that  rapid  crack 
propagation  is  not  arrested  and  “ 

continues  until  specimen  10 

fracture.  The  fast  crack  growth 
rates  indicated  in  Figs.  9  and  10  “ 

are  consistent  with  limited 


values  reported  for  other  B- 
tltanium  alloys. It  is  difficult 
to  quantify  the  slower  EAC  rates 
in  Fig.  10,  at  K  just  above  K^hi. 
This  behavior  appears  akin  to 


Beta  C  (STA)  Beta  21S  (STA) 

Figure  8.  K^h  and  as  a  function  of  applied 
electrode  potential  for  STA  Beta  C  and  STA  Beta 
21  S‘®'  in  aqueous  chloride  solution.  Moist  air  K|c 
is  also  shown. 


the  so-called  Stage  IIA  behavior 
reported  for  a/R  titanium  alloys 
in  aqueous  chloride.'^®’ 

DISCUSSION 

Comparison  to  Literature 
Results  for  EAC  of  Beta  C 

Literature  results  indicate 
that  Beta  C  is  immune  to 
aqueous  chloride  EAC.'’®’®' 
Aylor  studied  ST  Beta  C  (ays  = 
850  MPa)  with  blunt-notched 
tensile  specimens  under  rising 
displacement  in  aqueous  NaCl 
at  free  corrosion  and  applied 
electrode  potentials  between 


Time  (s) 


Figure  9.  Crack  length  versus  time  for  STA  Beta 
C  in  3.5%  NaCI  at  -150  mVscE  and  constant 
Average  crack  growth  rates  at  various  K  levels 
(underlined)  are  shown. 


’The  point  marked  "Hold"  in  Fig.  9  shows  the  onset  of  the  fixed  CMOD  experiment 
shown  in  Fig.  7.  which  did  not  produce  EAC  propagation  in  Beta  C/NaCI.  Here,  CMOD 
was  fixed  during  a  rapid  da/dt  event  under  decreasing  K.  A  similar  result  (viz.,  no 
subcritical  EAC  propagation  for  50  hours  at  constant  CMOD  and  applied  K  greater  than  K,h) 
was  observed  for  an  experiment  interrupted  during  slow  da/dt  and  rising  K. 


80-100  (im/s- 


Time  (h) 

Figure  10.  Crack  length  versus  time  for  a 
constant  loading  rate  of  1  N/min.  (STA  Beta  C  in 
3.5%  NaCl  at  -150  mVgcE.  K^h  =  44  MPai/m,  da/dt 
=  80  to  100  nm/s.) 


-850  and  -1250  mVscE-'''’  These  21  ^ 

conditions  did  not  produce  EAC  t  3.5y.NaCI, -150mV„,  ] 

in  Beta  C.  This  procedure  o  : 

indicated  that  a/B  Ti-6A1-4V  (Ti-  f  ^  - 

6-4)  at  this  same  yield  strength  f  ;  o  : 

is  chloride-cracking  resistant/’'"  |  is  -  8o-ioomi,/s-^  o  - 

but  such  is  not  the  case.‘®'®‘"  i  °  : 

o  o 

Azkarate  and  Pelayo  tested  S  "  f  o' 

smooth  tensile  specimens  of  _ :  ■ 

STA  Beta  C  (oyg  =  1250  MPa)  ; 

under  rising  displacement  in  isf . . . . . 

.  0.0  0.5  1.0  1.5  2.0  2.5  3.0  3.5  4.0 

neutral  NaCI  at  free  corrosion, 

-1000  and -1500  mVscE.‘’®’  STA 

Beta  C  was  immune  to  EAC  for  Figure  10.  Crack  length  versus  time  for  a 
the  conditions  examined,  but  Ti-  constant  loading  rate  of  1  N/min.  (STA  Beta  C  in 
6-4  (oys  =  1000  MPa)  exhibited  Kth  =  44  MPai/m,  da/dt 

EAC  af-ISOO  Wolfe  ef.  * 

at.  reported  that  smooth  tensile 

specimens  of  STA  Beta  C  (ays  =  1100  MPa)  were  immune  to  EAC  in 
seawater  with  cathodic  protection.^’®’  Comparison  of  these  results  to  the 
data  in  Figs.  5  and  6  attests  to  the  importance  of  an  occluded  crack  to 
promote  EAC. 

Limited  studies  with  statically  loaded  precracked  specimens  showed 
that  STA  Beta  C  is  immune  to  EAC.  Thomas  and  Seagle  did  not  produce 
brittle  cracking  in  precracked  C-rings  in  NaCI  at  several  electrode 
potentials.’’®'  (EAC  was  produced  by  this  method  when  H^S  was  added  to 
the  environment  and  specimens  were  polarized  cathodically.)  Early  studies 
with  statically  loaded  precracked  cantilever  beam  specimens  of  Beta  C  in 
aqueous  chloride  demonstrated  similar  immunity  to  EAC,  however,  low 
plane  strain  fracture  toughness  clouded  the  results.”^’®’  Comparison  of 
these  findings  to  the  data  in  Figs.  5,  6  and  7  attests  to  the  importance  of 
active  loading  to  promote  EAC  of  Beta  C. 

The  experimental  results  for  intergranular  EAC  of  STA  Beta  C, 
showing  the  deleterious  effects  of  the  fatigue  crack  plus  active  loading  and 
electrode  potentials  near  free  corrosion  levels,  are  identical  to  data  obtained 
for  STA  Beta  21S.‘®’"®' 


Comparison  of  EAC  in  u  Titanium  Alloys  and  Ferritic  Steels 

Figure  1 1  summarizes  K^h  and  K,c  versus  CTys  results  for  Beta  C  in 
chloride  solutions,  compared  to  data  for  STA  Beta  21 S  and  STA  Ti-15-3,‘®' 
and  superimposed  with  EAC  Kjh  for  ferritic  and  martensitic  steels  in  a  variety 


I 

I 


of  hydrogen-producing  gases  and  electrolytes.’^"^  The  large  shaded  band 
shows  the  range  of  K^h  results,  with  upper  (UB)  and  lower  (LB)  bounds  on 
extensive  threshold  data  for  many  steels  in  neutral  chloride  at  free 
corrosion.  (The  open  diamond  shows  a  single  Kth  result  for  moderate 
strength  HY130  steel  in  NaCI,  obtained  with  a  single-edge-crack  specimen 
and  the  fracture  mechanics  method  used  in  the  current  study.) 

For  steels,  it  is  well  established  that  K™  for  hydrogen  environment 
embrittlement  decreases  with  increasing  Fo*'  the  6-titanium  alloys, 

plane  strain  fracture  toughness  decreases  with  increasing  ays  (small  filled 
circles),  with  a  single  trend  observed  for  Beta  C  and  Ti-15-3  and  a  higher 
strength-toughness  trend  seen  for  Beta  21 S.  K^h  values  for  STA  Ti-15-3 
(large  open  circles)  and  ST  Beta  C  (large  filled  circles  at  ays  of  850  MPa)  in 
NaCI  essentially  equal  the  Kc-Oys  trend  line,  indicating  immunity  to  EAC.  The 
results  for  ST  Beta  C  (large  filled  circles)  and  STA  Beta  C  (open  squares) 
suggest  a  strength  effect  on  K^h  that  is  similar  to  the  trend  for  steels  in 
neutral  chloride.  Alloy  microstructure  may  play  a  critical  role  in  determining 
the  EAC  resistance  of  6-titanium  alloys.  The  relative  contributions  of 
microstructure  and  yield  strength  in  governing  the  EAC  resistance  of  ST 


Beta  C  and  the  sus¬ 
ceptibility  of  STA  Beta 
C  are  not  defined. 

Intergranular  EAC 
and  Microstructure 
of  6-Titanlum  Alloys 

An  analysis  of 
STA  Beta  21 S  and  Ti- 
15-3  correlated  inter¬ 
granular  chloride  EAC 
with  microstructure, 
particularly  a  colonies 
precipitated  at  6  grain 
boundaries  and/or 
intense  slip 


Yield  Strength  (MPa) 


Figure  11.  versus  Oys  for  steels’"'  and  selected  p-Ti  alloys 
in  chloride  and  other  hydrogen-producing  environments 
inciuding  sulfur-species  additions. 


localization. 


*Hydrogen-producing  environments  are  capable  of  generating  atomic  hydrogen  on 
strain-cleaned  crack  tip  surfaces  by  cathodic  proton  or  water  reduction  for  aqueous 
electrolytes,  by  dissociative  chemical  adsorption  for  Hj,  or  by  chemical  reaction  for  HjS  or 
HjO  gases.  This  hydrogen  is  avaiiable  to  embrittle  metal  within  the  crack  tip  process 
zone.’^" 


EAC-prone  Beta  21 S  exhibited  both  microstructural  features,  but  EAC- 
resistant  Ti-15-3  did  not.  Both  microstructural  features,  as  well  as  EAC  and 
internal  hydrogen  embrittlement,  appear  to  be  promoted  by  prolonged 
solution  treatment  (in  excess  of  1  hour)  at  high  temperature  (above  950°C). 

Beta  C,  solution  treated  in  the  EAC-resistant  regime  of  relatively 
shorter  time  and  lower  temperature,  exhibited  an  a-precipitate  distribution 
and  slip  morphology  between  that  of  Beta  21 S  and  Ti-i5-3.  While  STA 
microstructures  are  complex,  heat  treatment  experiments  indicated  that 
grain  boundary  a-colonies  are  less  frequent  in  STA  Beta  C,‘“’  compared  to 
both  the  microstructure  of  STA  Beta  21  S‘®’  and  the  amount  of  intergranular 
EAC  shown  in  Fig.  6.  These  preliminary  microstructural  results,  and  the  low 
solution  treatment  time  and  temperature,  are  inconsistent  with  a  correlation 
between  large  a-colonies  at  6  grain  boundaries  and  intergranular  EAC  in 
Beta  C.  Work  is  in  progress  to  better  address  this  issue. 

Considering  slip  morphology,  compression  experiments  showed  that 
plastic  deformation  in  ST  Beta  C  is  qualitatively  homogeneous,  with  some 
grains  deforming  by  locally  intense  slip  bands.‘“’  Upon  aging  to  the  STA 
condition,  slip  band  spacing  decreases,  and  bands  appear  more  planar  and 
likely  to  cross  entire  grains.  Similar  locally  planar  deformation  modes  are 
observed  for  STA  Beta  C  and  Beta  21 S,  compared  to  homogeneous 
deformation  in  STA  Ti-15-3.‘®'“‘^®’  This  comparison  suggests  that  slip 
localization  plays  a  role  in  the  intergranular  chloride  EAC  of  ST  and  STA  6 
titanium  alloys,  however,  additional  research  is  required. 

The  present  resuits  for  Beta  C  show  that  high  solution  treatment 
temperature  and/or  prolonged  time  are  not  the  sole  requisite  for 
intergranular  EAC  in  B  titanium  alloys.  Interactions  between  yield  strength 
and  microstructure,  or  additional  microstructural  effects  such  as  grain 
boundary  impurity  segregation,'^'  must  be  considered. 

Sulfur-Species  Additions 

Figure  1 1  shows  that  acidified  chloride/HzS  solution  at  25°C  severely 
decreases  the  threshold  for  EAC  of  ferritic  steels  from  that  of  aqueous 
chloride  alone.  Also  shown  in  Fig.  1 1  are  the  data  for  ST  Beta  C  in  neutral 
NaCI  and  the  acidified  chloride/sulfur  compound  solutions  summarized  in 
Table  I  (large  filled  circle  symbols  plotted  from  Fig.  3).  Notably  for  Beta  C, 
Kth  did  not  decrease  for  any  of  the  sulfur-bearing  solutions,  even  acidified 
(pH  1.3)  NaCI  with  Na^S  which  formed  H^S.  This  sulfide-EAC  resistance  of 
ST  Beta  C  is  striking.  For  steels  at  a  similar  yield  strength,  acidified  chloride 
and  HjS  decrease  Kth  to  values  as  low  as  15  MPavm.  Kth  tor  ST  Beta  C 
in  the  various  sulfur-species-bearing  electrolytes  is  about  5-fold  higher  than 
this  lower  limit  and  equals  Kic. 


The  sulfide  EAC  resistance  of  ST  Beta  C  may  be  reduced  by  long 
term  exposure  that  allows  bulk  specimen  hydrogen  uptake  from  boldly 
exposed  surfaces.  The  short  term-rising  displacement  experiments 
employed  to  obtain  the  data  in  Fig.  3  involved  24  hour  exposures  to  the 
solution  and  were  designed  to  emphasize  crack  dissolution  and  hydrogen 
production.  Given  a  typical  hydrogen  diffusivity  (Dh)  in  single  phase  B 
titanium  alloys  of  4  x  10'^  cmVsec  or  faster, about  12  hours  are  required 
for  substantial  hydrogen  penetration  from  the  root  of  the  side-groove  to  the 
center  line  of  the  CT  specimen,  parallel  to  the  crack  front.  If  Dh  is  slower  for 
ST  Beta  C  or  if  reactions  involving  sulfide  are  relatively  slow-building  then 
longer  exposure  times  could  result  in  lower  Kth  based  on  a  hydrogen 
embrittlement  scenario.''’'’"^'^®’  This  issue  must  be  investigated  for  cases 
where  ST  B-titanium  alloys  encounter  sulfide  in  an  electrolyte,  for  example, 
as  produced  by  sulfate-reducing  bacteria  in  marine  environments.'^^’ 

Potentiostatic  Polarization  and  Kt„  for  EAC 

The  threshold  for  chloride  EAC  in  STA  Beta  C  depends  on  applied 
electrode  potential.  This  alloy  was  immune  to  EAC  under  cathodic 
polarization  to  -1000  mVgcE.  showed  a  minimum  resistance  (Kth)  af  -600 
mVscE.  and  was  somewhat  less  cracking-prone  with  increasing  potential  at 
-150  mVscE  (Fig.  8).  The  beneficial  effect  of  cathodic  polarization  was 
reported  by  others  for  a/B  and  B/a  titanium  alloys  in  halogenated 
electrolytes.'®'®'®*’  In  particular  Young  et  reported  that  the  neutral 
chloride  Kth  for  STA  Beta  21 S  increased  to  equal  Kic  when  the  specimen 
was  polarized  cathodically  to  -1000  mVsce,  Fig.  8.  Similar  low  Kth  values 
were  observed  at  -600  and  -150  mVgcE,  without  evidence  of  a  minimum  EAC 
resistance.  A  speculative  hydrogen  environment  embrittlement  mechanism, 
focusing  on  atomic  hydrogen  production  and  uptake  at  the  occluded  and 
strain-bared  crack  tip,  was  proposed  to  explain  the  electrode  potential 
dependence  shown  in  Fig.  8.'®' 

The  chloride  EAC  resistance  of  STA  Beta  C,  under  cathodic 
polarization,  may  be  reduced  by  long  term  exposures  that  allow  bulk 
specimen  hydrogen  uptake  from  boldly  exposed  specimen  surfaces.  That 
is,  hydrogen  may  be  produced  on  such  surfaces,  even  if  crack  tip 
production  and  uptake  are  minimized  by  cathodic  polarization.'*®’ 

Implications  of  Slow-Rapid  EAC  Growth  Rates 

Alternating  slow-rapid  subcritical  crack  propagation  could  be 
explained  mechanistically:  hydrogen  from  cathodic  reaction  diffuses  ahead 
of  the  crack  tip,  embrittles  the  process  zone,  and  the  crack  rapidly 
propagates  until  arrest  by  surrounding  non-embrittled  material.'®*’  For  STA 


Beta  C  in  NaCI,  rapid  EAC  propagation  occurs  over  distances  that  are 
much  larger  than  the  crack  tip  process  or  plastic  zone  (Fig.  9),  transitions 
in  the  fracture  surface  morphology  are  not  observed  by  SEM,  and  oscillating 
crack  growth  kinetics  are  not  evident  under  rising  load  control.  Thus,  the 
slow-rapid  da/dt  phenomenon  is  not  ascribed  to  time-dependent  hydrogen 
diffusion. 

Meyn  and  Pao  observed  oscillating  subcritical  crack  growth  kinetics 
for  a/iiTi-6-4  and  perhaps  6/a  STATi-15-3  in  neutral  aqueous  NaCI  during 
slow  constant  extension  rate  experiments. At  higher  extension  rates, 
continuous  Stage  II  EAC  occurred.  It  was  proposed  that  a  critical  crack  tip 
strain  rate  was  necessary  to  maintain  conditions  conducive  to  Stage  li  crack 
growth.  Webb  and  Meyn  recently  developed  a  crack  driving  force  vs 
resistance  model  of  oscillating  EAC  da/dt,  based  on  assumed  da/dt  vs 
strain  energy  release  rate  (G)  dependencies,  and  including  test  system 
compliance.''"'  While  they  do  not  provide  a  mechanistic  explanation  for  the 
form  of  da/dt  vs  G  necessary  to  produce  slow-rapid  da/dt  during  rising 
displacement  loading,  they  suggest  that  titanium  alloy/environment  systems 
exhibiting  Stage  llA-Stage  II  subcritical  crack  growth  kinetics  are  unique 
candidates  for  oscillations.  Oscillating  crack  growth  kinetics  are  expected 
to  yield  a  sawtooth  K-Aa  curve,  where  the  minimum  and  maximum  K  levels 
are  constant.  Measured  minimum  and  maximum  K  levels  for  STA  Beta 
C/NaCI  in  Fig.  9  are  not  constant. 

Classically,  subcritical  EAC  da/dt  is  measured  and  modeled  based 
on  either  K-control  or  crack  tip  strain  rate  (ecT)-control.‘"'''*'  Rather,  for 
titanium  alloys  in  chloride,  we  propose  that  da/dt  depends  interactively  on 
both  K  and  6ct.  with  steep  near-threshold  regimes  for  both  variables.  This 
hypothesis  is  based  on  the  notion  that  K  governs  the  crack  tip  process 
zone,  relevant  to  hydrogen  embrittlement,  while  ecT  governs  the  extent  of 
crack  surface  electrochemical  reactions,  pertinent  to  hydrogen  production, 
or  process  zone  dislocation  transport.  The  slow-rapid  crack  growth 
behavior  shown  in  Fig.  9  is  then  controlled  by  specimen  compliance-based 
changes  in  K  and  for  the  experiments  conducted  in  rising-CMOD 
control.  Note  that  da/dt  is  not  a  unique  function  of  K  for  STA  Beta  C.  For 
example,  both  slow  and  rapid  da/dt  are  observed  at  a  K  level  of  40  MPavm. 

Determination  of  the  three-dimensional  relationship  between  da/dt, 
K  and  ecy  is  complicated  by  uncertainties  in  the  calculation  of  crack  tip 
strain  rate.  For  a  propagating  crack,  this  quantity  depends  on  K,  dK/dt  and 
da/dt,  however,  the  precise  function  is  clouded  by  uncertain  parameters  in 
the  continuum  mechanics  formulation,*'’®''’'"  and  by  the  role  of  localized 
dislocation  processes.  None-the-less,  a  continuum  estimate  of  the  crack  tip 
opening  displacement  rate  which  may  be  proportional  to  ecT,  shows 


that  Sj  at  the  onset  of  rapid  crack  propagation  is  at  least  an  order  of 
magnitude  less  than  that  at  the  point  where  rapid  da/dt  begins  to  arrest. 
This  estimate  indicates  that  da/dt  must  be  controiled  by  the  interaction  of 
K  and  e^j.  Experiments  and  additional  analyses  are  required  to  test  the 
relative  contributions  of  stress  intensity  and  crack  tip  strain  rate,  and  to 
determine  the  extent  to  which  slow-fast  da/dt  behavior  is  unique  to  titanium 
alloys  in  environments  that  form  a  passive  film  at  the  crack  tip. 

CONCLUSIONS 

1.  The  high-strength  R/a  titanium  alloy,  STA  Beta  C,  is  embrittled  by 
loading  in  neutral  aqueous  NaCI  solution  at  25°C,  given  an  occluded 
crack,  active  strain  rate  and  electrode  potentials  near  free  corrosion. 
This  behavior  is  analogous  to  that  of  STA  Beta  21 S. 

2.  STA  Beta  C  resists  crack  propagation  in  NaCI  under  static  load/ 
displacement  or  cathodic  polarization,  at  least  for  short-term 
experiments.  This  behavior  is  analogous  to  that  of  STA  Beta  21 S. 

3.  Moderate  strength,  single  phase  (I5)  ST  Beta  C  is  immune  to  chloride 
EAC  at  the  free  corrosion  potential  and  under  short-term  rising 
displacement.  Sulfur-species  and  acid  additions  to  NaCI  that 
embrittle  ferritic  steels  do  not  promote  intergranular  EAC  in  ST  Beta 
C. 

4.  EAC  in  STA  Beta  C  is  intergranular;  the  contributions  of  grain 
boundary  a  precipitation,  locally  intense  planar  slip  and  impurity 
segregation  are  not  defined.  Moist  air  fracture  of  the  STA  and  ST 
conditions,  as  well  as  ST  fracture  in  chloride-sulfur-species  solutions, 
are  by  transgranular  microvoid  rupture. 

5.  The  rising  CMOD  method  is  effective,  but  requires  instrumentation 
and  analysis  of  da/dt  as  a  function  of  K  and  crack  tip  strain  rate. 

6.  Alternating  slow-rapid  EAC  propagation  rate  is  speculatively  attribut¬ 
ed  to  coupled  K-  and  crack  tip  strain  rate-control,  and  specimen 
compliance-induced  changes  in  these  driving  force  parameters. 
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ABSTRACT 

To  understand  the  effect  of  Mo-Nb  additions  on  the  electrochemical  behavior  of  p-titanium  alloys  in  ambient  temper¬ 
ature  chloride  solutions,  characterization  of  the  electrochemistiy  and  passivity  of  a  Ti-15Mo-3Nb-3Al  alloy  (P-21S)  was 
undertaken.  Both  solution  heat-treated  (SHT)  and  peak-aged  (PA)  alloys  exhibited  passive  anodic  behavior  in  aerated  and 
deaerated  0.6M  NaCl,  aerated  and  deaerated  0.6M  NaCl  adjusted  to  pH  1  with  HCl,  as  well  as  aerated  5M  HCl.  X-ray 
photoelectron  spectroscopy  (XPS)  performed  after  exposure  to  neutral  0.6M  NaCl  indicated  that  both  PA  and  SHT  P-21S 
formed  a  predominantly  Ti02  film.  Auger  electron  spectroscopy  (AES)  and  cathodic  kinetics  suggest  that  the  Mo  and 
Nb  alloying  additions  are  incorporated  into  the  oxide  in  amounts  less  than  that  found  in  the  alloy.  The  predominance 
of  the  passivating  ilOj  may  explain  the  similarity  of  the  electrochemical  behavior  observed.  However,  in  deaerated  5M  HCl, 
all  materials  displayed  active-passive  behavior  except  for  SHT  P-21S  which  was  spontaneously  passive.  This  result 
suggests  that  the  presence  of  the  a-phase  is  deleterious  to  the  formation  of  a  protective  passive  mm  on  PA  3-2  IS  in 
deaerated  5M  HCl. 


Metastable  p-titanium  alloys  incorporating  Mo  and  Nb, 
such  as  3-21S,  were  designed  initially  for  improved  high 
temperature  properties  such  as  oxidation  resistance,  ele¬ 
vated  temperature  strength,  and  creep  resistance.*  How¬ 
ever,  interest  in  these  materials  for  high  strength  applica¬ 
tions  in  room  temperature  marine  environments  is 
increasing.  One  question  regarding  their  seawater  perfor¬ 
mance  is  their  resistance  to  environmentally  assisted 
cracking  (E  AC).  The  E  AC  resistance  of  a-titanium  alloys  in 
seawater  is  controlled  by  the  tendency  of  the  o-phase  to 
hydride.*’  In  o  +  p  alloys,  a  discontinuous  p-phase  has  a 
positive  effect  on  the  EAC  resistance,  plastically  blimting 
cleavage  cracks  propagating  through  the  hydrided  o- 
phase.*  Little  is  Imown  about  the  effects  of  a-phase  in  a 
P-titanium  matrix,  however  a  continuous  p-phase  is  detri¬ 
mental  to  hydrogen  embrittlement  resistance.’  In  contrast 
to  a-titanium,  a  large  hydrogen  concentration  (>40  a/o)  is 
reqioired  to  hydride  P-titanium  in  H-H  binary  compound.* 
It  is  unclear  whether  such  levels  can  be  obtained  in  P-tita- 
nirnn  alloys  following  film  rupture  in  a  marine  environ¬ 
ment.  Thus,  it  is  unknown  whether  a  hydrogen  mechanism 
is  involved  in  the  EAC  behavior  of  these  alloys  because  of 
a  sequence  of  events  involving  (i)  crack  tip  passive  film 
destabilization,  (ii)  dissolution,  (iti)  hydrogen  production, 
and  (iv )  hydrogen  absorption,  or  whether  EAC  is  controlled 
by  an  entirely  different  mechanism  such  as  slip-film  rup¬ 
ture-dissolution,  pre-existing  active  path  dissolution,  or 
film-induced  cleavage.’ 

EAC  has  been  observed  in  PA  p-21S  in  monotonic  load¬ 
ing  experiments  on  precracked  specimens  exposed  to  0.6M 
NaCl  at  -0.6  and  -0.15  V  vs.  SCE.‘  Cracking  was  maxi¬ 
mized  at  intermediate  strain  rates,  suggesting  that  a  bal¬ 
ance  exists  between  a  combination  of  film  rupture  fre¬ 
quency  and  repassivation  rate,  and  the  need  for  sufficient 
time  to  accommodate  a  time-dependent  transport  process. 
Intergranular  cracking  was  observed  only  when  preferen¬ 
tial  a-precipitation  on  p-grain  boundaries  occurred.'  Coin¬ 
cidentally,  coplanar  slip  was  favored  in  the  P-Ti  which  was 
prone  to  preferential  grain  boundary  a-precipitation  as  op¬ 
posed  to  wavy  slip.®  Therefore,  it  is  useful  to  ascertain 
whether  a  preferential  dissolution  path  may  have  devel¬ 
oped.  However,  little  is  known  about  the  passivity  and  re¬ 
passivation  kinetics  of  P-titanium  alloys  stabilized  with 
molybdenum  and  niobium  in  marine  environments  over 
this  range  of  potentials.  Tomashov  etal.  reported  for  Ti-15 
Mo  in  40%  HjSO,  at  90°C  that  dissolution  is  lowest  for 
100%  p-alloys  and  increases  for  p  +  a  and  p  +  to  alloys." 
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Additionally,  passive  dissolution  of  hep  a  was  higher  when 
alloyed  with  small  additions  of  Al,  V,  Mo,  Zr,  or  Nb.‘°  All 
these  elements  increased  the  passive  dissolution  rate  of 
o-Ti  in  H2SO4  at  80°C  polarized  to  +1 V.  Tomasbov  et  al. 
attributed  this  effect  to  a  change  in  ionic  conductivity  of 
the  predominantly  TiOi  oxide  and  did  not  attribute  this 
behavior  to  any  change  in  the  chemical  stability  of  the  pro¬ 
tective  oxide."  Initial  corrosion  research  on  p-2  IS  alloy  has 
extended  only  to  weight  loss  measurements.*’  In  that  study 
P-21S  had  a  lower  dissolution  rate  and  hydrogen  uptake 
efficiency  compared  to  commercially  pure  Ti  and  Ti-15Mo. 
Previous  research  on  molybdenum-containing  titanium  al¬ 
loys  generally  has  focused  on  materials  including  Zr.**’** 
Others  have  studied  Nb  additions*'  and  found  that  there 
was  little  effect  on  the  high  temperature  oxidation  resist¬ 
ance  of  titanium.  Therefore,  as  an  initial  step  in  elucidating 
the  role  of  electrochemical  processes  on  the  EAC  mechan¬ 
ism  of  a  Mo  and  Nb  stabilized  alloy,  characterization  of  the 
dissolution  and  passivity  of  P-21S  has  been  undertaken  in 
room  temperature  chloride  solutions.  A  subsequent  study 
addresses  repassivation  kinetics.*’ 

To  obtain  the  required  strength  levels,  these  alloys  are 
precipitation  hardened  through  growth  of  an  o-precipitate 
with  a  needlelike  morphology.'  Hence,  a  goal  of  this  study 
is  to  examine  the  efiect  of  both  composition  and  mi¬ 
crostructure  on  the  electrochemical  behavior  of  these  al¬ 
loys.  Both  SHT  and  PA  materials  were  investigated. 

Experimental  Procedure 

The  composition  of  P-21S  is  reported  in  Table  I.  P-21S 
was  SHT  for  8  h  at  871°C  (1600°F)  followed  by  an  air  cool. 
Peak-aging  comprised  a  subsequent  single-step  heat-treat¬ 
ment  at  538°C  (1000°F)  for  8  h  followed  by  an  air  cool.  The 
presence  of  an  a/p-microstructure,  and  the  absence  of 
other  phases,  was  confirmed  by  both  x-ray  diffraction  ex¬ 
periments  and  optical  microscopy."  a-platelets  preferen¬ 
tially  nucleate  and  grow  along  p-grain  boundaries  mth  a 
Burger’s  orientation  of  (110)^  II  (0001)„,  [111]^  II  [1120],." 
This  orientation  relationship  is  observed  throughout  the 
matrix.**  Mo  and  Nb  are  p-phase  stabilizers,  while  Al  is  an 
a-stabilizer.“  a-Precipitates  are  Al  rich  and  Mo  poor, 
whereas  the  p-matrix  is  the  opposite.**  Therefore,  grade  6 

Table  I.  Vendor  reported  average  chemical  composition  of  p-2  IS. 

Ti  Mo  Al  Nb  Si  O  Fe  N 


Weight  percent  rem.  14.9  3.15  2.64  0.22  0.198  0.15  0.014 
Atomic  percent  rem.  7.89  5.99  1.44  0.40  0.629  0.14  0.051 
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Table  II.  Vendor  reported  chemical  compositions  of  grades  2 
and  6  Ti  in  weight  percent. 

Ti  A1  Sn  Fe  O  N  H 

Grade  2  Ti  reim  ol6  003  0.005  0.0036 

Grade  6  Ti  rem.  5.20  2.30  0.46  0.13  0.010  82  ppm 

Ti  (Ti-5  Al-2.5  Sn)  was  utilized  to  simulate  the  approxi¬ 
mate  composition  of  the  a-precipitates  found  in  the  p- tita¬ 
nium  alloys.  The  compositions  of  grades  2  and  6  TI  are 
listed  in  Table  H.  Commercially  pure  grade  2  Ti  (a-phase) 
also  was  examined  for  a  baseline  comparison. 

Samples  were  polished  to  a  600  grit  finish  followed  by 
degreasing  in  acetone.  The  testing  apparatus  comprised 

1  cm^  working  electrode  area  exposed  in  a  flat  ceU  contain¬ 
ing  a  platinized  niobium  mesh  counterelectrode.  A  satu¬ 
rated  calomel  reference  electrode  (SCE)  was  situated  in  a 
well  possessing  a  Luggin  capillary. 

Rotating  disk  electrode  (RDE)  experiments  comprised 
identical  counter  and  reference  electrodes  as  above.  The 
working  electrode  (0.635  cm  diam)  surface  preparation  was 
the  same  as  stated  above.  The  disk  was  imbedded  in  a  Kel-F 
mandrel  attached  to  an  analytical  rotator  and  ASR  speed 
controller  from  Pine  Instrument  Co.  A  standard  RDE  cell 
was  utilized  for  these  experiments. 

Polarization  measurements  were  performed  with  either  a 
Princeton  Applied  Research  (PAR)  173  or  PAR  273  poten- 
tiostat  at  a  scan  rate  of  0.05  mV/s.  All  polarization  experi¬ 
ments  were  performed  following  exposure  to  solution  for 

2  h  at  open  circuit. 

Each  electrochemical  impedance  spectroscopy  (EIS)  ex¬ 
periment  comprised  ten  individual  impedance  scans.  An 
initial  scan  was  conducted  at  the  open-circuit  potential 
followed  by  nine  scans  at  300  mV  intervals  from  -0.3  to 
2.1  V  vs.  SCE.  Each  scan  was  preceded  by  a  2  h  potentio- 
static  hold  at  the  given  potential,  except  the  open-circuit 
potential  scan  which  was  preceded  by  2  h  at  open  circuit. 
EIS  measurements  were  performed  with  a  Solartron  1286 
electrochemical  interface  and  a  Model  1255  frequency  re¬ 
sponse  analyzer.  A 10  mV  rms  ac  voltage  signal  was  applied 
at  frequencies  between  10  kHz  and  5  mHz  using  potentio- 
static  control.  Impedance  data  fitting  was  performed  with 
CNLS  circuit  fitting  software.^^ 

Electrochemical  tests  were  performed  on  the  materials 
utilizing  six  different  room  temperature  solutions.  These 
were  0.6MNaCl,  0.6MNaCl  adjusted  to  pH  1  -with  HCl,  and 
5M  HCl,  each  in  both  the  aerated  and  deaerated  condition. 
NaCl  solutions  (0.6M)  comprised  reagent  grade  NaCl 
added  to  distilled  deionized  water.  Solutions  were  adjusted 
to  pH  1  with  reagent  grade  HCl.  HCl  solutions  (5M)  com¬ 
prised  reagent  grade  HCl  and  distilled  deionized  water.  The 
pH  of  these  solutions  is  -1.64  when  the  effect  of  Cl”  on  the 
activity  of  H*  is  incorporated  into  the  calculation.’'^  Deaer¬ 
ation  was  performed  with  commercially  pure  Ar  gas.  0.6M 
NaCl  solution  was  utilized  to  model  alloy  behavior  when 
exposed  to  the  bulk  solution  in  a  marine  environment.  The 
pH  1, 0.6M  NaCl  was  utilized  to  discern  the  behavior  of  the 
alloys  in  a  simulated  crack  tip  environment.  Although  a 
crack  tip  solution  and  its  pH  has  yet  to  be  isolated,  a  pH  1, 
0.6M  NaCl  is  considered  to  be  a  rough  estimate  of  that 
solution.  Beck“  has  reported  that  a  pH  <1.3  was  found  next 
to  a  corroding  pit  exposed  to  neutral  chloride  solution.^ 
Others  have  reported  a  pH  of  1.7  at  a  crack  tip  in  Ti-8  Al-1 
Mo-1  V.^®  HCl  (5M)  was  utilized  to  analyze  material  behav¬ 
ior  under  extremely  acidic  conditions  that  are  perhaps 
more  severe  than  a  crack  tip  environment. 

Sample  surfaces  were  prepared  for  Auger  electron  spec¬ 
troscopy  (AES)  in  the  manner  stated  above.  EIS  was  then 
performed  on  each  sample  in  pH  1,  0.6M  NaCl  as  described 
above,  with  the  final  potential  at  1.5  V  vs.  SCE.  Samples 
were  removed  from  the  cell  and  rinsed  in  distilled  deion¬ 
ized  water.  AES  was  performed  on  a  Perkin  Elmer  PHI  600 
system  utilizing  a  5  keV  beam  operated  at  0.54  jxA.  Sputter 
depth  profiling  was  performed  with  a  3  keV  Ar*  ion  beam. 
The  particular  Auger  electron  transition  energies  utilized 


Fig.  1.  Representarive  anodic  polarizarion  scans  for  ihe  four  tita¬ 
nium  alloys  examined  in  one  particular  solution  (aerated  pH  1, 0.6A( 
NaCl). 


for  analysis  for  each  element  were  selected  at  Auger  ener¬ 
gies  as  close  as  possible  to  each  other  for  different  elements 
to  obtain  comparable  escape  depths.  The  transition  ener¬ 
gies  used  were  Tii.MM-418  eV,  Okll-503  eV,  Momnn-186  eV, 
and  AIkll-1396  eV. 

X-ray  photoelectron  spectroscopy  (XPS)  was  performed 
on  a  Kratos  XSAM800  utilizing  a  Mg  x-ray  source  oper¬ 
ated  at  13  kV  and  20  mA,  perpendicular  to  the  sample  sur¬ 
face.  Samples  were  potentiostatically  held  at  —0.6  V  vs. 
SCE  in  pH  1  0.6M  NaCl  and  the  surfaces  mechanically 
abraded  with  SiC  paper,  thereby  aUowing  the  oxides  to 
reform  at  -0.6V.  Samples  were  rinsed  in  distilled  water 
upon  removal  from  the  cell.  The  following  peaks  were  used 
for  analysis:  Ti-2p3/2, 0-ls,  Mo-3d3/2  and  Sds/j,  Nb-3d3/3  and 
3d6/2,  and  Al-2p.  Reference  to  C  Is  was  used  in  order  to 
account  for  specimen  charging. 

Results  and  Discussion 

Electrochemistry  and  passivity  in  pH  1,  0.6M  NaCl  solu¬ 
tions. — Electrochemistry. — Representative  anodic  polar¬ 
ization  data  are  reported  in  Fig.  1  and  2.  Figure  1  shows  the 
anodic  polarization  behavior  of  the  four  different  materials 
(SHT  and  PA  3-21S,  grade  2,  and  grade  6)  in  a  particular 
solution  (aerated  pH  1,  0.6M  NaCl).  Figure  2  reveals  the 
behavior  of  one  particular  material  (SHT  3-2  IS)  in  the  six 
solutions  (0.6M  NaCl,  pH  1,  0.6M  NaCl,  and  5Af  HCl,  each 
in  the  aerated  and  deaerated  conditions).  It  may  be  seen  in 
Fig.  1  that  a  significant  increase  in  anodic  current  density 
is  observed  for  each  material  at  approximately  1.4  V.  This 
increase  in  anodic  current  density  corresponds  to  the  onset 


Fig.  2.  Representative  anodic  polarization  scans  for  SHT  p-21S  in 
ihe  six  chloride-containing  solutions. 
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Fig.  3.  Proposed  circuit  model  (or  a  passive  titanium  surface  ex* 
posM  to  an  aqueous  solution. 


of  oxygen  evolution  and  is  not  due  to  pitting.  This  result 
has  been  confirmed  by  optical  microscopy  which  did  not 
show  evidence  of  pitting.  This  has  also  been  confirmed  by 
others,  who  have  stated  that  pitting  is  not  observed  on  tita¬ 
nium  in  room  temperature  chloride  solutions  imtil  +9  V  is 
reached."  Additionally,  Fig.  1  reveals  that  SHT  3-2 IS  has 
the  highest  passive  current  density  of  all  of  the  materials. 
This  was  true  in  aU  the  NaCl  solutions  examined.  In  con¬ 
trast,  the  magnitudes  of  the  passive  current  densities  of  the 
other  materials  varied  between  solutions  and  were  proba¬ 
bly  within  experimental  error. 

Figure  1  additionally  reveals  that  the  open-circuit  poten¬ 
tials  for  aU  of  the  materials  are  within  experimental  vari¬ 
ability  for  one  material.  Grade  6  Ti,  which  approximates 
the  composition  of  the  a-precipitates  in  the  PA  3-21S,  has 
a  similar  open-circuit  potential  to  that  of  the  SHT  materi¬ 
als.  This  similarity  indicates  that  galvanic  ceUs  are  unlikely 
between  the  3-titanium  matrix  and  the  a-precipitates  in 
the  PA  materials  in  this  solution.  Further,  no  distinct  in¬ 
creases  in  anodic  current  density  are  observed  at  applied 
potential  corresponding  to  the  thermodynamic  oxidation 
potentials  of  the  alloying  additions. 

Figure  2  displays  the  polarization  curves  for  SHT  3-2  IS 
in  the  six  solutions.  As  the  pH  decreases,  the  passive  cur¬ 
rent  density  increases.  Additionally,  aU  of  the  materials  are 
passive  with  no  pitting  observed  at  potentials  as  high  as 
1.7  V  vs.  SCE.  Moreover,  no  significant  differences  are  ob¬ 
served  between  the  aerated  and  deaerated  conditions, 
except  for  a  slightly  higher  passive  current  density  ob¬ 
served  in  deaerated  5M  HCl.  The  lack  of  effect  of  deaera¬ 
tion  has  been  observed  previously  by  others  in  abrasion 
experiments.” 

From  Figiue  2,  we  see  that  the  oxygen  evolution  reaction 
rate  becomes  smaU  relative  to  the  passive  current  density  at 
2.0  V  in  5M  HCl.  This  may  be  due  to  increased  difficulty  for 
electron-tunneling  through  the  semiconducting  passive 
film  which  thickens  with  increasing  potential.  This  phe¬ 
nomenon  was  observed  in  all  solutions  and  on  aU  materials, 
albeit  at  different  potentials. 

In  situ  characterization  of  passivity. — EIS  was  used  for 
in  situ  characterization  of  the  passive  layer.  A  proposed 
circuit  model  for  the  electrochemical  interface  may  be  seen 
in  Fig.  3.  This  model  includes  Co*  which  represents  the 
space  charge  capacitance  of  a  compact  nonporous  oxide. 
The  model  also  comprises  a  double-layer  capacitance  (Cdi) 
at  the  oxide/solution  interface.  Constant-phase  elements 
are  used  to  better  represent  the  nonidealities  of  such  capac¬ 
itances.  EIS  data  is  interpreted  in  the  context  of  this  model. 

The  impedance  response  of  SHT  3-21S  exposed  to  aer¬ 
ated  pH  1, 0.6M  NaCl  is  seen  in  Fig.  4a  and  b.  As  the  poten¬ 
tial  is  increased,  the  low  frequency  impedance  decreases. 
Further,  as  the  potential  is  made  more  positive  with  respect 


to  the  open  circuit,  the  emergence  of  two  time  constants  is 
seen.  This  occurs  until  1.8  V  is  reached,  wherein  the  two 
time  constants  merge  again.  At  these  potentials,  deconvo¬ 
lution  of  the  data  becomes  increasingly  difficult.  However, 
good  correlation  was  obtained  between  the  model  and  the 
experimental  data,  as  seen  in  Fig.  5. 

It  was  hjrpothesized  here  that  the  high  frequency  time 
constant  was  attributable  to  the  oxide  and  that  the  low 
frequency  time  constant  was  attributable  to  the  parallel 
combination.  To  confirm  this  hypothesis,  compari¬ 
son  was  undertaken  between  impedance  derived  oxide 
thickness  and  ellipsometric  titanium  oxide  thickness  at 
various  potentials  in  O.IM  HC1.““  Impedance  spectra  for 
grade  2  Ti  were  obtained  at  0,  2,  4,  6,  and  8  V  vs.  NHE 
(normal  hydrogen  electrode) ,  with  the  specimen  prepared 
in  identical  fashion  to  those  of  the  ellipsometric  study.** 
Utilizing  a  dielectric  constant  of  100  for  TiOj  in  conjxmc- 
tion  with  the  obtained  value  for  Qx,  a  good  correspondence 
was  obtained  for  the  oxide  thickness  (Fig.  6).  This  result 
confirms  the  hypothesis  that  the  high  frequency  time  con¬ 
stant  was  indeed  attributable  to  the  oxide. 

The  charge  transfer  resistance,  jRct,  is  approximately  one 
order  of  magnitude  larger  than  the  oxide  resistance,  R^,^,  at 
the  lower  potentials.  Therefore,  we  conclude  that  the 
charge-transfer  reaction  is  the  rate-determining  step  and 
dominates  the  passive  dissolution  of  the  alloys.  Also,  Bd  for 
grade  2  Ti  in  aerated  pH  1 , 0. 6M  NaCl  increases  with  poten¬ 
tial  until  approximately  1.2  V  whereupon  the  charge- trans¬ 
fer  resistance  begins  to  decrease.  The  decrease  in  the 
charge-transfer  resistance  coincides  with  the  onset  of  oxy¬ 
gen  evolution,  as  discussed  earlier. 

Oxide  thickness  and  apparent  resistivity  were  calculated 
from  the  parameters  obtained  by  circuit  fitting.  The  oxide 
thickness  may  be  calculated  by  utilizing  the  equation 

U) 

'-'OK 

where  d„  is  the  oxide  thickness,  Co*  is  the  oxide  capaci¬ 
tance,  €  is  the  dielectric  constant  of  the  oxide,  e„  is  the 
permittivity  of  free  space,  and  A  is  the  surface  area.  The 
apparent  oxide  resistivity  may  be  calculated  as  follows, 
assuming  that  it  varies  linearly  ■with  thickness.  From  Eq.  1 
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Assuming  that 


Pox  =  Rox  [3] 

and,  substituting  Eq.  2  into  Eq.  3,  the  foUovring  equation  is 
obtained 


Pox  = 


Rpx^ox 

«0 


14] 


Equation  4  provides  an  indication  of  apparent  oxide  resis¬ 
tivity  that  is  independent  of  geometric  thickness. 

Figures  7  and  8  show  plots  of  the  oxide  thicknesses  and 
apparent  resistivities,  respectively,  vs.  potential  for  the  ma¬ 
terials  in  aerated  pH  1  solution,  utilizing  a  dielectric  con¬ 
stant  of  100  for  all  materials.  The  oxide  thicknesses  in¬ 
crease  linearly  ■with  increasing  potential  and  the  gro^wth 
rate  of  the  3-21S  alloys  is  less  than  that  of  either  grade  2  or 
grade  6  Ti.  The  oxide  growth  rate  for  grade  2  Ti  (approxi¬ 
mately  23  A/V)  corresponds  with  earlier  observations  for 
commercially  pine  titanium  in  O.IM  HC1.“  Additionally, 
the  apparent  oxide  resistivity  decreases  with  potential,  im¬ 
plying  that  the  oxide  is  becoming  increasingly  defective. 
Handbook  values  for  bulk  Ti02  resistivity  are  in  the  range 
of  10'*-10'“  n  cm,**  while  calculated  values  from  the  exper¬ 
iments  here  yield  values  in  the  10’  to  10‘°  range,  depending 
on  potential.  This  discrepancy  may  be  because  a  10-50  A 
oxide  gro^wn  in  solution  is  more  electronically  and/or  ioni- 
cally  defective  than  a  bulk  three-dimensional  oxide,  the 
oxide  incorporates  alloying  additions,  oxide  hydration,  or 
chloride  ion  incorporation.  Tomashov  et  al.  have  expressed 
a  similar  viewpoint  in  their  review  of  the  passivity  of  a 
broad  range  of  Ti  base  alloys. The  relative  rankings  of  the 
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Rg.  4  (a)  Elechwhemical 
imp^ance  response  of  SHTp- 
21S  exposed  to  aerated  pH  1, 
Q.6M  NoCl  at  potentials  ranging 
from  open  circuit  to  0.6  V  vs.  SCE. 
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Fig.  4  (b)  Electrochemical 
impMonce  response  of  SHTp- 
21S  exposed  to  aerated  pH  1, 
0.6AI  NaCI  at  potentials  ranging 
from  0.9  to  2.1  V  vs.  SCE. 


(Ohms) 


Frequency  (Hz) 


oxide  tMckness  and  apparent  resistivity,  from  ,the  material 
with  the  highest  property  to  that  with  the  lowest,  varied 
nonsystematicaUy  from  solution  to  solution. 

Ex  situ  characterization  of  passivity. — AES  was  conducted 
on  SHT  P-21S  previously  exposed  to  aerated  pH  1,  0.6M 
NaCl  at  1.5  V  vs.  SCE.  A  sputter  depth  profile  is  shown  in 
Fig.  9.  The  pH  1,  0.6M  NaCl  solution  was  chosen  for  ex  situ 
characterization  experiments  because  its  aggressiveness  is 
between  that  of  5M  HCl  and  0.6M  NaCl.  EIS  experiments 
were  performed  every  300  mV  from  open  circuit  up  to  1.5  V 
vs.  SCE,  so  that  the  oxide  examined  by  AES  after  sample 
removal  from  the  electrochemical  cell  experienced  the 
same  history  as  in  the  dc  and  ac  experiments  discussed 
earlier.  Due  to  the  small  amount  of  Nb  (atomic  number  41) 
in  the  bulk  alloy  and  significant  peak  overlap  with  Mo 
(atomic  number  42) ,  the  Nb  concentration  cannot  be  accu¬ 
rately  determined  and  is  not  shown.  Na  or  Cl  peaks  were 
not  detected.  Figure  9  shows  that  the  passive  film  is  rich  in 
O  and  Ti  at  an  approximate  composition  of  Ti02.  The  con¬ 
centration  of  A1  throughout  the  passive  film  appears  con¬ 
stant  at  the  concentration  observed  within  the  bulk  alloy. 
The  increase  in  Mo  concentration  as  the  base  metal  is  ap¬ 
proached  has  been  seen  elsewhere  in  p-titanium  alloys.” 


This  increase  has  been  attributed  to  a  lower  mobility  of  Mo 
ions  through  the  passive  film  relative  to  Ti  cations.”  The 
low  concentration  of  alloying  additions  within  the  passive 
film  may  explain  the  similar  passive  electrochemical  be¬ 
havior  observed  between  P-2  IS  and  grades  2  and  6  Ti. 

To  determine  an  oxide  thickness,  a  grade  2  Ti  standard 
was  used.  EIS  experiments  were  performed  in  the  manner 
discussed  above,  with  the  thickness  determined  after  a  fi¬ 
nal  potential  of  1.5  V  vs.  SCE  was  reached.  The  oxide  thick¬ 
ness  was  computed  utilizing  a  dielectric  constant  of  100. 
The  oxide  was  sputter  depth  profiled  to  determine  the 
beam  sputter  rate.  This  rate  was  utilized  to  determine  the 
thickness  of  the  P-2  IS  sample,  assuming  a  uniform  sputter 
rate.  The  oxide  thickness  was  chosen  to  be  the  thickness  at 
which  the  concentration  of  oxygen  is  one-half  its  maxi¬ 
mum.  The  oxide  thickness  for  SHT  P-21S  was  24  A  at  1.5  V 
vs.  SCE.  This  value  is  in  agreement  with  the  value  deter¬ 
mined  by  EIS  (Fig.  7). 

From  AES,  we  see  that  there  is  little  incorporation  of 
alloying  additions  into  the  outer  layers  of  the  passive  film. 
The  minimization  of  allojdng  additions  in  the  passive  film 
may  account  for  the  similar  passive  electrochemical  behav¬ 
iors  of  SHT  and  PA  P-21S,  grade  2  and  grade  6  titanium  as 
observed  here  by  both  the  dc  and  ac  methods. 
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Fig.  5.  Comparison  oF  experi* 
mental  data  (SHT  3'21S,  aerated 
pH  1 , 0.6AI  I^CI,  open  circuit)  to 
ihot  obtained  by  data  fitting  with 
CNLS  fitting  sorlware”  using  the 
circuit  model  shown  in  Fig.  3. 


To  examine  an  oxide  formed  in  solution,  XPS  experi¬ 
ments  were  performed  on  oxide  films  of  SHT  3-2  IS,  PA 
3-21S,  and  grade  2  Ti  formed  at  -0.6  V  vs.  SCE  following 
mechanical  abrasion  with  SiC  paper  in  aerated  pH  1, 0.6M 
NaCl.  XPS  revealed  that  the  compositions  of  the  oxides  on 
both  PA  and  SHT  3-2 IS  were  similar.  All  oxides  were  pre¬ 
dominantly  TiOj,  with  small  amounts  of  MoOj,  M0O3, 
NbjOj,  and  AljOj  also  detected  within  the  oxides  on  3-21S 
(Table  HI).  The  particular  oxidation  states  seen  here  are  in 
agreement  with  observations  on  other  3-titanium  alloys.’* 
The  smaller  peaks  associated  with  all  alloying  additions 
occurred  at  binding  energies  which  were  consistent  with 
their  being  oxidized.  Table  III  contains  the  energies  of  the 
obtained  photoelectron  peaks,  the  corresponding  hand¬ 
book  values  for  the  compounds  attributed  to  these  peaks,*” 
and  the  formation  potentials  for  such  oxides  over  a  range  of 
potentials,*’  **  since  the  surface  pH  upon  mechanical  desta¬ 
bilization  of  the  oxide  film  is  not  known.  For  Mo,  the  obser¬ 
vation  of  M0O3  is  consistent  with  the  participation  of  hy¬ 
drated  M0O3  (H2Mo04).*’  Because  most  hexavalent  Mo 
compounds  have  nearly  identical  binding  energies,**  the 
binding  energy  of  HjMoO,  is  assumed  to  be  equal  to  that  of 
M0O3.  The  similar  oxide  compositions  may  explain  the  sim¬ 
ilar  electrochemical  behaviors  of  the  PA  and  SHT  materi¬ 
als.  Moreover,  there  is  no  evidence  suggesting  that  the  oxi¬ 
dation  mechanism  of  3-21S  is  different  from  that  of  grade  2 
TiinpH  1,  O.SMNaCl. 

Electrochemistry  and  passivity  in  0. 6M  NaCl  solutions. — 
Electrochemistry  and  in  situ  characterization  of  passiv¬ 


Fig.  6.  Comparison  of  oxide  thicknesses  on  grade  2  Ti  as  a  function 
of  applied  potential  to  that  found  in  the  literature.*” 


ity. — The  behavior  of  the  titanium  alloys  in  neutral  0.6Af 
NaCl  (Fig.  10)  was  similar  to  that  observed  in  pH  1  adjusted 
solutions.  The  passive  current  densities  for  all  the  materials 
were  lower  in  the  neutral  solution  than  in  pH  1.  These  cur¬ 
rent  densities  were  confirmed  by  impedance  measurements 
wherein  the  charge-transfer  resistances  which  dominate 
the  polarization  resistance  and,  hence,  the  passive  current 
densities  were  higher.  Additionally,  the  oxide  resistances 
appeared  to  be  higher  for  the  neutral  solutions  due  to  both 
increased  apparent  oxide  resistivity  and  increased  oxide 
thickness. 

As  in  the  pH  1  solutions,  there  appeared  to  be  no  dis¬ 
cernible  difference  between  aerated  and  deaerated  condi¬ 
tions.  Additionally,  as  in  previous  experiments,  SHT  3-21S 
displayed  the  highest  passive  current  density  of  all  the  ma¬ 
terials  examined.  The  open-circuit  potentials,  including 
grade  6  Ti,  were  within  experimental  variability,  again  in¬ 
dicating  that  no  significant  galvanic  couples  are  present  in 
the  PA  material. 

Cathodic  polarization  scans  (Fig.  1 1)  performed  in  deaer¬ 
ated  0.6M  NaCl  indicated  similar  exchange  current  densi¬ 
ties  for  the  hydrogen  evolution  reaction  (HER)  on  the  3-ti¬ 
tanium  materials,  ranging  from  2.0  X  10'"  to  4.6  X 
10'”  A/cm*.  Although  these  are  higher  than  that  foimd  for 
grade  2  Ti  (1  X  10*’*  A/cm*),  the  exchange  current  densities 
are  far  below  those  found  for  the  HER  on  pure  Mo  and  Nb,*” 
which  are  the  major  alloying  additions.  This  result  again 
suggests  that  there  is  a  low  concentration  of  alloying  addi- 


(V  vs.  SCE) 


Fig.  7.  Relationship  between  oxide  thicknesses  and  potential  for 
SHT  and  PA  3*21  S,  grade  2  Ti  and  grade  6  Ti  exposed  to  aerated  pH 
I,  0.6M  NaCl.  A  dielectric  constant  of  100  was  assumed. 
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Fig.  8.  Relationship  between  apparent  oxide  resistivities  and  po¬ 
tential  for  SHT  and  PA  p-21S,  grade  2  Ti  and  grade  6  Ti  exposed  to 
aerated  pHI,  0.6M  NaCl.  A  dielectric  constant  of  100  was  assumed. 


Table  III.  Binding  energies  obtained  from  XPS  experiments  after 
abrasion  (pH  1,  0.6M  NaCi,  —0.6  V  vs.  SCE),  handbook 
values  for  the  binding  energies  of  the  metal  oxides,^ 
and  the  corresponding  formation  potential  of  the  oxides 
at  two  different  pH.®’’’* 


Ti  2p3/2 
TiOj 

MoOa 

Mo  3d5/2 
M0O3 

Nb  Sds/j 

Nb205 

A12p 

AI2O3 

Grade  2  Ti 

458.5 

n/a 

n/a 

n/a 

n/a 

SHT  P-21S 

458.9 

229.7 

232.0 

207.2 

74.4 

PA  P-21S 

458.3 

229.6 

232,2 

207.2 

74.3 

Handbook** 

458.5 

229.2 

232.7 

207.3 

74.7 

Minimum 
formation 
potential 
(V  vs.  SCE) 
pH  1 
pH  =  8 

-0.889 

-0.15* 

-1.391 

-0.589 

-2.022* 

-1.303 

-0.786 

-1.805 

-1.003 

-2.264 

XViO  +  *  XlgkJ  -“T  lviUk-/2  icavnsjii,  osoLuiixjii 

10"®  M;  from  Yang  et  at.  “ 

I*  -A1  ->  Al“*  +  Se"  reaction,  assuming  [Al®*]  =  10  "  M. 


tions  incorporated  into  the  outer  layers  of  the  passive  films 
of  SHT  and  PA  P-21S  and  that  the  TiOj-dominated  oxide 
may  account  for  the  similar  passive  electrochemical  behav¬ 
ior  observed  for  all  the  materials  examined  in  neutral  0.6M 
NaCl. 

Electrochemistry  and  passivity  in  5M  HCl  solutions. — 
Electrochemistry.— Ail  the  materials  examined  were  pas¬ 
sive  in  aerated  5M  HCl  except  for  grade  2  Ti  which  dis¬ 
played  an  active/passive  transition  (Fig.  12).  Others  have 
observed  that  for  commercially  pure  Ti,  an  active/passive 
transition  is  present  in  5M  HCl^*  but  not  in  0.1  JVf  HCl** 
(approximately  pH  1).  The  more  active  open-circuit  poten¬ 
tial  of  grade  2  Ti  enables  the  observation  of  the  active/pas¬ 
sive  transition.  To  verify  the  existence  of  such  a  transition 
on  the  other  materials,  similar  experiments  were  per¬ 
formed  in  deaerated  5M  HCl  (Fig.  13).  An  active/passive 
transition  occurs  on  all  the  alloys  in  deaerated  5M  HCl, 
except  for  SHT  P-2  IS,  which  had  a  significantly  higher 
open-circuit  potential.  A  similar  result  was  observed  by 
Laser  and  Marcus'®  for  beta  III  (Ti,  11.5%  Mo,  4.5%  Sn,  6% 
Zr)  which  exhibited  spontaneous  passivity  when  pure  Ti 
showed  an  active/passive  transition  in  a  pH  2,3  electrol^e. 
Previous  research  has  observed  an  active/passive  transition 
on  other  p-titanirun  alloys  (Ti-13V-llCr-3  Al)  in  20%  HCl 
(6.5M),  albeit  at  35°C.**  A  transition  was  observed  in  5% 
HCl  (1.6M)  at  65°C.**  In  general,  increasing  temperatures 
tend  to  promote  the  development  of  an  active/passive  tran¬ 
sition  at  fixed  HCl  concentration.**  The  open-circuit  poten¬ 
tial  of  SHT  P-21S  is  more  noble  than  that  of  both  PA  P-21S 
and  grade  6  Ti,  indicating  that  the  a-phase  lowers  the 
open-circuit  potential  of  PA  P-21S.  An  active/passive  tran¬ 


Fig.  9.  AES  sputter  depth  profile  of  SHT  p-21S  exposed  to  aerated 
pH  1,  0.6M  Nad. 


sition  is  observed  in  addition  to  an  increased  passive  cur¬ 
rent  density.  Moreover,  a  galvanic  couple  between  the  a  and 
P-phases  may  be  present  under  these  conditions. 

The  Mo/Nb  alloying  addition  promotes  spontaneous  pas¬ 
sivity  on  SHT  P-21S  in  deaerated  5M  HCl.  However,  it  was 
unclear  if  the  lack  of  an  active/passive  transition  is  due  to 
an  actual  effect  upon  the  anodic  oxidation  process  or 
whether  increased  cathodic  kinetics  (exchange  current 
density,  or  lower  Tafel  slope)  raised  the  open-circuit  poten¬ 
tial  above  such  a  transition.  Therefore,  cathodic  scans  on 
SHT  P-21S  in  deaerated  5MHC1  were  performed.  Although 
the  exchange  current  density  for  the  HER  on  SHT  P-2  IS  is 
higher  than  that  on  the  a-alloys  (Table  IV),  it  is  not  high 
enough  to  account  for  a  300  mV  increase  in  the  open-circuit 
potential.  PA  P-21S  supports  a  higher  exchange  current 
density  for  hydrogen  evolution  than  SHT  P-21S,  even 
though  its  open-circuit  potential  is  lower.  Therefore,  we 
conclude  that  the  presence  of  Mo  and  Mb  affects  the  anodic 
process,  rendering  titanium  spontaneously  passive  in 
deaerated  5M  HCl.  The  exact  process  by  which  the  material 
is  rendered  passive  is  unknown.  One  hj^aothesis  is  that  in¬ 
corporation  of  Mo**  into  a  normally  nonprotective  TijOj 
film  renders  it  more  protective.  Another  hypothesis  is  that 
Mo  in  the  solid  state  lowers  the  oxidation  rate  of  the  metal 
substrate  beneath  the  nonprotective  film.  A  nonprotective 
TijOs  film  exists  in  the  potential  region  associated  with  the 
active/passive  transition  on  Ti.*’  It  is  possible  that  elemen¬ 
tal  Mo  occupies  kink  sites  to  impede  metal  dissolution.  Ad¬ 
ditionally,  others  have  put  forth  models  explaining  benefi¬ 
cial  effects  of  Mo  on  passive  films  that  may  be  applicable 


Fig.  10.  Anodic  polarization  scans  for  SHT  p-21  S,  PA  |}-21  S,  grade 
2  Ti,  and  grade  6  Ti  aerated  0.6AI  NaCl. 
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Fig.  11.  Cathodic  polarization  scans  for  SHT  S'21S,  PA  ^-215,  Fig.  13.  Anodic  polarization  scans  for  SHTp-2 IS,  PA  p*2 IS,  grade 
grade  2  Ti,  and  grade  6  Ti  exposed  to  0.6M  NaCI.  2  Ti,  and  grade  6  Ti  in  deaerated  SM  HCl. 


here,^®  however  these  theories  require  the  presence  of  Mo*^* 
which  is  not  thermodynamically  stable  over  a  portion  of 
the  potential  range  we  have  examined. 

A  pitting  potential  was  not  observed  for  any  alloy  in  5M 
HCl  up  to  2.0  V  vs.  SCE.  Furthermore,  the  passive  current 
densities  for  all  the  materials  were  highest  in  5M  HCl.  As  in 
NaCl  solutions,  SHT  P-21S  displayed  the  highest  passive 
current  density  of  all  of  the  materials  in  aerated  5M  HCl, 
but  PA  3-21S  displayed  a  higher  passive  current  density  in 
deaerated  5M  HCl. 

The  peak  current  density  for  PA  p-21S  in  5M  HCl  (4.5  X 
10"*  A/cm*),  the  most  aggressive  solution  examined,  is 
two  orders  of  magnitude  too  low  to  account  solely  for  the 
slowest  crack  growth  rates  observed  (10'*  mm/s,  2.54  X 
10"®  mm/min  displacement  rate).®  Therefore,  we  conclude 
that  highly  localized  mechanical  destabilization  of  the  pas¬ 
sive  film  is  required  for  E AC  of  these  alloys  even  after  crack 
tip  cation  hydrolysis  and  acidification,  regardless  of  the 
exact  mechanism  of  EAC. 

In  situ  characterization  of  passivity. — Impedance  spectra 
for  grade  2  Ti  exposed  to  aerated  5M  HCl  in  the  active 
range  display  distinct  two  time  constant  behavior  although 
the  polarization  curve  indicates  that  the  material  is  active 
upon  anodic  polarization  over  a  wide  potential  range. 
However,  active  behavior  does  not  imply  that  no  oxide  is 
present.  Other  researchers  have  stated  that  even  in  the  ac¬ 
tive  region,  dissolution  is  strongly  inhibited  by  an  oxide 
which  apparently  can  exist  metastably  even  in  strong  acid 
solution.®®  It  was  hypothesized  that  steady-state  dissolu¬ 
tion  may  proceed  through  oxide  formation  and  dissolution 
steps.®®  Others  have  noted  that  in  the  active  region,  a 
porous  film  of  TijOa  is  present.®’ 


Fig.  12.  Anodic  polarization  scans  for  SHT  p-21S,  PA  p-21S,  grade 
2  Ti,  and  grade  6  Ti  in  aerated  5M  HCl. 


Good  correlation  between  the  proposed  impedance  cir¬ 
cuit  model  and  data  was  observed  for  all  the  materials  in  all 
the  examined  solutions  except  5M  HCl.  Figure  14  displays 
the  impedance  response  of  PA  P-21S  in  aerated  5M  HCl  at 
five  different  potentials.  Additional  time  constants  (t.e., 
low  frequency  inductive  looping)  are  present  in  the  spectra 
that  are  not  seen  in  any  spectra  from  other  solutions.  The 
origin  of  this  looping  is  imclear  but  it  may  indicate  a 
change  in  the  properties  of  the  electrochemical  interface. 

Impedance  spectra  similar  to  that  seen  for  3-2 1 S  exposed 
to  aerated  5M  HCl  have  been  observed  by  others. 
Impedance  behavior  of  A1  exposed  to  0.5Af  NaCl  below  its 
pitting  potential  displayed  low  frequency  looping.®”  This 
looping  was  attributed  to  a  diffusion-controlled  process 
within  the  oxide.  Others  have  suggested  that  a  buildup  of 
surface  charge  at  the  metal-oxide  interface  may  yield  simi¬ 
lar  behavior.®’ 

Although  the  polarization  curves  in  aerated  5Af  HCl  dis¬ 
played  a  potential  independent  region  indicative  of  passiv¬ 
ity,  it  was  of  interest  to  confirm  this,  as  the  impedance 
spectra  did  not  yield  good  agreement  with  the  proposed 
circuit  model  for  passivated  titanium.  Therefore,  rotating 
disk  electrode  experiments  were  undertaken  to  distinguish 
possible  anodic  mass-transport  control  from  passivity.  If 
the  system  was  passive,  the  behavior  of  the  system  within 
the  passive  region  should  be  fluid  velocity  and,  hence,  rota¬ 
tion  rate  independent.  However,  if  the  system  was  anodi- 
cally  mass-transport  limited,  a  change  in  anodic  current 
density  would  be  observed  as  a  function  of  rotation  rate. 
Anodic  polarization  experiments  conducted  with  PA  3-21S 
at  0,  250, 1000,  and  5000  rpm  in  aerated  5M  HCl  are  illus¬ 
trated  in  Fig.  15.  There  is  no  discernible  effect  of  rotation 
on  the  anodic  current  density  of  PA  3-2 IS  in  its  region  of 
potential  independent  behavior.  Therefore,  we  conclude 
that  3-2  IS  is  passive  in  aerated  5M  HCl. 

Experiments  in  5M  HCl  proved  to  be  beneficial  in  eluci¬ 
dating  the  effect  of  Mo/Nb  additions  on  the  passivity  of 
3-2  IS.  The  alloying  additions  promote  formation  of  a  pas¬ 
sive  film  on  SHT  3-2 IS  in  deaerated  5M  HCl  by  not  only 
increasing  cathodic  kinetics,  thereby  raising  the  open-cir¬ 
cuit  potential,  but  by  affecting  the  anodic  process  as  well. 
PA  3-2  IS  undergoes  an  active/passive  transition,  indicat- 

Table  IV.  Exchange  current  densities  and  Tafel  slopes 
for  the  hydrogen  evolution  reaction  on  alloys  exposed 
to  deaerated  SM  HCl. 


Exchange  ciurent  density  Tafel  slope 

(A/cm®)  (mV/decade) 


SHT  3-21S  6.7  X  10''“  84 

PA  3-21S  3.9  X  10'®  87 

Grade  2  Ti  2.0  x  10  '“  91 

Grade  6  Ti  2.9  x  10''“  84 
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Fig.  14.  Eledrochemicol  imped¬ 
ance  response  of  PA  8-21S  ex¬ 
posed  to  aerated  SM  HCI. 
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ing  that  the  a-precipitates  within  the  p-matrix  are  delete¬ 
rious  to  the  formation  of  a  passive  layer.  This  condition  is 
confirmed  since  grade  6  Ti,  which  roughly  models  the  a- 
precipitates,  was  active  in  deaerated  5M  HCI  up  to  approx¬ 
imately  -0.15  V  vs.  SCE. 

Conclusion 

Analysis  of  the  passive  film  on  Mo  and  Nb  stabilized 
P-titanium  alloy  (P-21S)  in  room  temperatime  solutions 
simulating  crack  tip  chemistries  possible  in  marine  envi¬ 
ronments  has  been  performed  utilizing  both  dc  and  ac 
methods.  There  are  no  major  electrochemical  differences 
between  P-21S  exposed  to  0.6Af  NaCl  and  pH  1, 0.6M  NaCl 
in  its  PA  and  SHT  forms,  although  SHT  p-21S  almost  al¬ 
ways  5delded  the  leirgest  passive  current  density.  Moreover, 
significant  differences  do  not  exist  between  either  the 
model  precipitate  (grade  6  Ti)  or  commercially  pure  Ti 
(grade  2  Ti)  and  P-21S  in  the  NaCl  solutions.  This  finding 
suggests  that  there  is  minimal  galvanic  interaction  be¬ 
tween  the  matrix  and  precipitates  in  PA  P-21S  in  the  NaCl 
environments.  All  the  alloys  were  spontaneously  passive  in 
the  NaCl  solutions  examined  and  no  pitting  potentials  were 
observed  up  to  2.1  V  vs.  SCE.  However,  experiments  in 
deaerated  5M  HCI  reveal  an  active/passive  transition  for 
all  alloys  except  SHT  P-21S,  indicating  that  the  a-precipi¬ 
tates  in  PA  P-21S  have  a  deleterious  effect  upon  passivity 
and  that  local  galvanic  coupling  between  the  a-  and  p- 
phases  may  occur.  Both  the  anodic  and  cathodic  kinetics 


Fig.  15.  Anodic  polarization  response  of  a  PA  p-21S  rotating  disk 
electrode  exposed  to  aerated  5M  HCI. 


were  affected  by  the  Mo/Nb  additions  in  P-2  IS.  Rotating 
disk  electrode  experiments  confirmed  that  P-2  IS  is  passive 
in  a  5MHC1  environment.  Similarity  of  hydrogen  evolution 
kinetics,  the  lack  of  observed  alloying  addition  oxidation, 
and  AES  and  XPS  studies  indicate  limited  incorporation  of 
alloying  additions  into  the  passive  film  in  the  NaCl  solu¬ 
tions.  The  passive  film  on  all  Ti  alloys  was  predominantly 
Ti02  with  lesser  amounts  of  oxidized  Mo,  Nb,  and  A1  con¬ 
tained  in  the  oxides  on  P-2  IS.  The  small  quantity  of  alloy¬ 
ing  additions  within  the  passive  film  may  accoimt  for  the 
similar  passive  electrochemical  behaviors  observed  among 
the  stucfied  alloys.  AH  the  alloys  in  this  study  yielded  peak 
current  densities  that  were  too  low  to  account  solely  for 
crack  growth  rates  observed  in  separate  studies,  even  after 
crack  tip  acidification.  The  passive  film,  therefore,  must  be 
mechanically  destabilized  to  account  for  these  crack 
growth  rates,  regardless  of  the  exact  mechanism. 
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ABSTRACT 


in  nnH^ni  n.  ^  electrochemical  behavior  of  Ti-15  V-3  Cr-3  Al-3  Sn  (Ti-15-3)  alloy  was  performed  as  an  initial  step 

®  mechanisms  for  environmentally  assisted  cracking  of  p-titanium  alloys  in  room  temperature  aqueous 

SSv  nure^^- (PA)  'n-15-3  were  stuped,  in  addition  to  SHT  co^nCr^ 
ciaUy  pure  ^  (grade  2  Ti)  and  Ti-5  Al-2.5  Sn  (grade  6  Ti).  The  latter  rouehlv  models  a  nrepinitates  wi+Viin  fVio  ft-fUanium 


^  1 K  o -  V  *“*^«*^  ouuLuca  m  u.oiw  iNaui  ana  u,divi  iNaL;i  aaiustei 

spontaneously  passive  in  each  solution,  with  no  observed  pitting  potential  at  potentials  as  positive  as  2.1  V 
actiye/passwe  transition  was  observed  on  all  alloys  in  both  aerated  and  deaerated  5M  HCl.  In  situ 
K  by  electrochemical  impedance  spectroscopy  confirmed  that  passive  film  growth  was  linear 

passivation  potentials  in  aU  solutions,  and  that  the  passive  dissolution  rate  is  limited  by  the 
charge-^ansier  reaction,  especially  at  lower  potentials.  Similar  passive  current  densities,  active/passive  transition  poten- 
^^^X®^^fP^FtoxideresistivitiesonSHTandPATi-15-3  suggest  littleeffect  of  theap^ecipitatLn  the  pass^ 

Won  nf  spectroscopy  ^d  h^ogen  evolution  kinetics  suggested  less  than  stoichiometric  incorpora- 

Ti-15-3.  X-ray  photoelectron  spectroscopy  indicated  that,  to  the  limited 
^  additions  are  found  m  the  passive  Mm,  they  are  oxidized.  The  valence  states  present  are  discussed. 
Fredominantly  TiOj  passive  films  may  explam  the  sunilar  passive  electrochemical  behaviors  observed  on  the  materials 


^  Metastable  P-titanium  alloys  have  received  much  atten¬ 
tion  recently  for  use  in  petrochemical,  aerospace,  and 
marine  environments.  These  alloys  are  attractive  because 
of  their  high  strength,  formabiUty,  and  general  resistance 
to  corrosion."’’  However,  the  susceptibility  of  P-titanium 
alloys  to  environmentally  assisted  cracking  (EAC)  in  room 
temperature  aqueous  chloride-containing  solutions  at  in¬ 
termediate  strain  rates  has  been  documented.*  While  the 
EAC  of  a-titanium  alloys  is  known  to  be  controlled  by  the 
tendency  of  the  a  phase  to  hydride,®  '  the  mechanism  for 
EAC  in  p-titanium  is  unknown.  Unlike  a-titanium,  a  large 
concentration  of  hydrogen  [>40  atomic  percent  (a/o)]  is  re¬ 
quired  to  hydride  the  p  phase  in  the  Ti-H  system.’  It  is 
unclear  whether  such  a  hydrogen  concentration  may  be 
obtained  in  p-titanium  alloys  following  a  sequence  of 
events  involving  (i)  crack  tip  passive  film  destabilization, 
(ii)  dissolution,  (Hi)  hydrogen  production,  and  (iv)  hydro¬ 
gen  absorption.  F^her,  it  is  possible  that  the  EAC  of  these 
alloys  does  not  originate  from  a  hydrogen  mechanism  but 
from  some  other  phenomenon  such  as  slip-film  rupture- 
dissolution,  preexisting  active  path  dissolution,  or  film-in¬ 
duced  cleavage.’  EAC  at  intermediate  strain  rates  suggests 
that  a  balance  exists  between  a  requirement  for  mechanical 
destabilization  of  protective  oxides  and  the  need  for  suffi¬ 
cient  time  to  support  some  time  independent  transport  pro¬ 
cess  in  the  fracture  process  zone  or  crack  tip  solution. 

EAC  has  been  observed  on  long  time,  high  temperature, 
resolutionized,  and  subsequently  peak-aged  Ti-15-3  in 
monotonic  loading  experiments  on  precracked  samples  ex¬ 
posed  to  0.6M  NaCl  at  -0.6  V  vs.  saturated  calomel  elec¬ 
trode  (SCE).’  In  this  condition,  preferential  precipitation  of 
a  precipitates  perpendicular  to  p  grain  boimdaries  and 
coplanar  slip  were  noted."’  However,  little  is  known  about 
the  passive  film  on  this  alloy,  including  the  effects  of  V  and 
Cr  alloying  additions,  and  the  partitioning  of  these  ele- 
nients  on  aging.  Early  work  in  high  temperature  oxida¬ 
tion,""  as  cited  by  Kubaschewski  and  Hopkins,"’  found  that 
V  had  virtually  no  effect  on  the  oxidation  of  Ti  and  that 
several  percent  of  Cr  actually  increased  the  oxidation  rate. 
Tomashov  et  al.  reported  for  Ti-15  Mo  in  40%  HjSO,  at  90°C 
that  dissolution  is  lowest  for  100%  p  alloys  and  increases 
for  p  +  a  and  p  +  <0  alloys."’  Additionally,  passive  dissolution 
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of  HCP  a  was  increased  when  alloyed  with  small  additions 
of  Al,  V,  Mo,  Zr,  or  Nb."’  All  these  elements  increased  the 
passive  dissolution  rate  of  a-titanium  in  HjSO,  at  80°C  po¬ 
larized  to  +1  V.  Tomashov  et  al.  attributed  this  effect  to  a 
change  in  ionic  conductivity  of  the  predominantly  TiOj  ox¬ 
ide  and  did  not  attribute  this  behavior  to  any  change  in  the 
chemical  stability  of  the  protective  oxide."’  Levy  and 
Sklover  examined  the  effects  of  HCl  concentration  and 
temperature  on  the  anodic  polarization  behavior  of  miU- 
annealed  Ti-13  V-11  Cr-3  Al  exposed  to  elevated  tempera¬ 
ture  HCl  solutions,  observing  an  active/passive  transition 
on  this  alloy."*  Other  previous  work  has  focused  on  the 
stress  corrosion  cracking  susceptibility  of  P-titanium  al¬ 
loys,  such  as  Ti-3  Al-8  V-6  Cr-4  Mo-4  Zr  (Ti  38644),"'  but 
little  examination  of  its  passivity  has  been  undertaken. 
Others  have  examined  the  corrosion  behavior  of  Ti  38644, 
Ti-13  V-11  Cr,  and  Ti-15-3  in  various  chloride-containing 
media  by  gravimetric  analysis."’  From  this  latter  study  it 
was  noted  that  Ti-15-3  had  a  higher  corrosion  rate  in  boil¬ 
ing  HCl  than  other  a,  p,  and  a/p  alloys  studied,  including 
commercially  pure  Ti."'  Hence,  as  an  initial  step  in  elu¬ 
cidating  the  role  of  electrochemical  processes  on  the  EAC 
mechanism  of  a  V  and  Cr  stabilized  P-titanium  alloy,  char¬ 
acterization  of  the  dissolution  and  passivity  of  Ti-15-3  has 
been  undertaken.  Additionally,  the  effect  of  the  a  precipi¬ 
tate  within  the  p  matrix  on  the  electrochemical  behavior  of 
PA  Ti-15-3  is  unknown.  Therefore,  a  goal  of  this  study  is  to 


Table  I.  Vendor  reported  average  chemical  composition  of  Ti-15-3. 


Ti  V 

Al  Cr  Sn  Fe  C 

N 

w/o  remainder  15.0 
a/o  remainder  14.1 

3.14  2.99  2.81  0.19  0.03 
5.59  2.76  1.14  0.16  0.12 

0.018 

0.062 

Table  II.  Vendor  reported  chemical  compositions  of 
grades  2  and  6  Ti  in  weight  percent. 

Ti 

Al  Sn  Fe  0  N 

H 

Grade  2  Ti  remainder  —  —  0.16  0.13  0.005  0.0036 

Grade  6  Ti  remainder  5.20  2.30  0.46  0.13  0.010  82  ppm 
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Table  III.  Weight  percentages  of  elements  present  in  a  precipitates 
and  the  (3  matrix  in  PA  Ti-15-3,  calculated  from  energy 
dispersive  spectroscopy  analysis. 


Ti  V  A1  Cr  Sn 


examine  the  effect  of  microstructure  on  the  electrochemical 
behavior  of  this  alloy,  by  comparing  SHT  and  PA  Ti-15-3. 

Experimental  Procedure 

The  composition  of  Ti-15-3  may  be  seen  in  Table  I.  Ti-15- 
3  was  SHT  for  30  min  at  816°C  (1500°F)  followed  by  an  air 
cool.  Peak-aging  comprised  a  subsequent  single-step  heat- 
treatment  at  538'’C  (1000°F)  for  8  h  followed  by  an  air  cool. 
The  presence  of  an  a/3  microstructure,  and  the  absence  of 
other  phases,  was  confirmed  by  both  x-ray  diffraction  ex¬ 
periments,  TEM/selected  area  diffraction,  and  optical  mi¬ 
croscopy  on  PA  Ti-15-3.“  a  platelets  nucleate  and  grow 
with  a  Burger’s  orientation  of  (110)^  II  (0001)„,  [111]^  II 
[1120]„.  Further,  V  and  Cr  are  known  to  be  p  phase  stabi¬ 
lizers,  while  A1  is  known  to  be  an  a  stabilizer.”  Because  A1 
is  known  to  segregate  to  the  a  phase  within  an  a/p  struc¬ 
ture,”  grade  6  Ti  (Ti-5  Al-2.5  Sn)  was  used  to  simulate  the 
approximate  composition  of  the  a  precipitates  found  in  the 
P-titanium  alloys.  Commercially  pure  grade  2  Ti  (a  phase) 
was  examined  for  base  line  comparison.  The  compositions 
of  Grades  2  and  6  Ti  are  listed  in  Table  11. 

Energy  dispersive  spectroscopy  (EDS)  experiments  were 
performed  on  PA  Ti-15-3  to  discern  the  extent  that  p  stabi¬ 
lizing  elements  partition  to  the  p  phase.  Experiments  were 
conducted  on  a  Phillips  400T  transmission  electron  micro¬ 
scope  (TEM).  To  reduce  the  interaction  volume  of  the  elec¬ 
tron  beam  so  that  only  a  single  phase  was  sampled,  experi¬ 
ments  were  performed  near  the  edge  of  a  TEM  foil  prepared 
by  ion  milling.  Because  the  a  precipitates  have  a  needlelike 
morphology,  the  electron  beam  was  astigmatized  to  an  el¬ 
lipsoidal  shape  during  a  phase  analysis  to  minimize  sam¬ 
pling  of  the  surrounding  P  matrix.  It  is  likely,  however,  that 
some  corruption  of  the  signal  occurred  and  that  the  P  ma¬ 
trix  results  are  more  accurate  than  those  for  the  a  phase. 
The  results  (Table  III),  which  are  averages  of  multiple  spec¬ 
tra,  indicate  that  the  a  precipitate  in  PA  Ti-15-3  is  depleted 
of  p  stabilizing  elements  and  enriched  with  A1  while  the  p 
phase  is  enriched  with  V  and  Cr  and  depleted  of  Al.  Thus, 
grade  6  Ti  is  an  approximate  model  of  the  a  precipitates 
within  PA  Ti-15-3. 

Electrochemistry  samples  were  polished  to  a  600  grit  fin¬ 
ish  followed  by  degreasing  in  acetone.  The  testing  appara¬ 
tus  comprised  1  cm^  area  of  the  working  electrode  exposed 
in  a  flat  cell  containing  a  platinized  niobium  mesh  coun¬ 
terelectrode  and  an  SCE  situated  in  a  separate  well  pos¬ 
sessing  a  Luggin  capillary. 

Polarization  measurements  were  performed  with  either  a 
Princeton  Applied  Research  (PAR)  173  or  PAR  273  poten- 
tiostat  at  a  scan  rate  of  0.05  mV/s.  All  polarization  experi¬ 
ments  were  performed  following  exposure  to  solution  for 
2  h  at  open  circuit. 

Each  electrochemical  impedance  spectroscopy  (EIS)  ex¬ 
periment  comprised  ten  individual  impedance  scans. 
initial  scan  was  conducted  at  the  open-circuit  potential 
followed  by  nine  scans  at  300  mV  intervals  from  -0.3  to 
2.1  V  vs.  SCE.  Each  scan  was  preceded  by  a  2  h  potentio- 
static  hold  at  the  given  potential,  except  the  open-circuit 
potential  scan  which  was  preceded  by  2  h  at  open  circuit. 
EIS  measurements  were  performed  with  a  Solartron  1286 
electrochemical  interface  and  a  Model  1255  frequency  re¬ 
sponse  analyzer.  A 10  mV  rms  ac  voltage  signal  was  applied 
at  frequencies  between  100  kHz  and  5  mHz  using  potentio- 
static  control.  Impedance  data  fitting  was  performed  with 
complex  nonlinear  least  squares  (CNLS)  circuit  fitting 
software.” 

Electrochemical  tests  were  performed  on  the  materials 
using  six  different  room  temperature  solutions.  These  were 


0.6M  NaCl,  0.6M  NaCl  adjusted  to  pH  1  with  HCl,  and  5M 
HCl,  each  in  the  aerated  and  deaerated  condition.  0.6M 
NaCl  solutions  comprised  reagent  grade  NaCl  added  to  dis¬ 
tilled  deionized  water.  Solutions  were  adjusted  to  pH  1 
with  reagent  grade  HCl.  5M  HCl  comprised  reagent  grade 
HCl  and  distilled  deionized  water.  The  pH  of  5M  HCl  is 
calculated  to  be  -1.64  when  the  effect  of  Cl'  on  the  activity 
of  H*  is  incorporated  into  the  calculation.^"  Deaeration  was 
performed  with  commercially  pure  Ar  gas.  0.6M  NaCl  solu¬ 
tion  was  utihzed  to  model  alloy  behavior  when  exposed  to 
the  bulk  solution  in  a  marine  environment.  The  0.6M  NaCl 
pH  1  was  utilized  to  discern  the  behavior  of  the  alloys  in  a 
simulated  crack  tip  environment.  Although  a  crack  tip  so¬ 
lution  and  its  pH  has  yet  to  be  isolated,  0.6M  NaCl  pH  1  is 
considered  to  be  a  rough  estimate  of  that  solution.  Beck^* 
has  reported  that  a  pH  <  1.3  was  found  next  to  a  corroding 
Ti  pit  exposed  to  neutral  chloride  solution.""  Others  have 
reported  pH  1.7  at  a  crack  tip  for  a  Ti-8  Al-1  Mo-1  V  alloy."" 
5M  HCl  was  used  to  analyze  material  behavior  imder  ex¬ 
tremely  acidic  conditions  that  perhaps  are  more  severe 
than  a  crack  tip  environment. 

Sample  surfaces  were  prepared  for  Auger  electron  spec¬ 
troscopy  (AES)  in  the  manner  stated  above.  EIS  was  then 
performed  on  each  sample  in  0.6M  NaCl  pH  1  as  described 
above,  with  the  final  potential  at  1.5  V  vs.  SCE.  Samples 
were  removed  from  the  ceU  and  rinsed  in  distilled  deion¬ 
ized  water.  AES  was  performed  on  a  Perkin  Elmer  PHI  600 
system  using  a  5  keV  beam  operated  at  0.54  jjlA.  Sputter 
depth  profiling  was  performed  with  a  3  keV  Ar*  ion  beam. 
The  particular  Auger  electron  transition  energies  used  for 
analysis  for  each  element  were  selected  at  Auger  energies 
as  close  as  possible  to  each  other  for  different  elements  to 
obtain  comparable  escape  depths.  The  Auger  transition  en¬ 
ergies  used  were  Tilmm-^IS  eV,  OiaL-503  eV,  Vlmm-473  eV, 
Cr,MM-529  eV,  and  A1ki,l-1396  eV. 

X-ray  photoelectron  spectroscopy  (XPS)  was  performed 
on  a  Kratos  XSAM800  using  an  Mg  x-ray  source  operated 
at  13  kV  and  20  mA,  perpendicular  to  the  sample  surface. 
Samples  were  potentiostatically  held  at  -0.6  V  vs.  SCE  in 
0.6M  NaCl  pH  1  and  the  surfaces  mechanically  abraded 
with  SiC  paper,  thereby  allowing  the  oxides  to  reform  at 
-0.6  V.  Samples  were  rinsed  in  distilled  water  on  removal 
from  the  ceU.  Peaks  used  for  analysis  were  as  follows: 
Ti-2p"'",  0-ls,  V-2p"'",  Cr-2p"'",  Sn-3d"'",  and  Al-2p.  Refer¬ 
ence  to  the  C  Is  signal  was  used  to  account  for  specimen 
charging. 

Results  and  Discussion 

Electrochemistry  and  passivity  in  0.6M  NaCl  pH  1. — 
Electrochemistry. — The  anodic  polarization  behaviors  of 
all  alloys  in  aerated  0.6M  NaCl  pH  1  are  displayed  in  Fig.  1. 
All  the  alloys  display  a  large  potential  independent  region. 


Current  Density 
(Amps/cm*) 


Fig.  1.  RepresenfaHve  anodic  polarizaiion  scans  for  the  (bur  Kla- 
nium  alloys  examined  in  one  particular  solution  (aerated  0.6M  NaCl 
pHl). 
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Current  Deii|it]r 
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Fig.  2.  Representative  anodic  polarization  scans  for  SHT 11-15-3  in 
the  six  chloride-containing  solutions. 


indicative  of  passivity,  terminated  by  a  region  comprising  a 
significant  increase  in  current  density.  This  increase  is  not 
due  to  the  onset  of  pitting,  but  rather  due  to  the  commence¬ 
ment  of  oxygen  evolution.  This  has  been  confirmed  by  opti¬ 
cal  microscopy,  as  well  as  by  others,  who  have  stated  that 
pitting  is  not  observed  in  room  temperature  chloride  solu¬ 
tions  until  +9  V  is  reached.^'  Moreover,  the  decrease  in  cur¬ 
rent  density  observed  above  1.9  V  vs.  SCE  for  grade  2  Ti 
(Fig.  1)  may  be  attributed  to  a  decreasing  rate  of  the  oxygen 
evolution  reaction  due  to  increased  difficulty  in  electron 
tunneling  through  the  thickening  passive  fUm.  This  phe¬ 
nomenon  has  been  observed  for  all  the  alloys,  albeit  at  dif¬ 
ferent  potentials.  No  distinct  increases  in  anodic  current 
density  are  observed  at  potentials  corresponding  to  the 
thermodynamic  oxidation  potentials  of  alloying  additions. 
Moreover,  the  passive  current  densities  of  the  four  alloys 
are  all  small,  with  the  largest  approaching  2  X  10"*  A/cral 
Additionally,  the  open-circuit  potentials  of  the  alloys 
are  all  similar,  although  they  were  somewhat  variable 
(±200  mV),  as  observed  by  others.^*“  This  indicates  that 
there  is  little  galvanic  coupling  between  a  precipitates  and 
the  3  matrix  in  PA  Ti-15-3,  assuming  that  grade  6  Ti  ap¬ 
proximates  the  composition  of  a  precipitates  found  in  the  p 
matrix.  Further,  there  is  no  discernible  difference  between 
the  passive  electrochemical  behaviors  of  SHT  and  PA  Ti- 
15-3,  implying  that  the  a  precipitates  have  little  effect  on 
the  anodic  behavior  of  Ti-15-3.  Therefore,  the  overall 
steady-state  passive  behavior  of  the  V  and  Cr-stabilized 
P-titanium  alloys  appears  to  be  identical  to  both  com¬ 
mercially  pure  grade  2  and  grade  6  a-titanium  alloys.  This 
suggests  that  the  passive  films  on  these  alloys  may 
be  similar. 

The  anodic  polarization  behavior  of  SHT  Ti-15-3  in  0.6M 
NaCl,  0.6M  NaCl  adjusted  to  pH  1  with  HCl,  and  5M  HCl  is 
seen  in  Fig.  2.  The  alloy  is  spontaneously  passive  and  pas¬ 
sivity  is  suggested  at  the  open-circuit  potential.  The  pas¬ 
sive  current  density  increases  with  decreasing  pH,  as  is 
expected  due  to  increased  aggressiveness.  Little  effect  of 
aeration  on  the  anodic  passive  electrochemical  behavior  is 
observed  in  the  NaCl  experiments.  This  has  been  observed 
previously  by  others  in  abrasion  experiments.^  Anodic  po¬ 
larization  in  5M  HCl  revealed  an  active/passive  transition 
and  that  Ti-15-3  had  a  lower  passive  current  density  in 
aerated  than  in  deaerated  solution.  Polarization  results 
were  reproducible  in  5M  HCl  as  seen  in  Fig.  3.  The  peak 
current  density  for  PA  Ti-15-3  in  5M  HCl  (3X10-"  A/cm^), 
the  most  aggressive  solution  examined,  is  approximately  1 
to  5  orders  of  magnitude  too  low  to  account  solely  for  ob¬ 
served  crack  growth  rates  (1.5  X  10"*  to  4  X  10"*  mm/s) 
through  a  dissolution-based  mechanism.*  It  may  be  possi¬ 
ble  that  the  presence  of  other  species  (e.g.,  TiCla)  may  pro¬ 
mote  increased  dissolution,  however,  it  is  unlikely  that  ad¬ 
ditional  species  increase  the  dissolution  rate  above  that  in 


5M  HCl  by  enough  to  account  for  the  observed  crack 
growth  rates.  A  current  density  of  greater  than  35  A/cm*  is 
required  to  support  the  highest  observed  crack  growth 
rates.®  Therefore,  we  conclude  that  highly  localized  me¬ 
chanical  destabilization  of  the  passive  film  is  required  for 
EAC  of  these  alloys  even  after  crack  tip  cation  hydrolysis 
and  acidification,  regardless  of  the  exact  mechanism  of 
EAC. 

In  situ  characterization  of  passivity. — To  characterize 
the  passive  layers  of  the  alloys  further,  EIS  experiments 
were  performed.  Figures  4a  and  b  include  impedance  spec¬ 
tra  of  PA  Ti-15-3  exposed  to  aerated  0.6M  NaCl  pH  1  at 
different  potentials  ranging  from  open  circuit  to  2.1  V  us. 
SCE.  The  electrochemical  impedance  responses  of  the  al¬ 
loys  displayed  two  time  constant  behavior,  as  seen  in  Fig.  4 
and  5.  The  impedance  behavior  of  a  passive  titanium  elec¬ 
trochemical  interface  exposed  to  aqueous  solution  may  be 
modeled  by  the  circuit  model  seen  in  Fig.  6.  The  proposed 
circuit  model  features  a  solution  resistance  and  two  paral¬ 
lel  RC  combinations,  each  in  series.  One  time  constant  is 
attributed  to  the  oxide  resistance  (RoJ/capacitance  (C„,) 
parallel  combination  across  the  oxide  and  the  second  is 
attributed  to  the  charge-transfer  resistance  (Rc,)/double- 
layer  capacitance  (C^j)  parallel  combination.  Constant 
phase  elements  were  used  to  account  for  the  nonidealities 
of  the  capacitive  elements.  The  higher  frequency  time  con¬ 
stant  was  assumed  to  originate  from  the  R^JC^  combina¬ 
tion  while  the  low  frequency  time  constant  was  assumed  to 
arise  from  the  Ra/Cn  combination.  Two  distinct  time  con¬ 
stants  are  observed  in  Fig.  5a,  as  opposed  to  Fig.  5b  wherein 
the  time  constants  are  overlapping.  Utilizing  commercial 
software,'*  excellent  correspondence  between  the  model 
and  the  data  is  obtained,  as  seen  in  Fig.  5.  To  confirm  that 
the  high  frequency  time  constant  was  attributable  to  the 
oxide,  comparison  with  an  ellipsometric  study  of  titanium 
exposed  to  O.lMHCl*’  was  undertaken.  A  grade  2  Ti  sample 
was  prepared  in  the  identical  manner*'  to  that  in  the  previ¬ 
ous  study.  An  impedance  spectrum  was  then  acquired  at  0, 
2,  4,  6,  and  8  V  vs.  NHE  to  facilitate  comparison  with  the 
literature.  Utilizing  the  computer  fit  value  for  and  a 
dielectric  constant  of  100,  we  see  that  good  correspondence 
was  obtained  for  the  oxide  thickness  (Fig.  7).  Each  oxide 
thickness  represents  an  average  of  three  separate  experi¬ 
ments.  The  slight  offset  between  the  oxide  thicknesses  may 
be  attributed  to  the  value  used  for  the  dielectric  constant, 
over  which  there  is  some  controversy.  This  confirmed  that 
the  high  frequency  time  constant  was  attributable  to  the 
oxide.  Further,  Fig.  4  and  5  reveal  that  is  much  larger 
than  R„,  especially  at  lower  potentials.  Hence,  the  rate-de¬ 
termining  step  in  the  passive  electrochemical  dissolution  of 
Ti-15-3  is  the  charge-transfer  reaction.  However,  the  de¬ 
tails  of  this  process  {e.g.,  controlling  interface,  anion  or 
cation  transport,  etc.)  are  unclear.  Further,  it  is  observed 
that  Ret  increases  with  increasing  potential  imtil  1.2  V  is 


Fig.  3.  Replicate  anodic  polarization  scans  in  aerated  SM  HCl 
displaying  the  reproducibility  of  anodic  polarization  experiments. 
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Rg.  4.  (o,  top)  Electrochemical 
impedance  response  of  PA  Ti-15- 
3  exposed  to  aerated  0.6M  NaCi 
pH  1  at  potentials  ranging  from 
open  circuit  to  0.6  V  vs.  SCE.  (b, 
bottom)  Electrochemical  impe¬ 
dance  response  of  PA  Ti-1 5-3  ex¬ 
posed  to  aerated  0.6M  NaCi  pH  1 
at  potentials  ranging  from  0.9  to 
2.1  V  vs.  SCE. 
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reached  (Fig.  4),  followed  by  a  marked  decrease  above  1.2  V. 
This  decrease  corresponds  to  the  onset  of  the  oxygen  evolu¬ 
tion  reaction,  as  discussed  earlier,  and  is  in  agreement  with 
polarization  data. 

Apparent  oxide  thickness  and  resistivity  were  calculated 
from  the  parameters  obtained  by  circuit  fitting.  The  oxide 
thickness  may  be  calculated  by  using  the  equation 


where  is  the  oxide  thickness,  C„,  is  the  oxide  capaci¬ 
tance,  e  is  the  dielectric  constant  of  the  oxide,  e„  is  the 
permittivity  of  free  space,  and  A  is  the  surface  area.  The 
apparent  oxide  resistivity  may  be  calculated  as  follows, 
assuming  that  oxide  resistance  varies  linearly  with  thick¬ 
ness.  From  Eq.  1 


Assuming  that 

P„  =  «„(£)  131 

and,  substituting  Eq.  2  into  Eq.  3,  the  following  equation  is 
obtained 


Equation  4  provides  an  indication  of  apparent  oxide  resis¬ 
tivity  without  explicit  determination  of  oxide  thickness. 

Figures  8  and  9  show  plots  of  the  oxide  thicknesses  and 
apparent  resistivities,  respectively,  in  aerated  0.6M  NaCl 
pH  1.  The  error  bars  show  the  standard  deviation  from  six 
replicate  tests.  All  calculations  assume  a  dielectric  con¬ 
stant  of  100  for  all  four  alloys.  The  oxide  thicknesses  in¬ 
creased  linearly  with  potential  for  aU  the  materials  in  all 
the  solutions.  The  oxide  thicknesses  and  oxide  growth  rates 
(vs.  potential)  of  the  Ti-15-3  alloys  are  lower  than  those  of 
the  a  alloys  in  0.6M  NaCi  pH  1.  The  oxide  growth  rate 
found  for  grade  2  Ti  exposed  to  0.6M  NaCi  pH  1  is  the  same 
(23  A/V)  as  found  for  commercially  pure  titanium  exposed 
to  O.IM  HCl.*’  The  apparent  oxide  resistivity  on  all  the 
alloys  decreases  with  increasing  potential,  indicating  that 
an  increasingly  defective  oxide  exists  at  higher  potentials. 
The  resistivities  of  the  four  alloys  were  generally  within 
experimental  variability.  Handbook  values*®  for  bulk  TiOj 
resistivity  are  in  the  range  of  10”  to  10‘“  fl-m,  while  calcu¬ 
lated  values  from  the  experiments  here  yield  values  in  the 
10’  to  10“  range,  depending  on  potential.  This  discrepancy 
may  be  because  a  10  to  50  A  oxide  grown  in  solution  is  more 
defective  than  a  bulk  three-dimensional  oxide,  the  oxide 
incorporates  alloying  additions,  the  oxide  is  hydrated,  or 
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Fig.  5  (a,  lop]  Comparison  of 
experimental  oata  (SHT  Ti*15-3, 
0.6AINaClpH1,f=1.2VKt|to 
that  obtainM  hy  data  filling  wilh 
CNLS  filling  sonware”  using  ihe 
circuil  mom  shown  in  Fig.  6.  (b, 
bottom)  Comparison  of  experi* 
mental  data  from  Fig.  4b  (PA  Ti- 
15-3,  0.6M  NaCI  pH  1,  £  = 
1.2  VsceI  to  dial  obtained  by  data 
filling  wilh  CNLS  fitting  sofK 
wor^*  using  ihe  circuil  model 
shown  in  Fig.  6. 


the  oxide  has  incorporated  chloride  ions  from  solution. 
Tomashov  et  al.  have  expressed  a  similar  viewpoint  in  their 
review  of  the  passivity  of  a  broad  range  of  Ti  based  alloys.  “ 
The  relative  ranking  of  magnitudes  of  oxide  thickness, 
growth  rate,  and  apparent  resistivity  varied  between  solu¬ 
tions.  As  before,  the  passive  electrochemical  behaviors  of 
the  V/Cr  p-stabilized  alloy  is  similar  to  that  of  both  of  the 
a-titanium  alloys,  indicating  that  the  oxide  formation  and 
growth  mechanism  may  be  similar. 

The  current  density  arising  from  oxygen  evolution  on  the 
passive  film  is  dependent  on  the  oxide  resistance.  The  resis¬ 
tance  is  proportional  to  its  thickness,  which  increases  with 
increasing  potential,  and  its  resistivity,  which  decreases 
with  potential.  Therefore,  as  the  potential  is  increased,  the 
oxygen  evolution  reaction  commences  and  ceases  as  the 
film  properties  change  and  offset  one  another.  Small  varia¬ 
tions  in  these  oxide  properties  change  the  magnitude  of 


oxygen  evolution  observed  on  the  passive  film,  as  seen  in 
replicate  testing  of  SHT  Ti-15-3  (Fig.  3). 

Ex  situ  characterization  of  passivity. — Both  dc  and  ac 
experiments  reveal  similar  passive  electrochemical  behav¬ 
iors  of  SHT  and  PA  ^-15-3,  grade  2  Ti,  and  grade  6  Ti. 
Because  the  compositions  and  microstructures  of  the  four 
alloys  are  dissimilar,  we  hypothesized  that  the  oxides  on 
these  alloys  were  comparable.  To  investigate  the  oxide 
compositions,  AES  was  employed.  Both  SHT  TL-15-3  and 
grade  2  Ti  samples  were  polarized  to  1.5  V  vs.  SCE  with 
impedance  spectra  acquired  at  300  mV  intervals  so  that  the 
oxide  examined  by  AES  after  sample  removal  from  the 
electrochemical  cell  experienced  the  same  history  as  in  the 
dc  and  ac  experiments  discussed  earlier.  The  experiments 
were  performed  in  0.6M  NaCl  pH  1,  which  is  less  aggressive 
than  the  5Af  HCl  but  more  aggressive  than  the  0.6M  NaCl. 
Using  a  dielectric  constant  of  100,  the  thickness  of  the  ox¬ 
ide  on  the  grade  2  sample  was  determined  from  impedance 
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Rg.  6.  Proposed  circuit  model  for  a  passive  titanium  surface 
posed  to  an  aqueous  solution. 


ex- 


spectra  This  oxide  was  used  as  a  standard  to  determine  the 
sputter  rate  of  the  Ar*  beam,  assuming  a  constant  sputter 
rate,  with  the  oxide  thickness  being  taken  as  the  thickness 
at  which  the  concentration  of  oxygen  is  one  half  its  maxi¬ 
mum  achieved  at  the  surface.  ~  • 

The  sputter  depth  profile  of  the  oxide  on  SHT  -n-lS-S  is 
displayed  in  Fig.  10.  No  Na  or  Cl  was  discerned  m  the  oxide 
and  an  Sn  spectrum  was  not  acquired  due  to  sigmficant 
peak  overlap  with  other  elements.  The  passive  film  is  ^h 
in  Ti  and  O  at  an  approximate  composition  of  liOj.  ine 
concentration  of  A1  is  low  but  close  to  its  concentration  m 
the  bulk  alloy.  The  oxide  is  V  poor  and  Cr  nch,  with  Cr 
segregating  to  the  oxide/solution  interface.  V-depMed  ox¬ 
ides  on  a/p  alloys  have  been  observed  by  others.  '  How¬ 
ever  the  overall  concentration  of  alloymg  additions  wuto 
the  passive  film  is  less  than  that  in  the  bu^  ^loy,  and  the 
outer  layer  of  oxide  is  primarily  TiOj.  This  finchng  suggests 
that  the  comparable  passive  electrochemical  behaviors  of 
the  aUoys  may  be  due  to  the  similarities  of  the  oxides  on 
these  alloys.  Additionally,  a  good  correlation  of  omde 
thickness  was  obtained  between  calculations  from  EIS 

measurements  and  AES  sputter  depth  proming. 

The  oxide  film  at  a  crack  tip  may  be  destabilized  and 
reformed  in  solution.  Therefore,  an  oxide  that  had  been 
formed  in  solution  instead  of  in  air  was  examined.  Adai- 
tionaUy,  the  oxides  on  SHT  and  PA  Ti-15-3  were  compared 
with  that  of  grade  2  Ti.  Samples  were  potentiostaticaUy 
held  at  -0.6  V  vs.  SCE  and  abraded  with  SiC  paper,  aUow- 
ing  the  oxide  to  reform  in  solution.  Ex  situ  CTS  was  then 
performed.  Ibble  IV  contains  the  energies  of  the  photoelec- 
tron  peaks  obtained,  the  corresponding  handbook  values 


Fig.  8.  Relafionship  between  oxide  thicknesses  and  Mtentiol  for 
SHT  and  PA  Ti-15-3,  grade  2  Ti  and  grade  6  Ti  exposed  to  aerated 
0.6M  NaCi  pH  1.  A  dielectric  constant  of  100  was  assumed. 


Fig.  9.  Relationship  between  apparent  oxide  resistivities  and  ^ 
tenfial  for  SHT  and  PA  Ti- 1 5-3,  grade  2  Ti  and  grade  6  Ti  exposed  to 
aeroted  0.6AI  NaCi  pH  1.  A  dielectric  constant  of  100  was  assumed. 


for  the  oxides  assigned  to  these  peaks,®'  and  the  formation 
potentials  for  the  oxides  over  a  range  of  potentials,  since 
the  surface  pH  on  mechanical  destabilization  of  the  oxide 
film  is  not  knovra. 

The  oxides  on  SHT  and  PA  Ti-15-3  were  nearly  identical. 
All  the  oxides  were  predominantly  Ti02,  with  small 
amounts  of  AljOj  and  oxidized  V.  Trace  amounts  of  SnOj  or 
SnO  were  detected,  but  similarities  in  binding  energies  and 
a  low  signal-to-noise  ratio  make  differentiation  difficult. 
No  binding  energy  is  listed  for  Sn  within  the  SHT  Ti-15-3 
oxide  because  the  peak  was  too  small  and  broad  to  obtain 


(Angstroms) 


Fig.  10.  AES  sputter  depth  profile  of  SHT  Ti-15-3  exposed  to  aer- 
aterf0.6Al  NaCi  pH  1. 
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Table  IV.  Binding  energies  obtained  from  XPS  experiments 
a^r  abrasion  (0.6A1  NaCI  pH  1,  -0.6  V  vs.  SCE), 
handbook  volues  for  the  binding  energies  of  the 
metal  oxides.^'  and  the  corresponding  formation 
potential  of  the  oxides  of  two  different  pH.’^ 


Ti2p='^ 

TiOj 

V2p*'“ 

A1  2p 
AI2O3 

Sn  3d*" 

Grade  2  Ti 
SHT  Ti-15-3 
PA  Ti-15-3 
Handboold' 
Minimum 
formation 
potential 
(V  vs.  SCE) 
pHl 

458.5 

458.8 

459.0 

458.5 

-0.889 

n/a 

516.1 

515.9 

n/a 

74.3 

74.3 

74.7 

-2.022* 

n/a 

486.1 

pH  8 

-1.303 

— 

-2.264 

— 

•-A1  ^  Al’* 

+  3e*  reaction,  assuming  [Al’*] 

=  10-‘M. 

a  binding  energy  with  a  high  degree  of  accuracy.  A  broad 
bmding  energy  peak  for  V  appears  to  indicate  the  presence 
of  multiplo  oxidation  states  of  V  within  the  oxide,  as  seen 
by  others  on  a/p  alloys.^°'’^  Because  of  the  uncertainty  of 
the  valence  state  of  both  Sn  and  V  within  the  oxide,  the 
handbook  values  for  these  oxides  are  not  given.  No  Cr  peak 
was  detected,  indicating  that  <0.1  a/o  is  present.  This  is  in 
contrast  to  the  +1.5  V  vs.  SCE  air  formed  oxide  which 
contained  elevated  concentrations  of  Cr.  Although  exact 
concenteations  could  not  be  computed,  the  relative  con¬ 
centrations  of  alloying  additions  within  the  passive  films 
on  both  SHT  and  PA  Ti-15-3  were  nearly  identical.  This 
again  indicates  that  the  similar  passive  behaviors  of  the 
materials  observed  during  both  dc  and  ac  experiments 
may  be  attributable  to  the  analogous  oxide  compositions 
on  the  alloys. 

Electrochemistry  and  passivity  in  0.6MNaCl  solutions.— 

Electrochemistry  and  in  situ  characterization  passivity. _ 

To  examine  the  performance  of  metastable  p-titanium  al¬ 
loys  exposed  to  bulk  seawater,  0.6M  NaCl  solutions  were 
used.  Polarization  curves  for  grade  2  Ti,  grade  6  Ti,  and 
SHT  and  PA  Ti-15-3  exposed  to  aerated  0.6M  NaCl  (Fig.  11) 
reveal  that  the  passive  current  densities  for  the  four  mate¬ 
rials  are  lower  them  in  the  solution  adjusted  to  pH  1,  rang¬ 
ing  from  3x10  ’to  5X10  ’  A/cm’.  This  was  confirmed  by 
impedance  measurements  wherein  the  charge-transfer  re¬ 
sistances  which  dominate  the  polarization  resistance  and, 
hence,  the  passive  current  density,  were  higher.  Good  corre¬ 
lation  between  the  proposed  circuit  model  and  the 
impedance  spectra  was  obtained.  As  in  the  pH  1  solutions, 
there  was  little  difference  between  the  behavior  of  the  al¬ 
loys,  and  no  difference  between  aerated  and  deaerated  so¬ 
lutions  was  discerned.  The  open-circuit  potentials  of  all 


Fig.  1 2.  Cathodic  polarization  scans  for  SHT  and  PA  Tl-1 5-3,  grade 
2  Ti,  and  grade  6  Ti  exposed  to  0.6M  NaCl. 


foim  alloys  are  close,  again  indicating  that  there  is  little 
galvanic  interaction  between  the  a  precipitates  and  the  p 
matrix  in  the  PA  material.  No  pitting  was  observed  on  the 
titanium  alloys  up  to  1.7  V  vs.  SCE,  the  increase  in  anodic 
current  density  above  1.0  V  being  attributed  to  oxygen  evo¬ 
lution.  As  before,  this  was  confirmed  by  both  optical  mi¬ 
croscopy  and  EIS  measinrements.  Oxide  thicknesses  in¬ 
creased  linearly  with  potential  and  apparent  oxide 
resistivities  decreased  with  potential,  as  observed  in  pH  1 
adjusted  solutions. 

Little  difference  between  the  passive  electrochemical  be¬ 
haviors  of  the  metastable  p-titanium  alloys  and  the  a-tita- 
nium  alloys  was  observed.  To  confirm  further  that  the  com¬ 
parable  behaviors  were  attributable  to  similarity  of  oxides, 
the  exchange  current  densities  for  the  hydrogen  evolution 
reaction  on  the  oxides  were  examined.  If  large  percentages 
of  allo5ring  additions  were  present  in  the  passive  film, 
changes  in  exchange  current  density  may  be  expected.  Ex¬ 
change  current  densities  were  obtained  from  cathodic  po¬ 
larization  experiments  (Fig.  12)  by  extrapolation  of  the 
Tafel  plot  to  the  reversible  potential  for  hydrogen  evolu¬ 
tion.  The  exchange  current  densities  for  all  the  materials 
were  low  (2.0  X  lO'"  to  5.7  X  lO'”*  A/cm’)  and  within  ex- 
imrimental  error  in  replicate  testing.  Exchange  current 
densities  for  grade  2  titanium  and  grade  6  titanium  are 
higher  than  reported  earlier”  and  represent  increased  pre¬ 
cision  as  a  result  of  repheate  testing.  The  exchange  current 
densities  for  V  and  Cr  are  known  to  be  approximately  2 
orders  of  magnitude  greater”  than  those  observed  here. 
This  indicates  that  the  oxides  are  dominated  by  Ti02,  and 
may  account  for  the  similar  behaviors  observed  from  dc 
and  ac  experiments. 


lO"”  10'*  10** 


Current  Density 
(Amps/cm  ) 

Rg.  1 1.  An^ic  polarizaHon  scans  for  SHT  and  PA  Ti-15-3,  grade 
2  Ti,  and  grade  6  Ti  in  aerated  0.6AI  NaCl. 


Fig.  13.  Anodic  polarization  scans  for  SHT  and  PA  Ti-15-3,  grade 
2  Ti,  and  grade  6  Ti  in  aerated  SM  HCI. 
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Fig.  14.  Anodic  polarization  scons  for  SHT  and  PA  Ti- 15-3,  grade 
2  Ti,  ond  grade  6  Ti  in  deaerated  SM  HCl. 


Electrochemistry  and  passivity  in  5M  HCl  solutions.— 
Electrochemistry  and  in  situ  characterization  of  passiv- 
_ Anodic  polarization  tests  for  the  titanium  alloys  ex¬ 


posed  to  aerated  5M  HCl  may  be  seen  in  Fig.  13.  AH  the 
materials  examined  were  active/passive  in  aerated  5MHC1. 
This  was  confirmed  by  replicate  tests  (Fig.  3).  Others  have 
observed  an  active/passive  transition  for  commercially 
pure  Ti  in  5M  HCF®  but  not  in  O.IM  HCl.^’  The  more  active 
open-circuit  potentials  enable  the  observation  of  the  ac¬ 
tive/passive  transition.  Ti-15-3  showed  the  greatest  passive 
current  density,  consistent  with  pH  1  NaCl  (Fig.  1)  and 
neutral  NaCl  (Fig.  11)  experiments.  Similar  experiments 
performed  in  deaerated  5M  HCl  (Fig.  14)  reveal  that  an 
active/passive  transition  occurs  on  all  the  alloys.  Previous 
research  has  observed  an  active/passive  transition  on  other 
3-titanium  aUoys  (Ti-13  V-11  Cr-3  Al)  in  20%  HCl  (6.5M), 
albeit  at  35°C.  “  A  transition  also  was  observed  in  5%  HCl 
(1.6M)  at  65°C.'*  As  seen  previously,  the  open-circuit  poten¬ 
tials  of  aU  the  materials  are  nearly  identical,  indicatmg 
little  thermodynamic  driving  force  for  galvanic  couplmg 
between  the  matrix  and  precipitates  in  the  PA  materiaL 
Unlike  that  seen  for  Mo  and  Nb-stabilized  p-titanium 
alloys,’^  the  impedance  spectra  reveal  distinct  two  time 
constant  behavior  (Fig.  15a  and  b)  and  correlate  well  with 
the  proposed  circuit  model,  indicating  that  an  oxide  is 
present  in  5M  HCl.  Although  the  materials  are  active  on 


(Ohms) 


Fig.  15.  (a,  top)  Electrochemical 
impedance  response  of  SHT  Ti- 
1 5-3  exposed  to  aerated  SM  HCl 
at  potentials  ranging  from  open 
circuit  to  0.6  V  vs.  SCE.  (b,  bob 
tom)  Electrochemical  impedance 
response  of  SHT  Ti-1 5-3  exposed 
to  aerated  5A1  HCl  at  potentials 
ranging  from  0.9  to  2.1  V  vs. 
SCE. 
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anodic  polarization  over  a  wide  potential  range  (hundreds 
of  millivolts),  this  does  not  imply  that  an  oxide  is  not 
present.  Other  researchers  have  stated  that  even  in  the  ac¬ 
tive  region,  dissolution  is  strongly  inhibited  by  an  oxide 
which  apparently  can  exist  metastably  even  in  strong  acid 
solution.”  Beck  hypothesized  that  steady-state  dissolution 
may  proceed  through  oxide  formation  and  dissolution 
steps.  Others  have  noted  that  in  the  active  region  a 
porous  film  of  Ti203  is  present.’® 

Both  the  P  matrix  and  the  a  precipitates  in  PA  Ti-15-3 
were  active  in  deaerated  5M  HCl,  unlike  that  observed  for 
Mo/Nb  stabilized  p-titanium  alloys  wherein  the  p  matrix 
was  passive.’*  Although  the  preferential  precipitation  of  a 
phase  along  the  p  grain  boundaries  in  Ti-15-3  may  provide 
a  low  resistance  path  for  dissolution-controlled  crack 
growth,  galvanic  coupling  of  the  a  precipitates  to  the  p 
matrix  appears  to  be  an  imlikely  mechanism.  Moreover,  as 
stated  earUer,  the  measured  peak  current  densities  for  the 
materials  in  5M  HCl,  the  most  aggressive  solution  exam¬ 
ined,  are  too  low  to  account  solely  for  crack  growth  rates 
observed.®  Therefore,  we  conclude  that  highly  localized 
mechanical  destabilization  of  the  passive  film  is  required 
for  EAC  of  these  alloys,  regardless  of  the  exact  mechanism 
of  EAC. 

Conclusion 

Examination  of  the  passivity  of  Ti-15-3  exposed  to  a 
range  of  room  temperature  solutions  bracketing  crack  tip 
chemistries  possible  in  marine  enviromnents  was  imder- 
taken  as  an  initial  step  in  elucidating  the  EAC  mechanism 
of  a  V/Cr  containing  metastable  p-titanium  alloy  in  seawa¬ 
ter.  No  major  electrochemical  differences  were  observed 
between  SHT  Ti-15-3,  PA  Ti-15-3,  commerciaUy  pure 
(grade  2)  Ti,  and  grade  6  Ti,  which  approximate  the  compo¬ 
sition  of  the  a  precipitates  present  in  PA  Ti-15-3.  Similar 
open-circuit  potentials  between  grade  6  Ti  and  the  p-tita- 
nium  alloys  indicate  that  little  galvanic  coupling  occurs 
between  the  o  precipitates  and  the  p  matrix  in  the  PA  alloy. 
All  the  alloys  were  spontaneously  passive  in  all  the  NaCl 
solutions  examined,  as  confirmed  by  EIS,  and  no  pitting 
was  observed  on  these  alloys  up  to  1.7  V  vs.  SCE.  However, 
active/passive  transitions  were  observed  on  Jill  four  mate¬ 
rials  in  5M  HCl.  Ti-15-3  and  grade  6  Ti  oxide  thicknesses 
increased  linearly  mth  potential,  as  found  with  commer¬ 
cially  pime  grade  2  Ti,  suggesting  comparable  oxide  growth 
mechanisms.  Similar  passive  electrochemical  behaviors 
among  the  four  alloys  are  explained  by  the  fact  that  the 
oxides  on  these  materials  are  quite  close  in  composition. 
Ex  situ  AES  sputter  depth  profiles  show  that  the  oxide  on 
SHT  Ti-15-3  is  predominantly  TiOj  and  contains  less  than 
stoichiometric  concentrations  of  alloying  additions.  Ex 
situ  XPS  tests  indicate  little  difference  between  the  oxides 
on  SHT  and  PA  Ti-15-3.  Oxide  similarity  was  confirmed  by 
comparable  hydrogen  evolution  kinetics.  The  peak  dissolu¬ 
tion  rates  of  the  P-titanium  alloys  were  too  low  to  account 
solely  for  EAC.  Therefore,  mechanical  destabilization  of 
the  passive  film  is  required  to  obtain  observed  crack 
growth  rates,  even  after  crack  tip  cation  hydrolysis  and 
acidification,  regardless  of  the  exact  mechanism  of  EAC. 
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Abstract 


Bare  surface  and  repassivation  kinetics  are  critical  to  the  understanding  of 
environmental  cracking  of  titanium.  A  variety  of  potentiostatic  repassivation  techniques 
have  been  utilized  by  previous  researchers  to  obtain  this  information.  However,  the 
apparent  repassivation  kinetics  are  a  function  of  depassivation  speed,  solution  resistance, 
potentiostat  response,  etc.  The  effect  of  each  of  these  Imntations  on  repassivation  behavior 
is  examined.  The  applicability  of  the  high  field  approximation  to  potentiostatic  repassivation 
tests  in  chloride  solutions  is  also  discussed.  It  was  found  that  the  above  experimental 
limitations,  as  well  as  a  significant  difference  between  the  total  measured  current  and  the 
oxide  formation  current  (due  to  anodic  dissolution),  render  the  high  field  approximation  to 
oxide  growth  an  ineffective  model  of  the  current  decay  observed  on  titanium  and  explains 
the  wide  range  of  high  field  parameters  that  have  been  reported  in  the  literature  for  this 
material. 
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Introduction 


The  kinetics  of  repassivation  is  critical  to  understanding  the  mechanisms  of 
environmentally  assisted  cracking  (EAC)*'^.  Unfortunately,  the  high  rate  of  repassivation 
of  many  metals  makes  the  acquisition  of  the  rapid  current  decay  due  to  film  growth  difficult. 
A  variety  of  methods’  have  been  employed  in  order  to  obtain  the  kinetic  information 
required  for  the  evaluation  of  EAC  models,  often  with  Imnted  results.  Potentiostatic 
methods  are  desirable  in  order  to  predict  material  behavior  at  different  potentials.  These 
methods  are  also  attractive  because  the  current  decay  with  time  can  be  modelled  through 
use  of  the  high  field  approximation^  Unfortunately,  the  rate  of  oxide  removal,  potentiostat 
and  reference  electrode  response  time,  inaccuracy  in  solution  resistance  (R,)  and  bared  area 
determination^,  and  capacitive  current  from  the  adjacent  electrode  surface  exposed  to 
solution'®  are  just  some  of  the  many  errors  that  may  influence  and/or  invalidate 
potentiostatic  repassivation  results.  It  is  the  object  of  this  work  to  delineate  the 
requirements  for  valid  repassivation  data  acquisition,  through  comparison  of  thin  film 
fracture  experiments  and  manual  scratch  testing  techniques  on  titanium  exposed  to  0.6M 
NaCl,  and  to  evaluate  the  effectiveness  of  the  high  field  approximation  as  a  model  for 
repassivation  kinetics.  While  this  is  not  the  first  attempt  to  explain  artifacts  in  repassivation 
data^’'°-",  it  is  the  only  attempt  that  comprehensively  examines  these  issues  for  the  case  of 
titanium  repassivation. 


Experimental  Procedure 

The  experimental  procedure  for  manual  scratch  testing  was  similar  to  that  of  others'®. 
Manual  scratch  testing  comprised  commercially  pure  grade  2  Ti  mounted  flush  in  epoxy  so 
that  a  0.09  cm  x  0.6  cm  rectangular  area  was  exposed  to  solution.  Electrical  connection  was 
made  through  the  back  of  the  sample,  opposite  to  the  side  exposed  in  solution.  The  sample 
was  coated  with  a  thin  layer  of  vacuum  grease  to  minimize  capacitive  current  arising  from 
the  oxide  adjacent  the  scratch'®.  Capacitive  charging/discharging  current  from  the 
surrounding  oxide  has  been  shown  to  alter  the  current  response  during  potentiostatic 
testing'”,  A  diamond  tipped  glass  marker  was  utilized  to  scratch  through  both  the  vacuum 
grease  and  underlying  titanium.  Samples  were  examined  with  an  optical  microscope  to 
ensure  that  no  vacuum  grease  contaminated  the  scratched  region.  A  Mitutoyo  Surftest  401 
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surface  profilometer  was  utilized  to  determine  the  scratch  area.  The  amount  of  area  bared 
in  a  typical  experiment  was  obtained  by  the  averaging  of  many  separate  scratch  tests. 

Thin  film  fracture  samples  comprised  a  500  nm  thick  titanium  layer  evaporated  onto 
a  glass  substrate.  A  200  nm  thick  layer  of  insulating  Si02  was  sputter  deposited  on  top  of 
the  titanium  to  prevent  capacitive  current®’’®  flowing  to  the  freshly  bared  titanium  surface 
from  its  surrounding  oxide.  The  samples  were  1  cm  in  width,  yielding  an  exposed  area  of 
5x10'®  cm^  upon  fracture.  The  samples  were  scored  on  the  glass  side  of  the  sample  and 
mounted  in  the  cell  (Figure  1).  The  samples  were  fractured  by  impressing  a  rotary  acrylic 
breaker  onto  the  bottom  of  the  sample.  This  method  was  found  to  be  more  satisfactory 
than  guillotining  the  sample,  resulting  in  far  less  cell  vibration  and  solution  mixing. 

Both  scratch  testing  and  thin  film  experiments  incorporated  a  saturated  calomel 
reference  electrode  (SCE)  and  a  platinized  niobium  mesh  counter  electrode.  The  reference 
electrode  was  placed  away  from  the  newly  exposed  metal  to  allow  calculation  of  the  solution 
resistance,  using  an  approach  which  assumes  that  the  reference  electrode  is  placed  infinitely 
far  from  the  exposed  area®.  It  is  not  practical  to  place  the  reference  electrode  (or  a  Luggin 
capillary)  close  to  the  narrow  scratch  (approximately  50  um  wide)  to  reduce  the  solution 
resistance  and  associated  ohmic  drop,  because  this  would  likely  lead  to  screening  of  the 
working  electrode. 

Samples  were  held  potentiostatically  with  a  Princeton  Applied  Research  (PAR)  273 
potentiostat.  Surface  potential  and  repassivation  current  were  measured  with  either  an 
Hewlett  Packard  54600A  oscilloscope  (thin  film  experiments,  500  ns/data  pt.)  and/or  7090A 
measurement  plotting  system  (thin  film  and  scratch  tests,  lOOus/data  pt).  The  potential  and 
current  signals  were  sampled  through  their  respective  analog  outputs  on  the  potentiostat. 

Solution  resistance  calculations  were  confirmed  both  through  a)  current  interrupt 
measurements  using  a  PAR  273  potentiostat  and  b)  through  electrochemical  impedance 
spectroscopy  (EIS)  measurements  performed  with  a  Solartron  1286  electrochemical  interface 
and  1255  frequency  response  analyzer. 

0.6M  NaCl  solutions  (k  =  0.052  (Q-cm)  ')  incorporating  reagent  grade  NaCl  added 
to  distilled,  deionized,  18  MQ  water  were  utilized  in  the  experiments  reported  here. 
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Results 


Ohmic  Loss  in  Solution 

A  comparison  of  current  transients  (Egppiied  =  0Vsce»  0-6M  NaCl)  observed  during 
potentiostatic  scratch  and  fractured  thin  film  repassivation  experiments  are  seen  in  Figure 
2.  The  peak  current  density  observed  for  the  fractured  thin  film  test  is  seen  to  be 
approximately  50  times  that  for  the  scratch  test.  The  peak  current  density  was  assumed  to 
occur  at  0.25  us  for  plotting  purposes.  The  observed  current  densities  fall  below  those 
required  for  salt  film  production'^  at  any  time  and  thus  do  not  appear  to  be  limited  by  mass 
transport. 

The  true  surface  potential  of  each  sample  can  be  calculated  by  correcting  for  ohmic 
drop  in  solution.  Assuming  the  bared  area  is  of  rectangular  cross-section  and  the  reference 
electrode  is  positioned  an  infinite  distance  from  the  bared  area,  solution  resistance  may  be 
calculated  b/ 


where  is  the  solution  resistance  (ohms),  k  is  the  solution  conductivity  (ohm-cm)  a  is  half 
the  bare  electrode  width  (cm),  and  b  is  half  the  bare  electrode  length  (cm).  In  order  to 
utilize  this  equation  for  scratch  testing,  two  issues  must  first  be  addressed  -  1)  acquisition 
of  the  true  bare  surface  area  and  2)  its  relation  to  a  rectangular  cross-section  geometry.  For 
scratch  tests,  the  scratch  width  was  found  by  averaging  many  surface  profilometry 
measurements.  The  scratch  did  not  have  a  rectangular  cross-section  but  rather  a  triangular 
cross-section  (Figure  3a),  with  mounding  along  the  scratch  edges  resulting  from  plastic  flow 
of  the  material.  The  scratch  width  was  assumed  to  be  the  path  length  between  the  mound 
tops.  In  order  to  utilize  equation  1,  the  scratch  cross-section  was  assumed  to  be  rectangular 
with  the  bared  path  length  across  the  scratch  equal  to  the  width  of  the  assumed  rectangular 
geometry  (Figure  3b).  The  bared  area  for  fracture  experiments  was  assumed  to  be  the 
cross-sectional  area  of  titanium  on  the  substrate  (i.e.,  a  perfectly  brittle  fracture  straight 
across  the  sample  was  assumed).  Both  EIS  and  current  interrupt  methods  were  used  to 
confirm  solution  resistance  calculations  (Table  1).  Excellent  agreement  was  observed 
between  the  calculated  values  and  those  determined  experimentally.  The  surface  potentials 
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for  the  experiments  in  Figure  2,  corrected  for  IR^,  are  shown  in  Figure  4. 

Potentiostat  Response 

Potentiostat  response  time  may  further  alter  the  surface  potential.  Figure  5  shows 
the  current  and  potential  response  resulting  from  a  fracture  test  (E^ppHed  =  OVsce)-  Upon 
fracture,  there  is  a  loss  of  potentiostatic  control  for  roughly  the  first  5  us  (utilizing  either  10 
mA,  1  mA,  or  lOOuA  current  measuring  resistors)  with  the  PAR  273  potentiostat.  This 
occurs  because  there  is  a  change  in  the  current  required  to  maintain  a  constant  applied 
potential  when  the  bare  electrode  is  created.  The  potentiostat  is  unable  to  supply  current 
fast  enough  to  maintain  the  applied  potential.  Thus,  the  surface  potential  for  the  fracture 
test  can  be  further  corrected  for  loss  of  potentiostatic  control,  as  seen  in  Figure  4.  Identical 
potentiostat  response  time  was  observed  during  tests  utilizing  resistors  as  dummy  cells.  (The 
capacitances  of  the  lOOQ  -  10  kQ  resistors  was  approximately  10  pF  and  thus  did  not 
significantly  affect  the  tests.)  In  these  tests,  a  voltage  step  was  applied  to  a  test  resistor. 
Current  could  not  be  supplied  fast  enough  to  result  in  an  instantaneous  shift  in  potential  to 
the  applied  voltage,  similar  to  that  seen  in  electrochemical  testing.  It  is  unclear  whether  the 
peak  current  density  is  affected  by  the  lack  of  instantaneous  potentiostat  response.  It  is 
likely,  however,  that  the  early  portion  of  a  current  transient  (i.e.,  the  initial  decay  behavior) 
is  affected  by  both  the  finite  rise  time  of  the  potentiostat  and  the  changing  IR^  drop  in 
solution.  Numerous  investigators  have  attached  significance  to  the  length  of  the  plateau,  as 
well  as  the  magnitude  of  the  peak  current.  Models  have  been  developed*^  and  used*'*''® 
which  attribute  the  plateau  length  to  the  time  required  for  the  formation  of  the  initial 
monolayer  of  oxide.  Clearly,  experimental  artifacts  may  affect  the  length  and  magnitude 
(current)  of  the  plateau  and  any  resulting  attempts  at  modelling  repassivation  and,  hence, 
EAC. 


Reference  Electrode  Response 

It  was  not  initially  understood  whether  the  SCE  reference  electrode,  which  has  a  high 
impedance,  affected  the  potentiostat  response  as  well.  Previous  researchers'^'^'  have 
discussed  the  applicability  of  SCEs  to  transient  methods  and  have  found  that  the  reference 
electrode  may  be  a  source  of  error  during  potentiodynamic  (voltage  step  and  EIS)  testing. 
Low  solution  resistance  (:£  330Q)  and  the  absence  of  a  Luggin  capillary  have  been  correlated 
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with  reduced  corruption  by  artifacts”-^®.  (The  present  work  does  not  incorporate  a  large 
or  a  Luggin  capillary  for  this  reason.)  However,  the  effect  of  the  SCE  on  a  resulting  current 
transient  during  potentiostatic  testing  is  unclear.  It  was  found  in  this  study  that  the  response 
time  of  the  SCE  added  no  additional  limitations  to  potentiostatic  testing.  That  is,  the 
response  time  of  the  electrode  in  electrochemical  testing  was  within  the  response  time  of 
the  potentiostat  observed  with  the  dummy  cell.  Tests  utilizing  a  bare  chloridized  silver  wire 
(Ag/AgCl)  reference  electrode  revealed  similar  potential  and  current  response  but  with 
greater  instability  with  respect  to  cell  vibration  resulting  from  fracture. 

While  many  limitations  of  reference  electrode  response  have  been  delineated  for  AC 
work*’-2“,  it  was  initially  unclear  how  this  related  to  potentiostatic  repassivation  experiments 
because  the  amplitudes  of  the  AC  currents  at  specific  frequencies  which  sum  to  produce  the 
thin  film  transient  were  unknown.  Thus,  a  fourier  transform  of  the  thin  film  transient  seen 
in  Figure  2  was  undertaken.  It  was  found  that  greater  than  80%  of  the  signal  energy  arises 
from  the  0-100  kHz  regime  and  greater  than  50%  arises  from  the  0-16  kHz  regime. 
Therefore,  it  appears  that  higher  frequency  components  (100  kHz  -  1  MHz),  which  would 
be  most  susceptible  to  artifactual  corruption  from  the  potentiostat  or  reference  electrode, 
play  little  role  in  determining  the  transient  morphology.  It  may  be  argued,  however,  that 
this  reasoning  is  circular  because  it  is  possible  that  high  frequency  components  that  might 
be  present  without  corruption  are  not  present  in  the  data  due  to  signal  corruption.  An 
intuitive  argument  can  be  made  in  favor  of  the  hypothesis  that  the  majority  of  the  signal 
energy  originates  from  lower  frequencies.  Because  the  majority  of  the  signal  is  a  large 
positive  peak  over  approximately  100  us  (Figure  5),  it  is  apparent  that  a  series  of  low 
frequency  AC  signals  (1-10  kHz)  could  roughly  approximate  the  peak.  In  combination  with 
the  reference  electrode  response  discussed  above,  this  argument  (although  not  definitive) 
suggests  that  the  reference  electrode  is  not  severely  affecting  thin  film  fracture  tests. 

Lead  Wire  Inductance 

Corruption  of  the  transient  due  to  changing  applied  potential  arising  from  lead  wire 
inductance  was  also  considered.  Using  an  estimate  of  1  uH  for  the  lead  inductance  and  a 
rate  of  change  of  current  of  1000  A/s,  the  lead  inductance  contribution  is  1  mV.  Thus, 
inductance  in  the  lead  wires  appears  to  have  little  affect  on  the  potential  during  thin  film 
fracture  tests. 
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Depassivation  Rate 

Recently,  repassivation  experiments  have  been  performed  on  fractured  thin  films  in 
order  to  produce  bare  metal  as  quickly  as  possible"  ^  Rapid  depassivation  is  favorable 
because  a  slow  rate  of  depassivation  (such  as  by  scratching)  dramatically  influences 
repassivation  experiments.  This  is  illustrated  in  scratch  testing  experiments  wherein 
depassivation  rate  is  relatively  slow.  The  stylus  is  scratched  across  the  titanium  sample  at 
roughly  1  m/s.  Thus,  across  a  0.09  cm  sample,  significant  repassivation  has  occurred  at  the 
start  of  the  scratch  by  the  time  the  end  of  the  scratch  length  is  reached,  0.9  ms  later.  The 
current  that  is  measured  will  be  an  average  along  the  scratch,  which  is  far  lower  than  if  the 
entire  scratch  was  bared  at  one  time  (Figure  6).  This  ignores  the  additional  galvanic  and 
capacitive  current  effects  between  the  more  noble  oxide  covered  regions  at  the  scratch  start 
and  the  active  bare  metal  at  the  scratch  end.  This  effect  has  not  been  accounted  for  even 
in  previous  studies  of  coupled  oxide  effects'®.  The  current  in  Figure  6  was  calculated  by 
assuming  logarithmic  current  decay  (slope  of  -1  on  log  i  vs.  log  t)  in  each  of  1000 
independent  sections  along  the  scratch.  The  bare  surface  current  density  was  taken  to  be 
the  average  maximum  current  density  observed  from  thin  film  fracture  experiments  (at 
OVsce)  with  the  current  density  decay  originating  from  this  maximum  at  5xl0  ®s. 

Factors  Limiting  the  Bare  Surface  Polarization  Curve 

Figure  7  compares  bare  polarization  curves  generated  by  potentiostatic  repassivation 
tests  at  various  potentials'^  to  those  calculated  assuming  the  tests  are  ohmically  limited. 
Thin  film  data  represent  the  average  of  the  peak  current  density  from  at  least  two  tests  at 
a  given  applied  potential.  Scratch  data  represent  the  maximum  current  density  observed 
from  multiple  tests  at  a  given  applied  potential.  The  bare  surface  open  circuit  potentials 
were  found  to  be  slightly  different  for  the  thin  film  and  scratch  tests^^  and  were  taken  to  be  - 
l.SVscE  for  the  scratch  tests  and  -1.6Vsce  for  the  thin  film  experiments. 

The  observed  peak  currents  fall  below  the  respective  ohmic  limits  for  both  the 
scratch  tests  and  the  fracture  tests  (Figure  7).  However,  scratch  tests  have  the  additional 
limitation  of  an  approximately  0.9  ms  depassivation  speed.  If  it  is  assumed  that  the  peak 
bare  surface  current  density  from  scratch  tests  is  equal  to  the  peak  current  density  obtained 
from  fracture  tests  and  that  the  measured  current  is  limited  by  scratch  speed  as  in  Figure 
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6,  the  scratch  speed  limited  polarization  curve  can  be  calculated  for  a  variety  of 
corresponding  applied  potentials.  Some  error  is  introduced  because  the  true  surface 
potential  of  the  thin  film  and  scratch  are  actually  different  following  depassivation  (Figure 
4),  even  though  the  applied  potentials  are  the  same.  However,  good  correspondence 
between  the  calculated  scratch  speed  limited  curve  and  the  data  is  observed.  Thus,  peak 
current  densities  from  scratch  tests  are  indicative  of  the  material  behavior  only  under  the 
particular  ohmic  and  depassivation  limitations  of  the  test.  They  may  not  be  indicative  of 
material  behavior  at  a  crack  tip,  for  instance,  where  the  depassivation  rate,  solution 
resistance,  and  area  depassivated  are  likely  far  different. 

As  discussed  above,  the  region  of  steep  slope  in  the  fractured  thin  film  bare  surface 
polarization  curve  is  neither  ohmically  limited  nor  depassivation  speed  limited.  It  is  possible 
that  this  region  is  not  influenced  by  experimental  limitations  and  thus  is  indicative  of  the 
true  bare  surface  response.  Such  a  steep  slope  may  be  explained  by  an  activationless 
reaction^^  This  will  be  a  topic  of  discussion  in  future  work^l 

Charge  Density 

The  high  field  approximation  of  measured  current  density  -  time  transients  pertains 
to  oxide  thickening  only.  All  current  passed  that  does  not  go  towards  oxide  thickening  will 
produce  error  when  applying  the  high  field  model.  Previous  researctf'*’^^  has  indicated  that 
a  large  majority  of  the  charge  passed  following  depassivation  of  titanium  exposed  to  chloride 
environments  goes  towards  dissolution.  Research  in  this  laboratory  indicates  that  at  least 
90%  of  the  charge  passed  goes  into  solution  (Ti  TP^  +  3e  )  and  not  into  oxide  formation 
(Ti  +  2  H2O  TiOj  +  4H^  +  4e  ).  This  was  determined  by  integration  of  the  current  - 
time  transient  (such  as  that  of  Figure  2)  followed  by  comparison  to  the  charge  required  to 
reform  an  oxide  layer  consisting  of  Ti02  of  a  certain  thickness.  This  thickness  was 
determined  by  EIS  which  has  been  shown  to  correspond  well  to  other  thickness 
determination  methods^®’^’.  For  example,  the  total  charge  density  passed  following  thin  film 
fracture  in  Figure  2  (measured  up  to  0.03s)  was  found  to  be  27.5  mC/ cm^.  The  total  charge 
density  required  for  oxide  formation  is  1.7  mC/ cm^,  assuming  a  10  A  oxide  thickness  ,  5.2 
A  monolayer  thickness'®,  and  3.4  g/cm®  oxide  density'®.  Therefore,  the  large  majority  of 
charge  goes  toward  dissolution  of  titanium  and  not  into  barrier  oxide  formation.  The 
calculated  total  charge  density  is  actually  an  underestimate  of  the  true  total  charge  density 
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because  it  neither  incorporates  unaccounted  charge  from  cathodic  current  supplied  by  the 
bare  surface  nor  data  after  30  ms.  Thus,  the  true  charge  density  passed  following 
depassivation  is  actually  greater.  The  significance  of  the  large  percentage  of  charge  going 
towards  dissolution  and  not  oxide  thickening  is  discussed  below. 

Discussion 


High  Field  Approximation 


Knowledge  of  the  repassivation  behavior  of  a  material  is  often  required  in  order  to 
fully  explain  EAC  phenomenal  Repassivation  experiments  usually  comprise  potentiostatic 
testing,  wherein  the  passive  film  is  removed  and  the  current  decay  observed.  However,  fast 
repassivation  rate  and  initially  large  current  densities  present  a  barrier  to  data  acquisition 
for  numerous  reasons.  All  of  the  problems  arising  from  the  large  and  rapidly  changing 
current  density  must  be  mitigated  to  obtain  valid  data.  Only  then  can  modelling  of  the  data 
using  the  high  field  model  (or  any  other  model)  be  considered. 


Repassivation  or,  more  specifically,  oxide  thickening  of  titanium  and  other  valve 
metals  has  been  assumed  to  be  governed  by  high  field  oxide  growth”  ’'''’®’^®'^'.  Cabrera  and 
Mott  modelled  high  field  growth  through  the  relation* 


dt 


u  exp 


(2) 


where  X  is  the  oxide  thickness,  t  is  time,  u  is  a  pre-exponential  term  incorporating  various 
material  parameters,  and  Xj  =  B’V  where  B  is  the  inverse  field  coefficient  (cm/V)  and  V 
is  the  voltage  drop  across  the  film.  This  equation  is  an  approximation  that  is  only  valid  for 
X<  <  Xi,  i.e.  when  the  field  is  so  strong  that  ionic  motion  is  overwhelmingly  in  one  direction. 
Additionally,  the  equation  applies  to  oxide  thickening  such  that  it  is  only  valid  after  the  first 
monolayer  has  formed.  The  high  field  approximation  offers  no  explanation  for  the  current 
density  plateau  discussed  above.  Assuming  that  all  charge  passed  goes  towards  barrier  oxide 
formation. 


X 


^  -A^-Ai 
dt  dt 
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A  q 


(3) 


where  q  is  charge  density  (C/cm^),  n  is  the  number  of  electrons  transferred,  F  is  Faraday’s 
constant,  p  is  density  (g/cm^),  M  is  atomic  weight  (g/mol),  A  is  a  constant  equal  to  M/nFp 
(cmVC),  and  i  is  current  density  (A/cm^).  Thus,  the  relation 


i 


(4) 


is  obtained,  where  io  represents  a  pre-exponential  constant  (A/ cm^).  This  the  form  of  the 
empirically  derived  equation  first  proposed  by  Giinterschulze  et  al.^^ 


Equation  4  can  be  manipulated’'’-^^  (Appendix  A)  to  produce  the  differential  current 
density  -  time  relationship 


dt 


'  {i  >  foy 

_  •  In  -- 

^^0  \*oJ, 

(5) 


The  solution  for  the  integral  has  no  closed  form.  Approximations  to  the  solution  have  been 
thoroughly  discussed  in  various  references”-’''■^”^■^^  although  the  approximations  may,  in 
some  cases,  incorporate  significant  error.  Equation  5  is  easily  integrated  numerically  by 
computer,  assuming  that  the  pre-exponential  term  io  is  known  a  priori^^.  If  instead  it  is 
desirable  to  fit  experimental  data  in  order  to  obtain  parameters  such  as  io  and  B,  a  fit  can 
be  obtained  through  an  iterative  fitting  technique.  Iterative  fitting  is  cumbersome,  however, 
even  utilizing  a  computer,  requiring  numerical  integration  for  each  iteration.  Therefore,  the 
approximation” 
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may  be  useful,  as  this  may  be  utilized  with  commercially  available  fitting  software. 
Unfortunately,  this  may  incorporate  some  error  into  the  calculation”.  A  comparison  of 
equation  6  vs.  numerical  integration  of  equation  5  is  seen  in  Figure  8. 


Although  a  variety  of  approximations  to  the  high  field  approximation  have  been  used 
to  model  the  repassivation  of  titanium”-'"’^®,  the  applicability  of  the  high  field  model  is 
questionable  for  several  reasons.  One  reason  is  the  lack  of  a  constant  potential  drop  across 
the  film  at  a  given  potential.  It  has  been  hypothesized  that  thickening  of  the  titanium  oxide 
film  is  controlled  by  the  outward  migration  of  cations,  taking  advantage  of  interstitial  sites^®. 
The  voltage  drop  across  the  film  has  been  written  as”’^* 

V  =  E  -  (7) 

o 

where  E  is  the  true  surface  potential  and  Eg  is  a  voltage  roughly  equal  to  the  reversible 
potential  for  oxide  formation.  The  true  surface  potential  changes  with  time,  as  shown  in 
Figure  4.  Also,  Eg  has  been  shown  not  to  be  constant,  however,  but  a  function  of  the  film 
thickening  charge  and  current  densities”.  Thus,  for  a  given  applied,  the  voltage  drop  across 
the  oxide  film  will  vary.  In  order  to  determine  Eg  (and  thus  V),  the  charge  and  current 
densities  attributable  to  film  thickening  must  be  accurately  known.  Unfortunately,  at  early 
times,  these  charge  and  current  densities  caimot  be  measured  accurately,  due  to  finite 
depassivation  speed  (discussed  in  the  ensuing  section),  potentiostat  rise  time,  a  large  portion 
of  the  charge  going  towards  dissolution  instead  of  oxide  formation  (discussed  below), 
cathodic  current  provided  by  the  bare  surface  which  cannot  be  measured,  etc.  Therefore, 
it  is  difficult  to  accurately  obtain  Eg,  especially  at  early  times.  The  potential  drop  across  the 
film  (V)  is  varying  with  time  due  to  varying  ohmic  loss  in  solution  (affecting  E),  potentiostat 
control  (also  affecting  E),  and  Eg.  Unless  V  can  be  accurately  determined,  high  field 
modelling  of  the  current  response  at  short  times  following  depassivation  may  be  ineffective. 

The  high  field  approximation  of  measured  current  density  -  time  transients  pertains 
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to  oxide  thickening  only.  Because  over  90%  of  all  current  passed  does  not  go  towards  oxide 
formation,  significant  error  will  occur  when  applying  the  high  field  model.  Other 
researchers^'*  ’®  have  attempted  to  model  the  contributions  of  initial  oxide  monolayer  current, 
the  dissolution  current  and  the  oxide  thickening  current  during  titanium  repassivation,  with 
the  oxide  thickening  current  accounting  for  the  roughly  logarithmic  current  decay.  This 
model  is  flawed  for  numerous  reasons.  Foremost  is  the  fact  that  the  current  decay  portion 
of  the  transient  cannot  be  modelled  with  only  a  contribution  from  oxide  thickening,  i.e., 
dissolution  current  must  be  incorporated.  The  modelling  also  relies  on  fitting  of  numerous 
parameters  to  the  data  set  without  independent  confirmation.  Additionally,  the  data  is 
significantly  flawed  due  to  very  slow  depassivation  speed  (6  cm/s)’'*  ’®.  Thus  it  is  apparent 
that  the  high  field  approximation  is  invalid  for  use  in  the  titanium  /  chloride  solution  system 
and  that  models  incorporating  the  high  field  approximation  to  account  for  measured  current 
decay  upon  repassivation  are  erroneous. 

Because  such  a  large  percentage  of  the  charge  goes  towards  dissolution,  the  majority 
of  the  total  current  must  be  dissolution  current  over  the  entire  length  of  the  transient.  A 
result  of  the  high  field  approximation  is  that  the  slope  of  the  current  transient  on  the  log 
i  -  log  t  plot  (Figure  2)  must  be  between  0  and  -l”.  However,  titanium  repassivation 
transients  observed  both  in  the  literature^’  and  in  the  current  work  show  slopes  steeper  than 
-1.  It  has  been  shown  that,  theoretically,  slopes  steeper  than  -1  can  be  generated  in  systems 
that  experience  IR^  loss  in  solution”.  The  diagnostics  utilized  to  examine  IRj  loss  rely  upon 
the  utilization  of  the  high  field  approximation”,  which  appears  to  be  invalid  for  the  titanium 
/  chloride  system.  Moreover,  the  diagnostics  were  tested  on  data’'* '®  that  were  clearly 
flawed  by  an  extremely  slow  depassivation  speed.  This  explains  why  the  obtained  inverse 
field  coefficient  resulted  in  "a  value  too  small  to  be  accounted  for  by  the  conventional 
interpretation  of  the  parameter"”.  The  current  research  has  shown  that  there  is  a  slope 
steeper  than  -1  over  all  but  the  very  end  of  the  fracture  transient  seen  in  Figure  2.  There 
is  no  fundamental  reason  why  the  slope  cannot  be  steeper  than  -1  when  the  majority  of  the 
charge  goes  into  dissolution,  even  though  the  magnitude  of  the  dissolution  current  is  related 
to  the  oxide  thickness.  Thus,  the  utility  of  the  high  field  approximation  for  modelUng 
titanium  exposed  to  chloride  solutions  is  questionable,  unless  the  total  current  density  can 
be  evaluated  to  determine  the  contribution  of  the  current  from  oxide  growth.  To  the  co¬ 
authors’  knowledge,  only  a  limited  number  of  investigators  have  attempted  to  discriminate 
oxide  current  from  total  current  in  real  time^®. 
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Depassivation  Speed 

Depassivation  speed  affects  not  only  the  peak  current  density,  but  the  subsequent 
current  density  decay  as  well.  The  current  density  of  the  scratch  experiment  is  50%  greater 
than  that  of  the  fractured  thin  film  at  SxlO'^s  (Figure  2).  Other  experiments  have  shown 
scratch  current  densities  over  one  order  of  magnitude  greater  than  that  of  the  fractured  thin 
film  at  a  given  time^^  A  similar  phenomenon  has  been  observed  by  others*^  wherein  a 
fractured  titanium  wire  was  observed  to  have  a  higher  initial  current  density  and  current 
decay  originating  from  an  earlier  time  than  that  of  a  larger  area  fractured  titanium  rod 
which  was  more  severely  ohmically  limited.  Because  the  current  density  decay  commences 
at  an  earlier  time,  the  thin  film  experiment  has  a  lower  current  density  than  that  of  the 
scratch  test  at  later  times.  Thus,  the  sample  geometry,  solution  resistance,  method  of 
depassivation,  etc.  all  contribute  to  the  morphology  of  the  current  transient.  This  generates 
difficulty  in  data  comparison  from  differing  methods.  The  utility  of  the  high  field 
approximation  is  thus  questioned,  because  a  slow  rate  of  depassivation  or  a  lower  ohmic 
limit  delays  the  onset  of  repassivation  and  shifts  the  current  transient  out  to  longer  times 
on  the  log  i  -  log  t  plot.  This  may  account  for  some  of  the  variability  in  high  field  constants 
reported  in  the  literature  (Table  2). 

Data  Acquisition  Speed 

Data  acquisition  speed  may  be  critical  to  evaluation  of  repassivation  data  as  well. 
The  peak  current  density  is  usually  a  parameter  of  interest.  However,  previous  researchers 
have  used  acquisition  rates  in  the  ms  regime.  It  is  clear  from  Figure  2,  for  example,  that 
this  acquisition  rate  would  result  in  the  conclusion  that  the  peak  current  density  of  the  thin 
film  fracture  test  was  below  that  of  the  scratch  tests.  Therefore,  a  data  acquisition  rate 
should  be  chosen  that  ensures  that  the  morphology  of  the  transient  is  captured.  It  is 
important  to  evaluate  not  only  the  repassivation  behavior  but  the  depassivation  behavior  as 
well  so  that  the  effect  of  depassivation  rate  may  be  fully  evaluated. 

Surface  Wetting 

The  finite  rise  time  for  the  current  transient  in  Figure  5  appears  to  result  from  the 
finite  response  time  of  the  potentiostat,  as  discussed  above.  It  may  be  possible,  however. 
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that  the  time  for  surface  wetting  influences  the  rise  time  or,  more  likely,  the  morphology  of 
the  current  transient.  Utilizing  a  simple  estimate.  Beck  concluded  that  the  time  for 
cavitation  bubble  collapse  was  SxlO'^s  following  fracture  of  a  titanium  rod'".  This  could  not 
be  confirmed  because  this  time  was  less  than  the  data  acquisition  rate  used  for  the  fractured 
rod  experiments.  A  value  of  SxlO'^s  appears  unlikely  in  light  of  the  fractured  thin  film 
experiments  performed  here  and  elsewhere'*'®,  wherein  repassivation  is  observed  in  the  < 
10'®s  regime.  The  true  value  is  unknown.  Calculation  of  the  time  required  for  surface 
wetting  may  not  be  so  simple,  as  the  hydrodynamics  following  fracture  are  poorly  defined. 
Moreover,  the  hydrodynamics  themselves  may  influence  the  observed  current  transient,  as 
well.  Both  scratch  testing  and  thin  film  fracture  tests  result  in  a  highly  disturbed  solution 
at  the  interface.  Whether  the  enhanced  mass  transport  significantly  affects  the  current 
transient  measurement  is  unclear.  (Recall  that  dissolution  is  not  shown  to  be  mass  transport 
limited.)  Therefore,  in  addition  to  the  various  factors  discussed  above,  both  surface  wetting 
speed  and  solution  stirring  may  possibly  influence  early  time  data  following  depassivation. 

In  summary,  the  numerous  limitations  in  repassivation  studies  discussed  above 
contribute  to  the  wide  range  of  high  field  parameters  obtained  for  titanium.  In  addition  to 
these  limitations,  other  variables  such  as  monolayer  density  and  thickness  have  been  widely 
reported  (Table  2).  These  differences  also  add  to  the  variability  of  high  field  parameters 
reported  in  the  literature.  Thus,  it  is  not  surprising  that  the  high  field  parameters  have  been 
reported  over  a  wide  range,  albeit  in  different  environments.  However,  differences  in 
aqueous  environment  have  been  shown  to  have  little  or  no  effect  on  repassivation  behavior 
of  titanium^^’^®.  Therefore,  the  high  field  approximation  appears  to  be  an  ineffective  model 
of  the  current  transient  observed  upon  repassivation  of  titanium  in  aqueous  chloride 
environments. 

It  is  clear  from  the  prior  discussion  that  a  variety  of  limitations  must  be  overcome 
in  order  to  produce  reliable  data  from  potentiostatic  repassivation  experiments.  An  ideal 
repassivation  experiment  should  consider  the  following: 

•  The  speed  of  depassivation  must  not  influence  the  measurement.  For  many  metals, 
including  titanium,  there  is  no  potential  at  which  bare  metal  is  stable  upon  exposure  to  an 
aqueous  environment'*^.  Thus,  stepping  the  potential  from  a  region  below  the  reversible 
potential  for  oxide  formation  to  a  region  above  the  reversible  potential  in  order  to  observe 
repassivation  behavior’  is  impossible.  Therefore,  fresh  surface  must  be  produced 
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mechanically.  If  too  low,  the  rate  of  mechanical  production  of  fresh  surface,  i.e. 
depassivation  speed,  can  result  in  erroneously  low  bare  current  densities,  as  seen  in  scratch 
testing. 

#  The  exposed  area  must  be  accurately  quantified  in  order  to  calculate  current  density. 
Knowledge  of  the  exposed  area  geometry  is  important  for  solution  resistance  calculation  as 
well.  The  solution  resistance  should  be  experimentally  verified  as  well. 

#  The  bare  surface  current  must  remain  below  the  ohmic  limit  (preferably  far  below 
the  ohmic  limit),  and  the  influence  of  potential  drop  in  solution  accounted  for  in  the 
calculation  of  the  true  surface  potential.  Changes  in  total  exposed  area  and  area  geometry 
are  often  the  most  fruitful  in  reducing  solution  resistance. 

#  The  effects  of  potentiostat  rise  time  should  be  minimized  if  at  all  possible. 
Calculation  of  the  true  surface  potential  can  be  further  modified  by  accounting  for  the  finite 
rise  time  of  the  applied  potential. 

#  The  reference  electrode  must  not  influence  the  measurement. 

#  A  data  acquisition  rate  should  be  chosen  that  allows  thorough  analysis  of  not  only 
the  repassivation  current  but  of  the  depassivation  event  as  well. 

#  Capacitive  current  from  areas  adjacent  the  bare  surface  should  be  eliminated. 

#  The  effect  of  surface  wetting  and  solution  mixing  following  fracture  on  the  observed 
current  transient  should  be  understood.  To  date,  these  issues  have  not  been  examined  for 
repassivation  experiments  and  their  effects  remains  unknown. 

Conclusion 


A  variety  of  limitations  of  potentiostatic  repassivation  experiments  and  their  effects 
on  high  field  modelling  have  been  delineated  through  comparison  of  scratch  testing  and  thin 
film  fracture  methods  on  titanium  exposed  to  0.6M  NaCl.  It  was  shown  that  ohmic  drop  in 
solution,  a  finite  potentiostat  response  time,  and  changing  Eg  all  contribute  to  the  lack  of 
constant  potential  across  the  interface.  This  results  in  tests  which  are  not  truly 
potentiostatic.  A  constant  potential  drop  across  the  interface  is  required  for  high  field 
modelling,  unless  the  potential  can  be  accurately  calculated  at  all  points  during 
repassivation.  An  accurate  calculation  of  the  potential  is  difficult  especially  at  short  times 
following  depassivation.  Moreover,  because  the  large  majority  of  charge  goes  into 
dissolution  and  the  high  field  approximation  models  only  oxide  thickening,  the  high  field 
model  is  inappropriate  for  use  with  titanium  in  aqueous  chloride  solutions.  The  rate  of 
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oxide  removal  was  also  shown  to  effect  the  morphology  of  the  current  transient  during 
repassivation,  an  additional  argument  against  using  the  high  field  model.  The  relatively  slow 
depassivation  speeds  of  scratch  testing  were  found  to  yield  erroneously  low  peak  current 
densities  as  compared  to  those  resulting  from  thin  film  fracture  tests.  The  inaccurate  peak 
current  density  obtained  from  scratch  testing  resulted  from  significant  repassivation  at  the 
beginning  of  the  scratch  by  the  time  the  end  of  the  scratch  was  reached.  Thus,  a  variety  of 
limitations  must  be  addressed  before  valid  repassivation  data  may  be  acquired. 
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Appendix  A 


The  differential  current-time  relationship  resulting  from  the  high  field  equation  may 
be  found  elsewhere''’-^®  but  the  solution  is  reproduced  below  with  increased  clarity. 
Equation  4  may  be  rearranged  to  produce  the  form 
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or  the  form 


In 


BV 

X 


From  equation  9,  ln(i/io)  can  be  then  be  differentiated  with  respect  to  x: 
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and  that  (utilizing  equation  8) 
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equation  10  may  be  rewritten  as 
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Equation  14  can  be  converted  from  a  current  density  -oxide  thickness  relationship  to  a 
current  density  -  time  relationship  as  follows.  Equation  3  may  be  rearranged  so  that 


dX  =  iAdt  =  ii^Adt) 


Vq) 


(15) 


Substituting  equations  8  and  15  into  the  right  hand  side  of  equation  14  yields  the  desirable 
current  density  -  time  differential 
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Table  1 


Depassivation 

Method 

Calculated 

EIS 

Current 

Interrupt 

Fracture 

69.0 

66.6 

68.0 

Scratch 

284 

300 

- 

Table  1  -  Comparison  of  calculated  and  experimentally  determined  solution  resistances 
(ohms)  for  the  different  depassivation  methods.  Experiments  were  performed  in  0.6M  NaCl 
(k  =  0.0521  (ohm-cm)'). 
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Table  2 


Reference 

io 

(A/cm^) 

B 

(cm/V) 

P 

(g/cm*) 

A 

(cm’/C) 

monolayer 

charge 

density 

(C/cm*) 

monolayer 

thickness 

(A) 

29* 

2x10'^ 

6x10-* 

4.2 

4.85x10-* 

4.25x10-'' 

2.06 

14-16" 

2.53xl0‘^ 

6.8x10* 

3.4 

6.09x10* 

4.25x10-'' 

2.59 

28 

5x10  '*  - 

7x10''’ 

6.8  +/-0.2 

3.4+/-0.2 

5.2  +  /-  0.2 

11*” 

3.16x10* 

1.46x10-’"** 

30 

5x10  '''  - 

1x10'* 

5.63x10-*  - 
6.75x10-* 

42 

2.3x10-®  - 
1.1x10-'' 

6.9x10-’  - 
7.4x10’ 

•  Ref.  40:  p  =  2.5-4.0  g/cm'. 

•  Ref.  41:  monolayer  thickness  =  S.OA. 

•  Ref.  31:  A  =  1.2x10  '  cm'/C. 


*  -  io  and  B  from  Ref.  30. 

**  -  io,  B  and  p  from  Ref.  40. 

***  -  Utilizing  data  from  Ref.  14-16. 

****  -  Calculated  by  multiplying  B’  of  Ref.  11  by  A  from  Ref.  29. 

Table  2  -  Comparison  of  various  high  field  parameters  from  the  literature. 


Figure  1  -  Schematic  drawing  of  thin  film  fracture  cell. 
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re  2  -  Comparison  of  current  transients  on  titanium  arising  from  scratch  testing  and  thin 
fracture  testing  =  OVsce,  0.6M  NaCl). 
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Figure  4  -  Comparison  of  the  corrected  surface  potentials  for  the  cmrent  transients  of 
Fieure  2. 
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Figure  5  -  Comparison  of  the  thin  film  fracture  current  transient  of  Figure  2  with  the 
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Figure  6  -  Plot  of  calculated  current  density  along  a  0.9mm  scratch  assuming  1  m/s 
depassivation  rate  and  logarithmic  current  decay.  The  bare  surface  peak  current  density  was 
assumed  to  be  equal  to  the  average  observed  from  thin  film  fracture  experiments. 
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Introduction 


Critical  aerospace,  petrochemical,  and  marine  applications  demand  high  strength,  formable  materials 
which  are  resistant  to  corrosion,  stress  corrosion,  and  hydrogen  embrittlement.  Modern  6  titanium  alloys  are 
candidates  for  many  such  applications  due  to  their  excellent  strength,  toughness,  formability,  and  resistance  to 
general  corrosion  [1-5].  Furthermore,  titanium’s  compact  surface  oxide  film  limits  hydrogen  entry  and  the 
underlying  6  matrix  has  a  high  solubility  for  hydrogen  [6-7].  However,  both  model  binary  6  titanium  alloys  as 
well  as  early  developmental  6  alloys  (Ti-13V-llCr-3Al)  can  be  susceptible  to  hydrogen  embrittlement  [8-15]. 
Hydrogen  has  also  been  implicated  as  the  embrittling  species  in  aqueous  environmentally  assisted  cracking 
(EAC)  of  a-B  and  6  alloys  [16-20].  Current  understanding  of  the  controlling  hydrogen  embrittlement  mechanisms 
in  6-titanium  alloys  is  insufficient  to  enable  critical,  damage  tolerant  applications  [21].  The  present  research 
seeks  to  define  the  effects  of  a  range  of  internal  hydrogen  concentrations  on  the  room  temperature  mechanical 
properties  of  the  peak  aged  6  titanium  alloy,  TIMETAL  21S. 

Experimental 

Solution  annealed  and  cross-rolled  TIMETAL21S  plate  (Ti-15Mo-3Nb-3AI,  wt%),  nominally  10  mm  thick, 
was  received  from  TIMET.  The  solution  annealed  condition  was  871°C  for  8  hours  followed  by  an  air  cool. 
Heat  treatment  of  as-received  plate  consisted  of  an  8  hour  age  in  air  at  538°C,  followed  by  an  air  cool,  as 
recommended  by  the  vendor.  One  hour  and  eight  hour  aged  microstructures  are  shown  in  Figure  1.  Note  that 
a  precipitates  nucleate  preferentially  on  6  grain  boundaries  after  the  1  hour  age  but  the  a  distribution  has 
homogenized  after  8  hours.  Hardness  for  the  eight  hour,  "peak  aged"  condition  was  approximately  R^  42  ±  1.2. 
Yield  strengths  corresponding  to  this  aging  condition  are  approximately  1205-1380  MPa  [4,22]. 


Figure  1.  Optical  Micrographs  of  TIMETAL  21S  aged  at  538°C  for  a)  Ih  and  b)  8h 
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Aged  plate  was  machined  into  circumferentially  notched  tensile  bars.  Electrochemical  pre-charging  of 
hydrogen  was  conducted  at  90°C,  in  a  solution  of  lOcc  sulfuric  acid,  lOOOcc  H^O  and  0.8g  sodium  pyrophosphate. 
Machined  specimens  were  cathodically  polarized  to  100  A/m^  to  promote  hydrogen  uptake  and  to  provide 
cathodic  protection  [23].  Results  of  the  hydrogen  charging  operations  are  summarized  m  Table  I,  as  analyzed 
by  thermal  emission  methods  (LECO).  It  is  important  to  note  that  egress  of  hydrogen  while  the  specimen  is 
exposed  to  air  is  significantly  impeded  for  titanium  due  to  the  formation  of  an  oxide  film  permeation  barrier 
upon  removal  of  specimens  from  the  charging  bath. 


Table  I.  Summary  of  charging  times  and  resulting  hydrogen  concentrations 


Charging  Time 

Total  Hydrogen  Concentration 

Comment 

As-received 

50-100  wt.  ppm 

"Low  Hydrogen" 

24  Hours 

950-1750  wt.  ppm 

"Medium  hydrogen" 

64  Hours 

1900-3600  wt.  ppm 

"High  Hydrogen" 

The  effects  of  constraint  on  the  failure  stress  and  strain  were  investigated  by  employing  Bridgman-type, 
circumferentially  notched  tensile  bars  to  develop  differing  levels  of  net  section  triaxial  constraint  [24].  Constraint 
levels  from  0.52  (0.33  =  uniaxial  tension)  to  1.03  (2.5  =  sharp  notch)  were  investigated.  Degree  of 
embrittlement  was  quantified  by  determining  the  maximum  longitudinal  stress  developed  at  the  centerline  of  the 
notched  region  and  the  effective  plastic  strain  across  the  notch  diameter  at  maximum  load  [24-26].  Following 
the  procedure  of  Hancock  et  al.  [25],  maximum  load  was  used  as  the  comparison  point  since  uncharged  bars 
failed  after  achieving  a  maximum  load  as  well  as  experiencing  a  load  decrease,  while  hydrogen  charged  bars 
consistently  failed  at  maxiinum  load. 


Results /Discussion 


Mechanical  Testing  ,  .  ,  j  i  j  *  .u 

For  each  constraint  level  investigated,  hydrogen  decreases  the  longitudinal  stress  developed  at  the 
centerline  of  the  notch  at  maximum  load  and  the  effective  plastic  strain  across  the  notch  diameter.  Both  stress 
and  strain  decrease  with  increasing  hydrogen  concentration  as  shown  in  Figure  2.  The  hydrogen  concentrations 
reported  here  were  obtained  from  a  section  of  each  tensile  bar  near  the  notch  and  as  such  represent  an  average 
concentration  for  the  volume  of  metal  tested. 


a)  Longitudinal  Stress  vs.  Hydrogen  Concentration  b) 


Plastic  Strain  vs.  Hydrogen  Concentration 


Figure  2.  Effect  of  hydrogen  on  the  a)  stress  and  b)  strain  developed  at  maximum  load  for  aged  TIMETAL  2  IS 
at  room  temperature. 
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Interpretation  of  Fracture  Paths 

Four  distinct  fracture  modes  were  observed  as  a  function  of  hydrogen  concentration  and  constraint  as 
shown  in  Figure  3.  Ductile  fracture  of  uncharged  specimens  appears  to  follow  void  initiation,  growth,  and 
coalescence  mechanisms.  Large,  equiaxed  voids  are  often  seen  at  globular  (silicide-phosphide-type)  inclusions 
which  are  connected  by  areas  of  finer  voids  oriented  approximately  45°  to  the  tensile  axis.  As  hydrogen  and 
constraint  are  increased  to  the  "medium"  levels  investigated  here,  a  second  fracture  mode  (Transgranular  1)  is 
triggered.  This  fracture  mode,  although  containing  regions  which  appear  microscopically  ductile,  occurs  with 
significantly  less  plasticity  than  uncharged  specimens.  The  tearing  features  suggest  that  ductile  separation  of  the 
a/S>  interfaces  has  occurred  along  with  some  trans-plate  fracture.  Hydrogen  may  segregate  to  these  interfaces 
as  a  consequence  of  coherency  strains  or  it  may  simply  embrittle  the  surrounding  6  matrbc.  At  similar  constraint 
levels  but  higher  hydrogen  concentrations,  the  microscopic  ductile  tearing  features  disappear  and  a  transgranular 
fracture  mode  containing  small  flat  regions  joined  by  ledges  results  (Transgranular  2).  During  this  fracture 
process,  the  increased  hydrogen  content  may  embrittle  the  R  +  a  structure  to  a  degree  which  precludes  ductile 
tearing  of  a-6  interfaces.  Instead,  transgranular  fracture  of  the  a  and  6  phases  results  with  very  limited  plasticity. 
Both  transgranular  modes  might  be  expected  with  sufficient  dissolved  hydrogen  based  on  the  literature  which 
reports  a  transgranular  fracture  appearance  for  both  solutionized  and  aged  Ti-15-3  as  well  as  Ti-13-11-3  at  room 
temperature  [12,27].  Moreover,  for  both  solutionized  and  aged  Ti-15-3  and  "aged  and  partially  resolutionized 
by  dissolved  hydrogen"  TIMET AL  21S,  the  ductile  to  brittle  transition  temperature  inherent  to  bcc  metals  is 
observed  to  increase  above  room  temperature  with  dissolved  hydrogen  [27-28],  Such  "lower  shelf  behavior  has 
apparently  been  achieved  in  the  present  study  at  25°C. 


Figure  3.  Fracture  modes  observed  in  peak  aged  TIMETAL  21S  subjected  to  differing  levels  of  hydrogen 
concentration  and  constraint  a)  microvoid  rupture,  b)  ductile  tearing  of  a-R  interfaces  (Transgranular  1),  c) 
transgranular  tearing  through  R-a  microstructure  (Transgranular  2),  and  d)  intergranular  fracture. 
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Intergranular  cracking,  seen  both  with  hydrogen  in  the  present  study  and  aqueous  chloride  testing  of  aged 
TIMETAL  21S  [19]  occurs  only  at  a  high  degree  of  triaxiality  and  hydrogen  concentration.  Preferential  a 
precipitation  at  6  grain  boundaries  (Figure  1)  may  provide  a  continuous  path  for  localized  hydriding  and 
subsequent  fracture.  Although  bulk  hydriding  of  the  a  phase  was  not  detected  by  x-ray  diffraction,  it  is  possible 
that  local  hydriding  of  the  a  phase  occurred  at  a/6  interfaces  [29].  Alpha  titanium  has  a  relatively  small 
hydrogen  solubility  (approximately  80  ppm  at  90°C)  [30]  and  stress  assisted  hydriding  in  a  and  a-6  alloys  is  well 
established  [31,32],  Hydrogen  accumulation  at  a/6  interfaces,  which  serve  either  as  trap  sites  or  sites  for  local 
strain  induced  hydriding,  could  result  in  subsequent  fracture  along  a-6  interfaces.  Alternately,  a  hydrogen 
induced  strain  exhaustion  mechanism  might  apply.  Moreover,  if  the  continuous  grain  boundary  a  is  removed  (as 
in  TIMETAL  15-3  which  does  not  exhibit  preferential  a  precipitation  along  6  grain  boundaries)  high  hydrogen, 
high  constraint  tensile  specimens  do  not  fail  intergranularly  [33]  and  precracked  specimens  are  resistant  to  EAC 
in  aqueous  chloride  environments  [19].  While  intergranular  fracture  processes  may  involve  local  hydriding  of 
the  preferentially  nucleated,  grain  boundary  a  phase  or  trapping  at  a/6  interfaces,  it  is  important  to  note  that 
overall  hydrogen  embrittlement  of  6  titanium  alloys  is  not  contingent  on  bulk  a  hydriding  as  shown  by  the 
hydrogen  embrittlement  of  solutionized  6  titanium  alloys  [8-12], 

Inspection  of  Table  II  reveals  seemingly  contradictory  information.  The  intergranular  fracture  mode 
occurs  near  the  edge  of  the  specimen  where  the  triaxial  stress  is  lowest  according  to  Bridgman’s  analysis  [24-26]. 
In  contrast,  a  fracture  mode  apparently  requiring  intermediate  fracture  energy  (transgranular)  is  obseiwed  near 
the  specimen  centerline.  However,  these  results  are  consistent  with  a  hydrogen  concentration  profile  which 
decreases  from  edge  to  center.  Determinations  of  the  6  lattice  parameter  at  various  depths  from  the  precharged 
surface  indicate  a  surface  to  center  concentration  profile  greater  than  10:1.  These  results  imply  a  hydrogen 
diffusion  coefficient  well  below  5.0  x  10'’  cmVs  at  90°C  for  aged  TIMETAL  21S  since  a  diffusion  coefficient 
above  this  value  would  ensure  completely  uniform  charging  across  the  notch  diameter  in  64  hours,  assuming 
diffusion  controlled  ingress.  Holman  et  al.,  obtained  the  following  relationship  for  hydrogen  diffusion  in 
solutionized  Ti-13V-liCr-3Al:  D  =  1.58  x  lO'^  EXP(-21,500  ±  1250  J/mole  /  RT)  [34].  This  relationship  yields 
a  diffusion  coefficient  of  8.41-19.2  x  10'’  cm^s  at  90‘’C  and  1.62-4.46  x  10‘’  at  25°C.  Holman’s  result  is  in  good 
agreement  with  Adler’s  work  on  the  solution  annealed  6-Ti  alloy  Ti-8Mo-8V-2Fe-3Al  which  reported  D  =  8  ± 
2  X  10-’  cmVs  at  25‘’C  [35].  It  is  clear  from  the  present  work  that  aged  TIMETAL  21S  has  an  apparent  diffusion 
coefficient  including  trapping  at  a  precipitates,  dislocations,  and  other  sites,  which  is  significantly  lower  than 
solution  annealed  6-Ti  alloys  since  uniform  charging  was  not  achieved  in  64  hours  of  charging  at  90°C. 

Table  II.  Fracture  modes  of  a)  near  the  edge  and  b)  near  the  center  of  peak  aged,  notched,  TIMETAL  21S 
tensile  bars  at  room  temperature^ _ _ _ 


Degree  of  Constraint 

H  Cone.  (wt.  ppm) 

052 

0.62 

1.03 

a)  Low 
(50-100) 

Microvoid  Rupture 

Microvoid  Rupture 

Microvoid  Rupture* 

Medium 

(950-1750) 

Transgranular  2/ 

Intergranular 

Transgranular  2/ 
Intergranular 

Transgranular  2 
/Intergranular 

High 

(1900-3600) 

Transgranular  2 

Intergranular/ 
Transgranular  2 

Intergranular/ 

Transgranular  2’ 

b)  Low 
(50-100) 

Microvoid  Rupture 

Microvoid  Rupture/ 
Transgranular  1 

Microvoid  Rupture 

Medium 

(950-1750) 

Microvoid  Rupture/ 

Transgranular  1 

Transgranular  1/ 
Microvoid  Rupture 

Transgranular  l' 

Transgranular  2' 

Transgranular  1 

Transgranular  1 

'Denotes  case  which  is  shown  in  Figure  3. 
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Despite,  the  non-uniform  hydrogen  concentration  profile,  the  results  shown  in  Table  2  point  to  the 
possibility  of  a  critical  stress  -  hydrogen  concentration  failure  criterion.  Although,  the  stress  at  the  notch  surface 
of  the  high  constraint  tensile  bar  is  lower  than  the  stress  at  the  centerline  by  a  factor  of  0.59,  the  hydrogen 
concentration  at  the  surface  is  over  10  times  greater.  Interestingly,  rising  load  fracture  mechanics  experiments 
on  TIMETAL  21S  in  3.5%  NaCl  at  -hOOmYg^g  produced  discontinuous  crack  jumps  of  distances  approximately 
equal  to  two  R  grains  (»200  /xm)  over  time  periods  of  several  hours  suggestive  of  diffusion  controlled  hydrogen 
transport  in  the  fracture  process  zones  [19].  The  radial  depth  of  the  intergranular  zone  shown  here  was 
approximately  900  jum  after  charging  for  64  hours.  Both  results  independently  imply  an  apparent  diffusion 
coefficient  below  10"®  cm^s.  Together,  these  results  suggest  that  intergranular  cracking  is  no  longer  favorable 
when  a  high  hydrogen  concentration  does  not  exist  in  the  fracture  process  zone  over  a  distance  equal  to  a 
multiple  number  of  grains. 

X-rav  Diffraction  Studies 

Analysis  of  x-ray  diffraction  (XRD)  data  from  peak  aged  TIMETAL  indicates  a  6  phase  lattice  parameter 
of  0.325  nm  for  uncharged  material  («75  ±  25  ppm),  0.328  for  24  hour  charging  (»1400  ±  400  ppm)  and  0.331 
nm  for  64  hour  charging  («2600  ±  800  ppm).  Baton  et  al.  correlated  lattice  parameter  to  hydrogen  concentration 
in  solution  annealed  Ti-18  Mo  [36].  T^ey  obtained  0.328  and  0.331  nm  at  1000  and  2100  ppm,  respectively,  in 
good  agreement  with  the  data  presented  here.  No  evidence  of  hydriding  of  the  R  phase  was  found.  Regarding 
the  possibility  of  hydriding  of  the  a  precipitate,  x-ray  diffraction  analysis  was  conducted  on  (a)  specimen  surfaces, 
(b)  several  micrometers  beneath  the  specimen  surface,  and  (c)  at  a  position  as  near  as  possible  to  the  centerline 
of  notched  region  of  the  high  constraint,  high  hydrogen  condition.  The  latter  two  conditions  were  achieved  by 
surface  grinding  and  sectioning,  respectively.  Neither  a  nor  R  phase  hydride  formation  were  detected  at  (a),  (b) 
or  (c).  Instead,  peaks  coinciding  with  the  a  phase  are  observed,  except  for  immediately  at  the  charged  surface 
where  neither  the  a  phase  nor  its  corresponding  hydride  are  observed.  Electron  microscopic  examination 
revealed  that  selective  elimination  of  the  a  phase  was  due  to  spalling  of  the  near  surface  a  precipitates.  Such 
spalling  would  be  expected  based  on  the  volume  change  which  occurs  on  hydriding  [8,37].  To  confirm  the  notion 
that  surface  a  could  be  hydrided  under  the  electrochemical  conditions  used  here,  commercially  pure  Ti  was 
charged  under  identical  conditions  used  for  TIMETAL  21S.  Hydride  formation  was  indeed  confirmed  by  XRD. 
To  summarize,  our  findings  suggest  that  hydriding  of  a  precipitates  occurs  at  the  free  surface  but  that  hydriding 
of  a  large  volume  fraction  of  the  subsurface  a  does  not  occur  due  to  partitioning  of  hydrogen  to  the  R  phase. 

Conclusions 

Peak  aged  TIMETAL  21S  is  embrittled  by  hydrogen  concentrations  well  below  those  required  to  hydride 
the  15  phase.  Fracture  path  is  a  function  of  both  level  of  constraint  and  hydrogen  concentration.  Approximate 
ranking  of  fracture  modes  from  toughest  to  most  brittle  is:  microvoid  rupture,  transgranular  tearing  of  a-R 
interfaces,  transgranular  fracture  through  the  a-R  microstructure,  and  intergranular  fracture.  Intergranular 
fracture  was  only  produced  at  the  highest  constraint  and  hydrogen  concentrations.  Preferential  a  precipitation 
on  R  grain  boundaries  is  suggested  to  have  a  detrimental  role  on  HEAC  since  transgranular  cleavage  cracking 
is  more  typically  observed  for  solutionized  R  titanium.  Alpha  precipitates  within  the  6  matrix  may  hydride  locally 
at  a/R  interfaces  although  no  evidence  of  this  was  detected.  Alternatively  the  a/R  interface  may  serve  as  a  trap 
site  whose  strength  increases  with  increasing  hydrogen  concentration  due  to  increased  coherency  strain.  The 
resulting  intergranular  fracture  morphology  in  the  case  of  high  hydrogen-high  constraint,  tensile  specimens  is 
similar  to  that  observed  in  3.5%  NaCl  at  -600  mVscE,  suggesting  a  hydrogen  assisted  mechanism  for  the  latter. 
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ABSTRACT 

The  effects  of  electrochemically  introduced  hydrogen  on  the  room  temperature  mechanical 
properties  of  two  6-titanium  alloys,  Ti-15V-3Cr-3Al-3Sn  and  Ti-15Mo-3Nb-3Al  are  compared. 
Solution  heat  treated  (SHT),  single  step  peak  aged  (PA),  and  duplex  aged  (DA)  conditions  were 
investigated  using  notched  tensile  bars  and  Bridgman’s  analysis  of  longitudinal  stress  and  average 
effective  plastic  strain.  Ti-15Mo-3Nb-3Al  was  more  susceptible  to  hydrogen  embrittlement  than  Ti- 
15V-3Cr-3Al-3Sn  based  on  reductions  in  longitudinal  stress,  plastic  strain,  and  fractography  at 
hydrogen  concentrations  above  1000  wt.  ppm.  Hydriding  of  the  a  or  6  phase  was  not  observed  over 
the  range  of  hydrogen  concentrations  investigated.  Instead,  changes  in  fracture  behavior  with 
hydrogen  are  correlated  with  deformation  behavior  and  a  precipitation.  The  susceptibility  of  Ti- 
15Mo-3Nb-3Al  is  attributed  to  a  high  temperature,  long  time  solution  treatment  which  affects 
deformation  behavior  in  the  SHT  condition  and  promotes  grain  boundary  a  precipitation  in  the  PA 
condition.  The  high  temperature  solution  treatment  reduced  a  nucleation  sites  in  grain  interiors 
and  promoted  planar  slip.  Subsequent  a  precipitation  occurred  preferentially  on  6  grain  boundaries 
and,  lastly,  in  grain  interiors  resulting  in  fine  intragranular  precipitates.  It  is  hypothesized  that  fine 
intragranular  a  plates  as  well  as  aligned  boundary  a  colonies  are  readily  sheared  and  also  promote 
planar  slip  in  the  PA  condition.  In  contrast,  a  lower  temperature,  shorter  duration  solution 
treatment  for  Ti-15V-3Cr-3Al-3Sn  resulted  in  wavy  slip  after  SHT  and  more  homogeneous,  slightly 
coarser  a  precipitates  upon  aging,  which  may  be  less  prone  to  slip  localization  by  dislocation 
shearing.  Localized  planar  slip  and  grain  boundary  a  colonies  are  believed  to  promote  both  internal 
hydrogen  embrittlement  and  aqueous  environmentally  assisted  cracking.  These  factors  are  more 
closely  linked  to  thermomechanical  processing  than  to  alloy  composition  in  the  present  study. 


2 


keywords:  a  precipitation,  B-titanium  alloys,  Bridgman’s  analysis,  cleavage,  deformation  mode, 
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INTRODUCTION 

Modem  6-titanium  alloys  are  candidates  for  room  temperature  marine  and  aerospace 
applications  due  to  their  excellent  strength,  toughness,  formability,  and  resistance  to  general  and 
crevice  corrosion^^’^^  Although  the  stress  corrosion  cracking  resistance  (SCC)  of  a  and  a  +  6 
titanium  alloys  is  well  characterized,  the  environmental  cracking  resistance  of  aged  B  titanium  alloys 
is  less  well  reported  in  the  literature^^^  B-titanium  alloys  (Ti-ll.5Mo-6Zr-4.5Sn,  Ti-13V-llCr-3Al, 
and  binary  Ti-Mo  compositions)  are  susceptible  to  stress  corrosion  cracking  in  ambient  temperature 
neutral  halide  containing  solutions  in  fracture  mechanics  experiments^^’’’^°\  Fracture  occurs  both 
intergranularly  and  by  {100}  cleavage^®^ 

SCC  susceptibility  is  a  strong  function  of  electrochemical  potential  and  increasing  yield 
strength^^’®’^°\  However,  the  potential  dependency  observed  for  SCC  of  B-titanium  differs  from  that 
observed  for  bcc  ferrous  alloys  long  known  to  be  prone  to  hydrogen  embrittlement  cracking  in 
halide  containing  aqueous  environments.  Specifically,  cracking  is  exacerbated  at  potentials  near  -600 
mV  vs.  SCE  for  B-titanium  alloys^'^’®^  Cracking  also  occurs  at  more  positive  potentials  but  is  not 
observed  at  potentials  more  negative  than  approximately  -1000  In  contrast,  a  different 

trend  is  observed  in  the  case  of  steels  of  similar  yield  strengths.  Greater  susceptibility  is  observed 
at  increasingly  negative  potentials  relative  to  -600  mV  vs.  SCE  as  well  as  at  more  positive 
potentials^^^'^**^.  In  fact,  the  minimum  in  susceptibility  occurs  in  the  range  of  approximately  -500  to  - 
700  mV  vs.  SCE  in  neutral  Cl*  containing  solutions.  The  increasing  susceptibility  trend  with  cathodic 
polarization  in  the  case  of  steel  occurs  due  to  the  strong  correlation  between  embrittlement 
susceptibility  and  fracture  process  zone  hydrogen  concentration  which  depends,  in  turn,  on  the  rate 
of  hydrogen  production  from  the  reduction  of  water  reaction^^^^\  The  anodic  trend  is  attributed 
to  ferrous  and  ferric  ion  hydrolysis,  local  acidification,  enhanced  hydrogen  production  and  its 
absorption  from  the  environment  established  at  occluded  sites^^^\  In  the  case  of  B-titamiun, 
different  controlling  electrochemical  parameters  may  allow  hydrogen  production  and  entry  to  occur 
within  the  -500  to  -700  mV  potential  range,  or  entirely  different  mechanisms  may  govern  aqueous 
room  temperature  SCC. 

Based  on  the  observed  lack  of  SCC  susceptibility  at  -1000  mV,  the  ability  of  titanium’s  compact 
surface  oxide  film  to  limit  hydrogen  entry^®\  its  rapid  repassivation  rate^^^’^^,  and  the  high  hydrogen 
solubility  of  the  beta  matrix^^®\  hydrogen  may  be  prematurely  dismissed  as  an  unlikely  embrittling 
agent  for  B-titanimn  alloys.  However,  the  role  of  hydrogen  in  the  room  temperature  aqueous  SCC 
of  B-titanimn  alloys  at  potentials  near  -600  mV  SCE  requires  more  thorough  examination  for  the 
following  reasons.  Hydrogen  production  is  thermodynamically  assured  at  the  transiently  bare  crack 
tip  in  the  case  of  Ti  due  to  the  negative  equilibrium  potentials  associated  with  the  Ti/Ti^^  and 
Ti/Ti'*’^  oxidation  reactions  (e.g.  -1.87  and  -1.21  V  vs.  SCE  at  1  M  Ti'*’^  and  1  M  Ti'*’^ 
concentrations,  respectively)^^^  and  the  likelihood  of  significant  ER-based  voltage  differences 
between  transiently  bare  cracks  and  external  surfaces^^®\  Ti^^  cations  are  hydrolyzable;  a  pH  <  1.3 
has  been  reported  at  pit  sites  while  a  pH  as  low  as  zero  is  measured  when  dissolving  TiCl3  under 
deaerated  conditions  simulating  an  occluded  crack^^^’^^’^\  Moreover,  hydrogen  transport  rates  in 
B-titanium  (e.g.  -l-SxlO’^  cmVsec  at  25°C)  are  similar  to  those  in  bcc  steels^^^'^^  and,  consequently. 
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are  not  expected  to  limit  fracture  process  zone  hydrogen  accumulation  in  monotonic  loading 
experiments  at  slow  strain  rate.  Finally,  hydrogen  embrittlement  susceptibility  is  well  established 
for  high  strength  bcc  materials  particularly  as  yield  strength  is  increased^^’^\  For  these  reasons, 
internal  hydrogen  should  be  examined  as  a  possible  contributor  to  room  temperature  aqueous  SCC 
phenomena. 

To  date,  the  relative  importance  of  internal  hydrogen  as  either  a  contributor  or  the  root  cause 
of  room  temperature  aqueous  embrittlement  of  B-titanium  alloys  has  not  been  unambiguously 
distinguished  from  aqueous  dissolution.  Clearly,  binary  beta  titanium  alloys  as  well  as  early 
developmental  B  alloys  (Ti-13V-llCr-3Al)  can  be  susceptible  to  hydrogen  embrittlement.  Shih  and 
Bimbaum  have  shown  that  the  solution  treated  beta  alloy  Ti-30Mo  is  extrinsically  embrittled 
through  the  formation  of  the  fee  S  hydride  containing  66  at%  hydrogen^“\  Solution  treated  beta 
alloys  are  also  intrinsically  embrittled  by  hydrogen  at  bulk  concentrations  well  below  that  required 
to  produce  hydriding  of  the  6  matrix^^^'^.  Gerberich  et  al.  have  shown  a  continuous  decrease  in 
the  fracture  stress  of  solution  annealed  Ti-30Mo  containing  20-1800  ppm  by  weight  of  hydrogen 
without  the  formation  of  a  hydride^^^.  Nakasa  and  co-workers  found  a  decrease  in  bending 
strength  for  both  the  solution  annealed  and  peak-aged  Ti-13V-llCr-3Al,  again  without  detection 
of  hydriding  in  either  the  at  or  B  phase  at  hydrogen  concentrations  up  to  15,000  wt.  ppm^“\  A 
{ 100}  cleavage  plane  was  identified  on  flat  fracture  surfaces  in  both  the  solution  annealed  and  aged 
conditions.  The  fet  e  hydride  was  detected  under  extreme  autoclave  conditions  at  hydrogen 
concentrations  of  the  order  of  40,000  ppm^^\  Hydrogen  was  also  implicated  in  the  aqueous 
cracking  of  aged  B-titanium  alloy  Beta-C  (Ti-3Al-8V-6Cr-4Mo-4Zr)^^’\  In  this  study,  embrittlement 
was  only  observed  when  pre-cracked  specimens  were  cathodically  polarized  in  H2S  containing 
acidified  chloride  solutions.  Previous  studies  of  a-B  and  metastable  B-titanium  alloys  in  aqueous 
solutions  also  attribute  environmental  cracking  to  a  hydrogen  environment  assisted  cracking 
mechanism^”’^’^^^  Coincidentally,  {100}  cleavage^^^  and  intergranular  separations’’”^  are  observed. 
Factors  supporting  a  time  dependent  hydrogen  embrittlement  phenomenon  for  Ti-15Mo-3Nb-3Al 
in  aqueous  solutions  include  (a)  electrochemical  conditions  at  the  crack  tip  which  favor  hydrogen 
production,  (b)  a  loading  rate  dependency  suggesting  the  need  for  dyntunic  strain,  (c)  and 
discontinuous  crack  burstsS”\ 

This  paper  seeks  to  define  the  effects  of  a  broad  range  of  internal  hydrogen  concentrations  on 
the  room  temperature  mechanical  properties  of  solution  annealed,  single  step  peak  aged,  and 
duplex  aged  beta  titanium  alloys  Ti-15Mo-3Nb-3Al  and  15V-3Cr-3Al-3Sn  and  to  correlate  hydrogen 
assisted  cracking  to  observed  aqueous,  environmentally  assisted  cracking^”^.  Here,  electrochemical 
pre-charging  of  aged  or  solution  heat  treated  material  is  conducted  near  ambient  temperature  to 
avoid  the  complications  of  hydrogen  induced  B  phase  stabilization  common  to  high  temperature 
gaseous  charging  studies^^^^  Mechanical  testing  of  pre-charged  specimens  is  performed  in  air, 
to  decouple  hydrogen  effects  from  other  aqueous  embrittlement  mechanisms  which  may  complicate 
in-situ  see  studies.  The  strong  permeation  barrier  provided  by  the  titanium  oxide  is  exploited  to 
minimize  outgassing  of  precharged  hydrogen  during  the  duration  of  these  tests.  Embrittlement  is 
quantified  as  a  function  of  maximum  longitudinal  stress,  plastic  strain  at  maximum  load,  and  total 
hydrogen  concentration.  Hydriding  of  the  a  and  B  phases  is  investigated  through  x-ray  diffraction. 
Metallographic,  plastic  deformation  mode  and  fractographic  features  are  correlated  with  mechanical 
property  data  and  likely  fracture  scenarios  are  discussed. 
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EXPERIMENTAL 


Metallurgy 

Cross  rolled  plates,  nominally  10  mm  thick,  of  Ti-15V-3Cr-3Sn-3Al  (composition  expressed  in 
wt  pet.,  referred  to  as  15-3)  and  Ti-15Mo-3Nb-3Al  (composition  expressed  as  wt.  pet,  referred  to 
as  21S)  were  received  in  the  solution  annealed  condition.  The  Ti-15V-3Cr-3Sn-3Al  alloy  was 
solution  heat  treated  (SHT)  at  816°C  for  0.5  h  whde  the  Ti-15Mo-3Nb-3Al  ^oy  was  SHT  at  871“C 
for  8  h  (Table  1).  Average  grain  sizes  of  90  and  100  /Ltm  were  determined  for  15-3  and  21S, 
respectively.  Solution  annealed  (SHT),  single  step  peak  aged  (PA),  and  duplex  aged  (DA)  heat 
treatments  were  investigated.  Duplex  aging  was  performed  in  an  attempt  to  promote  a  finer,  m^ 
homogenous  a  distribution  and  avoid  preferential  precipitation  on  6  grain  boundaries  . 
Preferential  a  precipitation  has  previously  been  associated  with  increased  susceptibility  to  stress 
corrosion  cracking,  hydrogen  embrittlement,  and  intergranular  cracking^^’^^  Table  1  details  the 
heat  treatments  and  corresponding  hardness  of  each  condition.  Air  tensile  properties  are  reported 
elsewhere^”*^.  For  single  step  PA  Ti-15V-3Cr-3Sn-3Al  and  Ti-15Mo-3Nb-3Al,  yield  strengths  of 
1315  and  1364  MPa  and  %  reductions  in  area  of  13  and  2  were  produced,  respectively,  for  smooth 
tensile  specimens.  Both  PA  and  DA  21S  exhibited  preferential  nucleation  of  a  plates  at  6  grain 
boundaries  while  a  plates  nucleated  intragranularly  in  both  PA  and  DA  15-3.  This  difference  in 
nucleation  behavior  is  identified  metallographically  after  a  one  hour  age  at  538°C  as  shown  in 
Figure  la  and  b.  Dark  field  transmission  electron  microscopy  (TEM)  analysis  also  revealed  a  0.1 
fim  thick  a  film  along  6  grain  boundaries  in  both  21S  and  15-3  after  aging  at  538°C.  Ahgned  plate- 
Uke  a  colonies  were  observed  perpendicular  to  6  grain  boundaries  in  the  21S  alloy  both 
metallographically  (Fig.  la)  and  by  dark  field  TEM^^.  Subsequent  aging  to  peak  strength  at  538°C 
or  duplex  aging  resulted  in  a  uniform  high  density  of  intragranular  a  plates  in  both  alloys.  X-ray 
diffraction  (XRD)  after  SHT,  PA  and  DA  heat  treatments  indicated  presence  of  the  6  phase 
(SHT),  or  6+  secondary  a  phases  (PA  and  DA).  The  o)  phase  was  neither  detected  by  TEM- 
selected  area  diffraction  nor  by  X-ray  diffraction  in  PA  alloys. 

Hydrogen  charging 

Electrochemical  pre-charging  of  hydrogen  was  conducted  in  a  solution  of  10ml  H2SO4, 1000ml 
HjO  and  0.8  g  Na4P207  at  90°C^^’\  Previously  heat  treated  and  machined  tensile  specimens  were 
cathodically  polarized  to  100  A/m^  for  various  times,  as  described  elsewhere^^,  to  facilitate 
hydrogen  uptake  and  were  tested  in  air.  Upon  removal  from  the  charging  bath,  the  oxide  which 
forms  in  air  is  an  effective  barrier  to  hydrogen  egress.  Hydrogen  concentrations  reported  for  each 
tensile  specimen  were  obtained  from  a  section  of  the  same  tensile  bar  adjacent  to  the  notch  by 
thermal  emission  (LECO)  and  represent  an  average  total  concentration  for  the  volume  of  metal 
tested.  The  hydrogen  uptake  rate  of  15-3  was  approximately  5-6  times  greater  than  that  of  21S  for 
all  the  heat  treatments  investigated  which  was  attributed,  in  part,  to  a  higher  hydrogen 
overpotential  and  fugacity  on  the  surface  of  15-3  at  equal  cathodic  current  density.  At  25°C, 
galvanostatic  measurements  in  the  charging  solution  indicate  that  15-3  develops  a  potential 
approximately  200  mV  cathodic  to  21S  at  an  equivalent  current  density  of  100  A/m^. 


Notched  tensile  testing 
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Circumferentially  notched  "Bridgman"  tensile  bars  were  employed  to  quantify  the  effects  of 
hydrogen  on  the  mechanical  properties  of  the  alloys  investigated^'’®^  Degree  of  embrittlement  was 
quantified  by  determining  the  maximum  longitudinal  stress  developed  at  the  centerline  of  the 
notched  region  and  the  effective  plastic  strain  across  the  notch  diameter  at  maximum  load  following 
the  procedures  of  Hancock  et  al  All  tensile  tests  were  conducted  at  a  crosshead  displacement 
rate  of  2.5  x  10'^  cm/s  and  at  ambient  laboratory  temperature.  The  effect  of  constraint  on  the 
failure  stress  and  strain  in  PA  material  was  determined  as  a  function  of  hydrogen  concentration  at 
four  different  initial  constraint  levels  (0.52, 0.62, 1.03, 1.43)  where  the  triaxial  constraint  is  defined 
as  the  ratio  of  mean  to  effective  stress,  These  constraint  levels  correspond  to  notch 

radii  of  7.9  mm,  4.8  mm,  1.6  mm,  and  0.79  mm  respectively  at  a  constant  initial  diameter  across 
the  notch  of  6.4  mm.  Additional  tensile  tests,  conducted  at  the  constraint  level  of  1.43  (0.33  = 
uniaxial  tension,  2.50  =  sharp  notch),  compared  the  effects  of  hydrogen  on  SHT,  single  step  PA, 
and  DA  heat  treatments. 

Deformation  mode 

The  slip  behavior  of  each  alloy  was  investigated  by  deforming  electropohshed  cubes  of  SHT 
material  (approximately  1  cm^)  in  compression  and  observing  the  surface  slip  lines  via  optical 
microscopy.  This  procedure  produced  similar  trends  as  obtained  from  microscopic  examination  of 
regions  of  metal  flow  associated  with  hardness  indentation.  Quantified  levels  of  plastic  deformation 
were  achieved  with  compression  testing. 

Detection  of  hydriding 

X-ray  diffraction  experiments  were  performed  with  a  Scintag  automated  diffractometer  utiliring 
copper  radiation,  which  was  continuously  scanned  over  30-80°  2e  at  a  rate  of  1°  per  minute. 
Both  the  heat  treated  and  heat  treated  +  hydrogen  charged  conditions  were  investigated. 
Diffraction  spectra  of  electrochemically  charged  plate  were  taken  both  at  the  charged  surface  and 
well  into  the  specimen  interior.  The  latter  was  achieved  by  sectioning  and  grinding. 

RESULTS 

Notched  tensile  testing  -  influence  of  constraint  and  hydrogen 

The  maximum  longitudinal  tensile  stress  increased  and  the  corresponding  plastic  strain 
decreased  with  increasing  level  of  constraint  for  uncharged  PA  15-3  and  21S  (Figure  2).  The 
maximum  longitudinal  tensile  stress  and  plastic  strain  developed  in  PA  15-3  decreased  almost 
linearly  with  hydrogen  concentration.  The  slope  of  the  nearly  linear  relationship  between  stress  and 
total  hydrogen  became  more  negative  with  constraint.  For  instance,  a  ratio  of  the  maximum 
longitudinal  stress  with  3400  ppm  hydrogen  relative  to  the  as  received  condition  of  <  0.6  was 
observed  at  the  1.43  constraint  level.  In  contrast,  a  ratio  of  0.7  is  found  at  the  0.52  constraint  level 
for  the  Ti-15V-3Cr-3Al-3Sn  alloy.  Ti-15Mo-3Nb-3Al,  however,  exhibited  a  more  abrupt  decrease 
in  longitudinal  tensile  stress  and  plastic  straia  at  hydrogen  concentrations  greater  than 
approximately  1000  wt.  ppm.  Moreover,  the  threshold  hydrogen  concentration  required  to  produce 
the  distinct  decrease  was  a  function  of  constraint.  For  instance,  a  ratio  of  maximum  longitudinal 
stresses  with  hydrogen  relative  to  the  as  received  condition  of  <0.6  was  observed  at  the  1.43 
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constraint  level  with  only  1000  ppm  hydrogen.  A  greater  hydrogen  concentration  than  1000  wt.  ppm 
is  clearly  required  for  the  1.03  constraint  level  (Figure  2).  Similarly,  larger  relative  reductions  in 
plastic  strain  occur  for  21S  at  the  highest  constraint  (Figure  2b).  As  reported  previously,  the 
fracture  appearance  of  21S  at  a  constraint  of  1.03  changed  from  a  process  completely  governed  by 
microvoid  initiation,  growth  and  coalescence  to  transgranular  and  intergranular  separation  processes 
with  increasing  hydrogen  concentration^^\  In  contrast,  the  fracture  mode  of  PA  15-3  was  relatively 
insensitive  to  hydrogen  concentration  as  will  be  detailed  below.  Given  the  mfluence  of  constraint 
on  the  effects  of  internal  hydrogen,  SHT,  PA  and  DA  metallurgical  conditions  were  investigated 
at  the  high  constraint  level  of  1.43. 

Notched  tensile  testing  -  influence  of  heat  treatment 

Solution  heat  treated  alloys  were  tensile  tested  over  a  total  hydrogen  concentration  range 
extending  from  the  as-received  levels  to  almost  3000  wt.  ppm  at  the  highest  constraint  level 
investigated  (1.43).  The  failure  stress  and  strain  of  15-3  were  unaffected  by  hydrogen  concentrations 
up  to  2900  wt.  ppm  as  shown  in  Figure  3.  In  contrast,  21S  was  embrittled  at  2900  wt.  ppm  (Figure 
3).  Although  the  maximum  longitudinal  stresses  were  nearly  equal  for  each  alloy  in  the  SHT 
condition,  15-3  displayed  approximately  twice  the  plastic  strain  at  maximum  load  as  21S  for  low 
hydrogen  concentrations  and  more  than  five  times  the  plastic  strain  at  the  hydrogen  concentration 
of  2900  wt.  ppm.  It  should  be  noted  that  the  difference  in  the  hardness  of  the  two  alloys  is  only 
slight  in  the  solution  heat  treated  condition  as  shown  in  Table  1. 

In  the  PA  condition  (Fig.  4),  both  15-3  and  21S  exhibited  a  decrease  in  strength  and  ductility 
above  approximately  1000  wt.  ppm  total  hydrogen.  This  decrease  was  more  pronounced  for  21S 
as  was  the  change  in  fracture  mode  which  will  be  discussed  below.  Again,  Table  1  indicates  that 
21S  is  of  only  slightly  greater  hardness  than  the  15-3  alloy. 

Duplex  aged  15-3  and  21S  both  indicated  susceptibility  to  hydrogen  embrittlement  at  similar 
total  hydrogen  concentrations  (Fig.  5).  The  15-3  material  exhibited  greater  intrinsic  ductility  than 
21S  at  all  hydrogen  concentrations  and,  therefore,  the  exact  effects  of  hydrogen  are  less  certain 
from  analysis  of  notched  tensile  properties.  However,  fractography  indicates  a  more  brittle  fracture 
appearance  in  the  case  of  21S  relative  to  15-3  as  will  be  shown  in  the  next  section.  Comparison 
of  material  at  equivalent  hardness  levels  (as  in  the  case  of  DA  15-3  at  Rockwell  C  41.4  versus  PA 
21S  at  Rockwell  C  42.1)  clearly  shows  that  15-3  still  exhibits  superior  resistance  to  hydrogen 
embrittlement  at  the  same  total  hydrogen  concentration.  In  support  of  this  claim,  comparison  of 
Figures  2  and  5  indicate  only  a  slight  decrease  in  the  maximum  longitudinal  stress  at  4000  wt.  ppm 
hydrogen  for  DA  15-3  (Figure  5),  while  a  severe  reduction  is  observed  for  PA  21S  (Figure  2). 

Fractography 

All  fractography  reported  was  examined  at  approximately  equivalent  radial  distances  from  the 
notch  surface.  The  fracUire  mode  of  SHT  15-3  was  relatively  insensitive  to  hydrogen  concentration. 
At  all  hydrogen  levels  investigated  SHT  15-3  failed  by  transgranular  microvoid  processes.  In  PA 
material,  the  fracture  mode  of  15-3  was  also  transgranular  microvoid  coalescence  at  all  constraint 
and  hydrogen  levels  investigated.  One  effect  of  increasing  hydrogen  and  constraint  for  the  15-3 
alloy  was  to  inaease  the  density  of  microvoids  per  given  fracture  area  and  decrease  the  depth  and 
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width  of  the  microvoids.  Such  a  trend  has  also  been  associated  with  decreased  fracture  toughness 
of  Beta  in,  but  as  a  function  of  aging  time^^°\  The  fracture  mode  of  DA  15-3  also  consisted  of 
progressively  finer  microvoids  up  to  its  highest  hardness  (Rockwell  C  41)  and  hydrogen 
concentration  (3793  ppm  H)  where  the  fracture  mode  changed  to  transgranular  ductile  tearing 
characterized  by  fine  undetermined  features  as  shown  in  Figure  6. 

In  contrast  to  15-3,  the  fracture  modes  of  the  SHT,  PA  and  DA  21S  alloys  all  changed 
significantly  as  the  hydrogen  concentration  was  increased  (Fig.  7).  The  fracture  mode  of  SHT  21S 
changed  fi'om  large  microvoids  at  approximately  100  ppm  hydrogen,  the  as-received  hydrogen 
concentration  (Fig.  7a),  to  small  microvoids  and  ductile  tearing  features  at  680  ppm  hydrogen  (not 
shown).  At  3000  ppm  a  flat  fracture  appearance  characterized  by  three  distinct  fracture  modes  was 
observed:  (1)  fine  voids  and  tearing  features  similar  to  the  680  ppm  hydrogen  level,  (2)  flat 
transgranular  fracture,  and  (3)  transgranular  fi-acture  displaying  relatively  straight  parallel  markings 
(Fig.  7b).  These  parallel  markings  typically  extend  across  an  entire  grain  diameter  and  are 
consistent  with  hydrogen  induced  slip  band  fracture  which  has  been  observed  in  hydrogen  charged 
bcc  steels,  pure  nickel,  and  nickel  and  iron  base  aUoys^'’^^  The  transgranular  fracture  surfaces  at 
other  grains  within  the  notch  region  contained  almost  entirely  the  fracture  modes  described  by  (1) 
and  (2)  above.  The  variations  in  fracture  mode  between  individual  grains  is  believed  to  be  caused 
by  differences  in  slip  system  orientation  relative  to  the  tensile  axis. 

The  fi-acture  mode  in  PA  21S  is  influenced  by  both  level  of  constraint  and  hydrogen 
concentration  as  detailed  elsewhere^^^.  At  the  highest  constraint  levels,  peak  aged  21S  exhibits  a 
transgranular  microvoid  fracture  appearance  with  a  bimodal  distribution  of  dimple  sizes  in  the 
uncharged  condition.  This  changed  to  a  mixture  of  intergranular  and  transgranular  fi-acture  as 
hydrogen  concentration  is  increased  (Fig.  7c).  The  flat  featureless  areas  of  the  PA  21S  at  4664  ppm 
hydrogen  (Fig.  7d)  suggest  that  slip  plane  decohesion  has  occurred.  However,  this  hypothesis  still 
requires  ciystallographic  confirmation.  The  distinct  changes  in  fi-acture  mode  with  hydrogen 
concentration  and  increasing  constraint  support  the  notion  of  a  hydrogen/constraint  based  threshold 
for  embrittlement  in  21 S  as  indicated  in  Figure  2. 

Duplex  aged  21S  fails  by  transgranular  fi-acture  with  approximately  10  nm  wide  irregular 
terraces  at  75  ppm  hydrogen,  the  as-received  level.  Flat  transgranular  fracture  characterized  by 
parallel  arrays  of  ridges  containing  micro-voids  is  observed  across  entire  grains  at  3800  ppm  (Fig. 
7e).  Qeavage  (Fig.  7f)  apparently  occurs  at  5600  ppm  as  evidenced  by  a  flat  transgranular  fracture 
appearance  with  markings.  This  result  is  consistent  with  the  notion  that  the  hydrogen  affected 
ductile  to  brittle  transition  temperature  for  bcc  titanium  has  been  shifted  above  the  test 
temperature. 

Deformation  Mode 

Compression  tests  on  SHT  alloys  revealed  that  both  alloys  were  prone  to  highly  localized  planar 
slip  at  low  plastic  strains  (3%).  At  strains  on  the  order  of  8%,  extensive  multiple  or  wavy  slip 
occurred  in  15-3.  In  contrast,  localized  planar  slip  persisted  in  the  SHT  21S  material  at  high  plastic 
strains.  Figure  8a  and  b  compares  the  surface  slip  observed  in  SHT  15-3  and  21S  at  approximately 
8%  plastic  strain  and  illustrates  the  difference. 


X-ray  Diffraction 
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Analysis  of  x-ray  diffraction  (XRD)  data  was  undertaken  for  both  peak  aged  21S  and  15-3.  A 
6  phase  lattice  parameter  of  0.325  nm  was  determined  for  uncharged  21S  («75  ±  25  wt.  ppm 
hydrogen),  0.328  for  24  hour  charging  (al400  ±  400  wt.  ppm)  and  0.331  nm  for  64  hour  charging 
(«2600  ±  800  wt.  ppm)  using  the  (110)  reflection.  In  contrast,  very  little  change  in  the  hep  a  phase 
lattice  parameter  is  observed.  These  results  suggest  partitioning  of  hydrogen  to  the  6  phase.  Paton 
et  al.  dso  correlated  6  lattice  parameter  to  hydrogen  concentration  in  solution  annealed  Ti-18 
Mo^'*^.  Lattice  parameters  equal  to  0.328  and  0.331  nm  were  obtained  at  1000  and  2100  wt.  ppm 
hydrogen,  respectively,  in  good  agreement  with  the  data  presented  here.  No  evidence  of  hydriding 
of  the  6  phase  was  found. 

Regarding  the  possibility  of  massive  hydriding  of  a.  precipitates,  x-ray  diffraction  analysis  was 
conducted  on  (a)  specimen  surfaces,  (b)  several  micrometers  beneath  the  specimen  surface,  and 
(c)  at  a  position  as  near  as  possible  to  the  centerline  of  the  notched  region  of  a  high  constraint, 
high  hydrogen  21S  tensile  bar.  The  latter  two  conditions  were  achieved  by  surface  grinding  and 
sectioning,  respectively.  Neither  a  nor  6  phase  hydride  formation  was  detected  at  (a),  (b)  or  (c) 
for  charged  and  plastically  strained  PA  2 IS.  Instead,  diffraction  peaks  coinciding  with  the  a  and 
6  phases  are  observed,  except  for  immediately  at  the  charged  surface  where  neither  the  o  phase 
nor  its  corresponding  hydride  was  observed  (Figure  9a).  An  increase  in  the  B  lattice  parameter  was 
observed  at  interior  positions  confirming  the  presence  of  hydrogen,  although  the  increase  was 
somewhat  less  that  at  the  surface.  Electron  microscopic  examination  revealed  that  selective  removal 
of  the  a  phase  occurred  due  to  spalling  of  the  near  surface  a  precipitates  (Fig.  9b).  Such  spalling 
might  be  expected  based  on  the  18%  volume  increase  which  occurs  upon  hydriding  of  the  a 
phase^^'^-'*'^.  Spalling  of  hydrided  a  phase  has  previously  been  reported  by  Nakasa  in  Ti-6A1-4V 
during  electrochemical  hydrogen  charging^^^  To  confirm  the  notion  that  surface  a  could  be 
hydrided  under  the  electrochemical  conditions  used  here,  commercially  pure  Ti  was  charged  imder 
identical  charging  conditions  used  for  Ti-15Mo-3Nb-3Al.  Hydride  formation  was  indeed  confirmed 
by  XRD  and  metallography. 

Diffraction  spectra  taken  from  the  surface  of  as-charged  PA  15-3  indicated  that  surface-exposed 
a  also  became  hydrided  but  did  not  spall  (Fig.  10).  Hydriding  appears  to  be  a  phenomenon 
associated  with  surface  exposed  a  for  both  alloys  since  no  hydride  peaks  were  detected  in  the 
interior  of  either  material  when  diffraction  spectra  were  taken  after  serial  grinding  of  the  hydrogen 
charged  surface.  Instead,  partitioning  of  hydrogen  to  the  B  phase  is  again  observed  as  indicated 
by  increases  in  the  B  lattice  parameter.  An  increase  in  the  B  lattice  parameter  indicates  the 
presence  of  a  significant  hydrogen  concentration  in  the  bcc  phase  at  depths  where  hydriding  of  a 
was  not  observed.  However,  this  does  not  preclude  the  possibility  of  localized  deformation  assisted 
hydriding  in  slip  bands  or  localized  hydriding  of  a/B  interfaces  as  discussed  by  Boyd^'’^\  if  the 
volume  fraction  of  hydride  formed  was  too  small  for  detection  by  XRD.  To  summarize,  our  findings 
suggest  that  hydriding  of  a  precipitates  occurs  at  the  free  surface  but  that  hydriding  of  a  large 
volume  fraction  of  the  subsurface  a  does  not  occur  due  to  partitioning  of  hydrogen  to  the  high 
solubility  B  phase.  Local  hydriding  at  a/B  interfaces  remains  possible. 
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DISCUSSION 

Metallur^cal  factors  affecting  embrittlement  susceptibility 

Both  preferential  grain  boundary  a  precipitation  and  localized  planar  slip  can  be 
circumstantially  correlated  with  the  greater  susceptibility  to  internal  hydrogen  embrittlement  (IHE) 
of  the  Ti-15Mo-3Nb-3Al  alloy.  Recall  that  preferential  grain  boundary  a  precipitation  was  noted 
in  aged  21S  (Fig.  la)  and  intergranular  cracking  occurred  (Fig.  7c).  Planar  slip  was  observed  for 
SHT  21S  (Fig.  8b)  and  is  suggested  by  the  fracture  appearances  in  SHT  (Fig  7b)  as  well  as  aged 
21S  (Fig.  7e).  In  contrast,  wavy  slip  was  observed  in  SHT  15-3,  intragranular  a  precipitation  was 
observed  in  aged  15-3  and  transgranulm  fracture  occurred.  At  issue  are  the  governing  metallurgical 
factors. 

It  is  difficult  to  attribute  the  hydrogen  embrittlement  susceptibility  of  21S  exclusively  to  the 
mere  presence  of  grain  boundary  a  in  the  aged  condition  for  two  reasons.  Firstly,  aged  15-3 
contained  a  0.1  /xm  thick  a  film  along  6  grain  boundaries,  although  preferential  formation  of  a 
colonies  perpendicular  to  boundaries  did  not  occur.  The  thin  a  film  did  not  render  the  alloy 
susceptible.  Secondly,  21S  was  more  susceptible  than  15-3  in  the  SHT  condition  where  a  solid 
solution  6  microstnicture  was  preserved  upon  cooling  firom  above  the  6  transus.  The  parallel,  linear 
features  shown  on  the  fracture  surfaces  of  hydrogen  charged  2  IS  in  the  SHT  and  DA  conditions 
(Figures  7b  and  7e)  and  previously  observed  in  hydrogen  charged  PA  material^^^  suggest  an 
interaction  between  hydrogen,  slip  and  fracture  mode. 

In  the  present  study,  planar  slip  has  been  observed  for  SHT  21S  but  not  yet  confirmed  for  aged 
21S.  However,  it  is  reasonable  to  expect  that  aging  would  exacerbate  the  planar  slip  tendency  seen 
in  the  SHT  condition  since  (a)  a  plates  are  fine  and,  perhaps,  shearable,  (b)  well  aligned  a  colonies 
at  grain  boundaries  might  promote  shearing,  and  (c)  TEM/electron  diffraction  experiments  show 
that  both  15-3  and  21S  exhibit  Burger’s  a  (i.e.  (110)b  |  (0001)„,  [111]b  ||  [1120]J^5^>.  This  suggests 
that  transfer  of  slip  from  B  to  a  may  be  possible  and  also  that  shearing  of  a  precipitates  may  occur. 
In  support  of  this  view,  Okada,  Baneijee,  and  Williams  found  that  slip  transfer  from  B  to  a  was  a 
function  of  precipitate  morphology  in  Ti-15V-3Cr-3Al-3Sn^^^\  Slip  initiates  in  the  6  phase  and 
parallel  a  plates  of  the  same  variant  (colony  type  structure)  allow  dislocations  to  shear  the  a  phase 
while  a  plates  of  differing  physical  orientations  promote  homogeneous  slip^^^\  High  magnification 
SEM  of  aged,  metallographically  prepared  21S  and  15-3  show  a  difference  in  the  size  and  physical 
orientation  of  a  plates  for  the  two  alloys^^.  It  is  plausible  that  the  coarseness  of  intragranular  a 
in  aged  15-3,  which  has  nucleated  first  and  grown  for  a  longer  time,  is  a  more  effective  slip  barrier 
than  the  fine  a  of  21S.  A  greater  impedance  to  planar  slip  would  promote  more  homogeneous 
deformation  in  the  form  of  multiple  or  wavy  slip  in  aged  alloys. 

Hydrogen  segregation  to  dislocations  and  transport  by  slip  is  well  documented  in  bcc 
metals^^^’^^  Recall  that  hydrogen  has  been  shown  to  partition  to  and  is  relatively  mobile  in  the 
bcc  lattice^^"^^^  which  provides  a  readily  available  source  for  hydrogen  pickup  by  dislocations  and 
possible  deposition  of  this  hydrogen  at  grain  boundaries.  In  the  case  of  15-3,  which  appears  more 
prone  to  wavy  or  multiple  slip,  we  hypothesize  that  less  hydrogen  is  transported  to  B  grain 
boundaries  and  the  locally  high  hydrogen  concentrations  possible  along  the  intense  planar  slip 
bands  seen  in  2 IS  (Fig.  8b)  are  avoided.  In  this  way  slip  mode  would  also  contribute  to  the 
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observation  of  intergranular  cracking  in  21S.  This  explanation  for  intergranular  cracking  is  well 
supported  by  the  fracture  modes  observed  for  21S  but  not  found  for  15-3  in  this  study  and  is 
consistent  with  the  work  of  Thompson,  Bernstein  et  al,  in  aluminum  alloys^^^^^\ 

Ti-15Mo-3Nb-3Al,  which  is  prone  to  planar  slip,  undergoes  slip  band,  possibly  slip  plane, 
intergranular,  and  cleavage  cracking  depending  on  microstructure,  degree  of  constraint  and 
hydrogen  concentration.  Ti-15V-3Cr-3Al-3Sn,  in  which  multiple  slip  is  easier  to  induce,  exhibits  a 
microvoid  rupture  fracture  mode  until  the  highest  strength  and  hydrogen  level  investigated  are 
reached  where  the  fractographic  features  are  on  the  size  and  order  of  the  deformation  structure 
seen  in  heavily  plastically  strained  SHT  material  as  shown  by  a  comparison  of  Figures  6b  and  8a. 
Correlation  of  the  different  fracture  modes  with  the  plastic  slip  behavior  exhibited  by  each  alloy 
indicates  that  deformation  mode  strongly  influences  the  hydrogen  effected  fracture  paths  and 
subsequent  mechanical  properties.  Consequently,  factors  influencing  slip  behavior  should  be 
reviewed. 

It  is  reasonable  to  expect  that  slip  behavior  in  bcc  titanium  is  dependent  on  alloy  composition, 
thermo-mechanical  processing,  and  precipitate  morphology  as  in  the  case  of  other  alloy  systems. 
For  SHT  6  alloys  it  is  plausible  that  deformation  mode  may  be  controlled  by  chemical  composition, 
operative  slip  or  twinning  systems,  and  residual  dislocation  density  since  other  factors  affecting  slip 
such  as  shearable  o)  phase  particles  were  not  detected,  nor  expected.  The  fact  that  alloying 
additions  affect  stacking  fault  energy  and  subsequent  slip  behavior  is  weU  known  and  also  may 
apply  to  metastable  B-titanium  alloys.  Ling  and  co-workers  noted  a  changed  in  deformation  mode 
from  wavy,  multiple  slip  in  a  quenched  and  recrystallized  Ti-28  wt.  %  V  alloy  to  coarse  planar  slip 
in  a  40  wt.  %  V  alloy^l  They  traced  the  difference  to  an  increasing  twin  fault  probability  with 
increasing  V  which  makes  cross-slip  more  difficult^^^\  In  order  to  compare  the  compositions  of  the 
two  alloys  studied  here,  equivalent  molybdenum  concentration  provides  the  basis  for  comparison 
rather  than  vanadium  content.  In  the  present  study,  the  equivalent  Mo  concentration  of  15-3  is  11.9 
wt.  %  while  that  of  21S  is  12.8%,  not  a  large  difference.  Therefore,  we  assert  that  differences  in 
deformation  mode  observed  here  are  more  dependent  on  heat  treatment  than  alloy  composition. 
In  support  of  this  view  it  should  be  noted  that  preferential  grain  boundary  a  precipitation  and 
intergranular  stress  corrosion  cracking  have  been  produced  in  15-3  which  was  solution  heat  treated 
above  the  6  transus  for  longer  times  (e.g.  1038‘’C,  2  hours)  than  investigated  here^^’^°\  The  present 
authors  have  also  produced  intergranular  cracking  in  re-solutionized  15-3  (816°C,  0.5  h-^Air  cool, 
950°C,  12  h-»Air  cool)  with  room  temperature  hydrogen  charging^^^.  Of  important  note,  this 
condition  was  also  more  prone  to  planar  slip  than  SHT  15-3  after  816°C  for  0.5  h^“\  Therefore, 
solution  heat  treatment  temperature  and  time  appear  to  affect  both  slip  behavior  and  a 
precipitation  in  15-3  and  21S  more  strongly  than  compositional  differences. 

The  temperature  and  time  associated  with  solution  heat  treatments  (Table  1)  affect  residual 
dislocation  density,  vacancy  concentration,  and  grain  growth.  Since  minimal  grain  growth  was 
observed,  vacancy  concentration  and  dislocation  density  are  implicated  as  key  factors.  Fujii  has 
shown  that  a  high  excess  vacancy  concentration  created  by  very  high  SHT  temperatures  (i.e. 
>  1000°C)  and  a  low  density  of  vacancy  sinks  (grain  boundaries,  twin  boundaries  and  dislocations) 
accelerate  aging  and  promote  fine  homogeneous  a  precipitation^^\  However,  a  balance  exists 
between  the  opposing  roles  of  dislocations  as  vacancy  sinks  and  as  heterogeneous  a  nucleation 
sites^'^^^  Dislocations  remaining  from  prior  working  clearly  readily  serve  as  strong  a  nucleation  sites 
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as  shown  by  studies  of  the  effect  of  cold  work  on  aging^^^’^\  In  this  study,  the  differences  in  excess 
vacancy  concentration  following  heat  treatment  at  816,  871  or  950°C  are  probably  minor.  However, 
long  solutionizing  times  at  871°C  (21S:  8h)  and  950°C  (Re-solution  heat  treated  15-3:  12h)  are 
likely  to  lower  dislocation  density,  given  temperatures  of  about  one-half  the  melting  temperature. 
We  speculate  that  residual  dislocation  substructure  is  a  dominate  factor  affecting  slip  mode  and 
aging  behavior  in  the  present  study  and  that  composition  and  vacancies  play  secondary  roles. 
Solution  treatment  has  also  been  identified  as  the  controlling  factor  in  hot  salt  stress  corrosion 
cracking  susceptibility  of  the  metastable  6  alloy  Beta-DI  but  the  mechanism  of  embrittlement  was 
not  discussed^^l  In  the  present  study,  solution  treatment  time  and  temperature  are  implicated  as 
important  factors  affecting  the  internal  hydrogen  embrittlement  (IHE)  susceptibility  of  6-titanium 
alloys. 

Other  factors  possibly  affecting  embrittlement  susceptibility 

Two  other  important  differences  have  been  reported  for  Ti-15V-3Cr-3Al-3Sn  and  Ti-15Mo- 
3Nb-3Al  that  pertain  to  hydrogen  embrittlement  susceptibility.  Pound  reports  a  higher  apparent 
hydrogen  trapping  constant  associated  with  the  single  step  peak  aged  21S  as  compared  to  peak  aged 
15-3^“\  The  materials  analyzed  were  identical  to  those  used  in  the  present  study.  The  controlling 
trap  site  is  thought  to  be  the  a/6  interfaces,  in  particular  those  associated  with  grain  boundary  a 
colonies^“\  The  intrinsic  trap  capability  of  a/6  interfaces  may  depend  on  their  degree  of  coherency 
and  lattice  misfit.  In  general,  coherent  interfaces  are  viewed  as  reversible  hydrogen  trap  sites  that 
rely  on  local  stress  state  and  dislocations  to  promote  trapping^“\  Noncoherent  interfaces  are  often 
regarded  as  irreversible  trap  sites  which  also  may  possess  lower  cohesive  strengths^“^.  Interestingly, 
hydrogen  partitioning  alters  the  6  lattice  parameter  but  the  low  levels  present  in  the  hep  phase 
prior  to  hydriding  lead  to  minimal  changes  in  the  a  lattice  parameter^^.  This  suggests  that  the 
misfit  strain  of  an  a/6  interface  may  be  a  function  of  hydrogen  content  as  well  as  a  and  6  phase 
compositions  which  also  affect  their  lattice  parameters.  It  is  unclear  whether  or  not  differences  in 
misfit  strain  exist  between  the  intragranular  and  grain  boundary  a/ 6  interface  structures,  or  whether 
differences  exist  in  the  case  of  21S  relative  to  15-3.  Recall  that  a  Burger’s  orientation  relationship 
was  observed  between  the  6  matrix  and  a  plates  in  both  21S  and  15-3  suggesting  the  presence  of 
some  misfit  strain  and  therefore  some  intrinsic  trapping  capability  in  the  case  of  both  alloys  An 
alternative  view  is  that  local  hydriding  occurs  more  readily  at  grain  boundary  a/6  interfaces  and 
accounts  for  the  irreversible  trapping  reported  by  Pound^'’'’’“\  It  is  unclear  why  either  hydriding  or 
intrinsic  trapping  capability  is  preferentially  more  severe  at  grain  boundary  a/6  interfaces  since  the 
misfit  strain  along  these  plates  should  not  differ  from  that  at  a/6  interfaces  associated  with 
intragranular  precipitates.  One  theory  is  that  the  tips  of  well  aligned  a  colonies  at  the  grain 
boundary  provide  the  noncoherent  interface  responsible  for  irreversible  trapping  and  form  a  well- 
cormected  fracture  path.  However,  this  notion  is  not  consistent  with  intergranular  fracture  facets 
(Figure  7c)  which  do  not  show  indications  of  following  the  tips  of  the  parallel  a  colonies  shown  in 
Figure  la.  Moreover,  it  is  difficult  to  attribute  all  of  the  differences  in  IHE  susceptibility  between 
15-3  and  21S  exclusively  to  a  difference  in  the  irreversible  trapping  capability  of  a/6  interfaces  in 
the  two  alloys  since  (a)  SHT  21S  is  more  susceptible  to  IHE  than  SHT  15-3  even  in  the  absence 
of  a  precipitates,  (b)  re-solution  heat  treated  15-3  and  re-solution  heat  treated  and  aged  15-3  are 
rendered  susceptible  to  IHE  and  SCCS^^,  respectively,  and  no  a  precipitates  are  present  in  re-SHT 
15-3,  and  (c)  irreversible  trapping  at  a/6  interfaces  does  not  account  for  many  of  the  other  fracture 
paths  reported  in  the  present  study.  It  is  also  difficult  to  attribute  the  difference  in  susceptibility 
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to  just  the  presence  of  boundary  a,  since  aged  15-3  contained  a  0.1  /xm  a  film  but  did  not  crack 
intergranularly  in  aqueous  testing^^^  or  with  internal  hydrogen. 

The  second  factor  is  the  effect  of  hydrogen  on  the  ductile  to  brittle  transition  temperature 
(DBTT)  for  the  6  matrix^^’^’^.  Lederich  reports  a  50°C  difference  in  DBTT  for  15-3  versus  21S,  with 
21S  experiencing  the  higher  of  the  two  transition  temperatures  at  a  given  6  phase  hydrogen 
concentration^^^.  Calculations  show^“^  it  to  be  unlikely  that  the  DBTT  has  been  shifted  above  room 
temperature  for  either  of  the  two  alloys  in  the  present  study  for  the  majority  of  the  hydrogen  levels 
studied.  This  conclusion  is  reached  even  after  taking  into  consideration  a  correction  in  hydrogen 
concentration  due  to  hydrogen  partitioning  in  the  B  matrix  of  6  +  a  Ti  microstructures^^^\  6  phase 
hydrogen  concentrations  of  5333  and  7586  wt.  ppm  would  be  required  to  rzuse  the  DBTT  above 
25°C  for  21S  and  15-3,  respectively.  Only  in  the  case  of  DA  21S  at  5600  wt.  ppm  total  hydrogen 
(Figure  7f)  is  cleavage  induced  by  an  increased  DBTT  suspected.  Consequently,  we  conclude  that 
this  particular  intrinsic  difference  between  15-3  and  21S  is  not  the  operative  reason  for  the 
susceptibility  of  21S  over  the  range  of  hydrogen  concentrations  reported  in  the  present  study. 

Finally,  it  is  possible  that  hydrogen  assisted  intergranular  cracking  in  bcc-ti  is  attributable  to 
some,  as  yet  unidentified,  boundary  segregation  phenomenon.  It  is  interesting  to  note  that  the 
intergranular  fracture  facets  produced  show  some  indications  of  deformation  (Figure  7c)  supporting 
the  notion  of  a  role  for  planar  slip  in  intergranular  separation.  However,  intergranular  fracture 
surfaces  do  not  follow  the  morphology  of  well  aligned  a  colonies  at  grain  boundaries  suggesting  that 
some  other  factor  plays  a  role  in  intergranular  cracking.  The  synergistic  negative  role  of 
phosphorus,  sulfur  and  hydrogen  on  the  intergranular  cracking  behavior  of  steel  has  been  well 
reported^“’®’\  A  detrimental  segregation  tendency,  involving  an  as  yet  unidentified  alloying 
impurity,  is  consistent  with  the  observation  of  a  solutionizing  time  and  temperature  dependency  in 
the  bcc  titanium  system. 

Correlations  with  aqueous  stress  corrosion  cracking 

Hydrogen  has  previously  been  suggested  as  the  embrittling  species  in  aqueous  chloride  testing 
of  PA  6  titanium  aJloys^^®’^'^.  Hydrogen-slip  interactions  may  explain  the  superior  SCC  resistance 
of  PA  15-3  vs.  PA  2  IS  in  aqueous  sodium  chloride  solution^^^’^^.  Young  and  Gangloff  have 
suggested  that  dislocation  motion  is  a  requisite  for  EAC  in  21S  based  on  J-integral  resistance  curve 
testing  conducted  at  varying  load-line  displacement  rates  and  "ripple"  loaded  tests  of  PA  15-3  and 
21S  in  aqueous  saltwater^^.  This  statement  fits  well  with  the  observations  made  in  this  paper. 
Consider  the  production  of  hydrogen  at  an  acidified  crack  tip  and  absorption  of  this  hydrogen  into 
the  fracture  process  zone.  Under  a  "ripple"  load  designed  to  rupture  the  surface  oxide  film  (but 
well  below  the  fatigue  AK  threshold  for  crack  growth  in  moist  air)  hydrogen  may  enter  the  metal 
if  elastic  strains  are  capable  of  rupturing  the  oxide  film  and  partitions  primarily  in  the  B  phase 
where  it  is  highly  soluble.  Localized  planar  slip  band  formation  does  not  occur,  however,  below 
the  moist  air  fatigue  AK  threshold. 

Under  a  rising  load  test,  however,  where  dislocation  motion  is  occurring,  hydrogen  may  be 
transported  by  dislocations  and  deposited  at  the  dislocation  sinks  (i.e.  grain  boundaries)  where  it 
is  trapped  and  promotes  intergranular  separation.  The  differences  in  the  SCC  resistance  between 
15-3  and  21S  may  also  be  traced  to  the  tendency  of  21S  toward  planar  slip  which  might  promote 
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hydrogen  transport  over  long  distances  to  grain  boundaries.  Multiple  or  wavy  slip,  which  has  been 
shown  to  occur  more  readily  in  SHT  15-3  than  21S,  hinders  the  transport  and  deposition  of 
hydrogen  to  grain  boundaries  and  concurrently  disperses  hydrogen  as  dislocations  transport 
hydrogen  to  newly  activated  slip  systems.  Planar  slip  may  also  promote  film  rupture  phenomena 
to  stimulate  crack  tip  hydrogen  entry  in  aqueous  SCC  testing. 

CONCLUSIONS 

1.  Hydriding  of  a  large  volume  fraction  of  the  a  and  6  phases  is  not  required  for  hydrogen 
embrittlement  to  occur  in  6  titanium  alloy  Ti-15Mo-3Nb-3Al.  Reduction  in  the  mayirmim 
longitudinal  tensile  stress  and  plastic  strain  developed  in  solution  aimealed  Ti-15Mo-3Nb-3Al  at 
hydrogen  concentrations  <  2900  wt.  ppm  suggest  that  the  6  phase  is  intrinsically  embrittled  by 
hydrogen  especially  when  deformation  occurs  by  localized  planar  slip. 

2.  Embrittlement  is  a  function  of  hydrogen  concentration,  constraint,  and  yield  strength  for  alloys 
which  have  a  susceptible  microstructure.  Susceptible  microstructures  are  caused  by  high  solution 
treatment  temperatures  and  times  which  remove  heterogeneous  nucleation  sites  from  grain  interiors 
to  promote  grain  boundary  a,  delay  intragranular  a  precipitation  and  promote  planar  slip.  In  aged 
alloys  it  is  speculated  that  fine  a  precipitates  may  be  sheared  by  dislocations  to  promote  planar  slip, 
concentrate  hydrogen  along  planar  slip  bands  and  transport  hydrogen  to  grain  boundaries. 

3.  The  relationships  between  microstructure,  deformation  mode  and  speculated  hydrogen  transport 
behavior  can  account  for  the  observed  cracking  in  B  titanium  which  was  precharged  with  hydrogen 
and  slowly  strained  in  air  as  well  as  simultaneously  polarized  and  slowly  strained  in  aqueous 
chloride  solution.  This  correlation  supports  a  hydrogen  embrittlement/dislocation  transport 
mechanism  for  aqueous  saltwater  stress  corrosion  cracking  of  metastable  6  titanium  alloys. 
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TABLE  1 

6-titanium  alloy  heat  treatments  and  corresponding  Rockwell  C  hardness  values.  Alloys  were 
received  in  the  SHT  condition  with  the  reported  solution  heat  treatment  temperatures  and  times. 


Condition:  Alloy 

Heat  Treatment 

HRC 

Solution  Annealed: 

Ti-15V-3Cr-3Al-3Sn 

Ti-15Mo-3Nb-3Al 

816°C,  0.5  h  Air  Cool 

871°C,  8  h  Air  Cool 

25.2  ±  0.9 

28.7  ±  1.2 

Peak  Aged: 

Ti-15V-3a-3Al-3Sn 

Ti-15Mo-3Nb-3Al 

538°C,  8  h  Air  Cool 

538°C,  8  h  -  Air  Cool 

38.9  ±  0.6 

42.1  ±  1.2 

Duplex  Aged: 

Ti-15V-3Cr-3Al-3Sn 

Ti-15Mo-3Nb-3Al 

440°C,  20  h  Air  Cool  538°C,  0.5  h 

Air  Cool 

440°C,  20  h  -  Air  Cool  -  538°C,  0.5  h 

Air  Cool 

41.4  ±  0.7 

48.8  ±  0.8 
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15Mo-3Nb-3Al.  ctyield  the  uniaxial  yield  strength  for  no  intentional  hydrogen  additions.  Note 
that  the  data  points  at  1.43  and  1.03  constraint  with  no  intentional  hydrogen  overlay  each  other  for 
the  case  of  the  Ti-15Mo-3Nb-3Al  alloy. 
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solution  annealed  conditions  at  the  uncharged  hydrogen  level  of  90-120  wt.  ppm  hydrogen,  and  (b) 
duplex  aged  with  3700  wt.  ppm  hydrogen. 

Figure  7.  Fracture  modes  produced  in  Ti-15Mo-3Nb-3Al  at  a  constraint  level  of  1.43  after  various 
heat  treatments  and  different  hydrogen  concentrations:  (a)  SHT  - 100  ppm,  (b)  SHT  -  3000  ppm, 
(c)  PA  -  1000  ppm,  (d)  PA  -  3500  ppm,  (e)  DA,  3800  ppm,  and  (f)  DA,  5600  ppm. 

Figure  8.  Surface  slip  lines  observed  in  solution  heat  treated  (a)  Ti-15V-3Cr-3Al-3Sn  and  (b)  Ti- 
15Mo-3Nb-3Al  both  deformed  to  approximately  8%  plastic  strain  in  compression. 

Figure  9.  (a)  Diffraction  spectra  from  the  surface  of  peak  aged  Ti-15Mo-3Nb-3Al  charged  64  hours 
in  H2SO4  solution  at  90°C  and  (b)  SEM  micrograph  of  the  charged  surface  illustrating  the  spalled 
surface  exposed  secondary  a  phase. 

Figure  10.  Diffraction  spectra  taken  from  the  surface  of  PA  Ti-15V-3Cr-3Al-3Sn,  charged  24  hours 
showing  the  a,  6,  and  S  phase  peaks. 


Table  1.  B-titanium  alloy  heat  treatments  and  corresponding  Rockwell  C  hardness  values.  Alloys 
were  received  in  the  SHT  condition  with  the  reported  solution  heat  treatment  temperatures  and 
times. 


Condition:  Alloy 

Heat  Treatment 

HRC 

Solution  Annealed: 

Ti-15V-3Cr-3Al-3Sn 

Ti-15Mo-3Nb-3Al 

816°C,  0.5  h  -  Air  Cool 

871°C,  8  h  -  Air  Cool 

25.2  ±  0.9 

28.7  ±  1.2 

Peak  Aged: 

Ti-15V-3Cr-3Al-3Sn 

Ti-15Mo-3Nb-3Al 

538“C,  8  h  Air  Cool 

538°C,  8  h  Air  Cool 

38.9  ±  0.6 

42.1  ±  1.2 

Duplex  Aged: 

Ti-15V-3a-3Al-3Sn 

Ti-15Mo-3Nb-3Al 

440°Q  20  h  Air  Cool 

538°C,  0.5  h  -  Air  Cool 

440°C,  20  h  -  Air  Cool  - 
538“C,  05  h  Air  Cool 

41.4  ±  0.7 

48.8  ±  0.8 

Figure  la.  Optical  micrograph  showing  the  P  +  «  Figure  lb.  Optical  micrograph  showing  the  P  +  o 
miCTOStructure  of  Ti-15Mo-3Nl>-3Al  after  apng  for  1  microstructure  of  Ti-15V-3Cr-3Al-3Sn  after  aging  for  1 
hour  at  538°C.  hour  at  538°C. 
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Figure  2.  The  effects  of  constraint  and  total  internal  hydrogen  concentration  on  the  maximum  longitudinal  stress 
and  effective  plastic  strain  developed  in  peak  aged  H-lSV-SCr-SAl-SSn  and  Ti-15Mo-3Nb-3Al.  Oyibix)  ^ 
uniaxial  yield  strength. 
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Figure  3.  The  effect  of  total  internal  hydrogen  concentration  on  manmum  longitudinal  stress  and  effective  plastic 
strain  developed  in  solution  heat  treated  Ti-15V-3Cr-3Al-3Sn  and  Ti-15Mo-3Nb-3Al. 
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Figure  4.  The  effect  of  total  internal  hydrogen  concentration  on  manmum  lon^tudinal  stress  and  effective  plastic 
strain  developed  in  single  step  peak  aged  Ti-15V-3Cr-3Al-3Sn  and  Ti-15Mo-3Nb-3Al. 
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Figure  6a.  Fracture  surfaces  from  Ti-15V-3Cr-3Al-3Sn 
at  a  constraint  level  of  1.43  under  solution  heat  treated 
conditions  at  the  uncharged  hydrogen  level  of 90-120  wt. 
ppm  hydrogen. 


Figure  6b.  Fracture  surfaces  from  duplex  aged  Ti-15V- 
3Cr-3Al-3Sn  at  a  constraint  level  of  1.43  with  3700  wt. 
ppm  hydrogen. 


Figure  7a.  Fracture  mode  produced  in  Ti-15Mo-3Nb- 
3A1  at  a  constraint  level  of  1.43:  solution  heat  treated  - 
100  wL  ppm  hydrogen. 


Figure  7c.  Fracture  modes  produced  in  Ti-15Mo-3Nb- 
3A1  at  a  constraint  level  of  1.43:  peak  aged  -  1000  wt 
ppm  hydrogen. 


Figure  7b.  Fracture  mode  produced  in  Ti-15Mo-3Nb- 
3A1  at  a  constraint  level  of  1.43:  solution  heat  treated  - 
3000  wt.  ppm  hydrogen. 


Figure  7d.  Fracture  modes  produced  in  Ti-15Mo-3Nb- 
3A1  at  a  constraint  level  of  1.43:  peak  aged  -  3500  wL 
ppm  hydrogen. 


Figure  It.  Fracture  modes  produced  in  Ti-l5Mo-3Nb- 
3A1  at  a  constraint  level  of  1.43:  duplex  aged  -  3800  wt. 
ppm  hydrogen. 


Figure  7f.  Fracture  modes  produced  in  Ti-15Mo-3Nb- 
3A1  at  a  constraint  level  of  1.43:  duplex  aged  -  5600  wL 
ppm  hydrogen. 


Figure  8a.  Surface  slip  lines  observed  in  solution  heat  Figure  8b.  Surface  slip  lines  observed  in  solution  heat 
treated  Ti-15V-3Cr-3Al-3Sn  deformed  to  approximately  treated  Ti-15Mo-3Nb-3Al  deformed  to  approximately 
8%  plastic  strain  in  compression.  8%  plastic  strain  in  compression. 


Figure  9a.  DiEfraction  spectra  from  the  surface  of  peak 
aged  Ti-15Mo-3Nb-3Al  charged  64  hours  in  HjS04 
solution  at  90°C. 


Fgure  9b.  SEM  micrograph  of  the  charged  peak  aged 
Ti-15M o-3Nb-3Al  surface  illustrating  the  spalled  surface 
exposed  secondary  a  phase. 


Figure  10.  Diffraction  spectra  taken  from  the  surface  of 
PA  Ti-15V-3Cr-3Al-3Sn,  charged  24  hours  showing  the 
a,  p,  and  6  phase  peaks. 
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Abstract 

The  effects  of  electrochemically  introduced  hydrogen  on  the  room  temperature 
mechanical  properties  of  two  titanium  alloys,  TIMETAL  15*3  (Ti-15V-3Cr-3Al-3Sn, 
wt%)  and  TIMETAL  21S  (Ti-15Mo-3Nb-3Al,  wt%)  are  compared.  Solution  annealed, 
peak  aged  (538°C,  8h),  and  duplex  aged  (440®C,  20h,  538°C,  Vih)  conditions  are 
investigated.  .  Bridgman  notched  tensile  bars  are  employed  to  quantify  the  degree  of 
embrittlement  both  by  reduction  in  the  maximum  longitudinal  stress  developed  at  the 
centerline  of  the  notch  and  the  average  effective  plastic  strain  across  the  notch  diameter 
at  maximum  load.  Fracture  paths  are  correlated  with  the  slip  behavior  observed  in 
solution  annealed  material.  Possible  hydriding  of  the  a  and  p  phases  is  investigated 
through  x-ray  diffraction.  Results  show  that  TIMETAL  21S  is  more  susceptible  to 
hydrogen  embrittlement  than  TIMETAL  15-3  as  evidenced  by  reductions  in  the 
longitudinal  stress,  plastic  strain,  and  changes  in  fracture  mode  at  hydrogen  concentrations 
above  1000  wt.  ppm.  Possible  hydriding  of  a  large  volume  fraction  of  the  a  or  /3  phases 
was  not  observed  over  the  range  of  hydrogen  concentrations  investigated.  The  increased 
susceptibility  of  TIMETAL  21S  to  hydrogen  embrittlement  is  attributed  to  a  high 
temperature,  long  time,  solution  treatment  which  removed  heterogeneous  nucleation  sites 
from  the  grain  interiors.  Subsequent  aging  occurs  preferentially  on  /3  grain  boundaries 
and  lastly  in  the  grain  interiors,  resulting  in  fine  intragranular  precipitates.  These  fine  a 
plates  are  readily  sheared  and  promote  planar  slip.  In  contrast,  a  lower  temperature, 
shorter  duration  solution  treatment  for  TIMETAL  15-3,  results  in  a  material  with  more 
homogeneous,  larger  a  precipitates,  which,  in  turn,  promote  wavy  slip.  Results  indicate 
that  persistent  planar  slip  exacerbates  both  hydrogen  embrittlement  and  aqueous 
environmentally  assisted  cracking  in  metastable  p  titanimn  alloys. 
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Edited  by  D.  Eyion,  R.R.  Boyer  and  D.A.  Koss 
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Introduction 


Modem  6  titanium  alloys  are  candidates  for  many  hydrogen  environment  appli^tions 
due  to  their  desirable  mechanical  properties,  protective  oxide  film,  and  high  hydrogen 
solubility  [1-41.  However,  6  titanium  alloys  are  susceptible  to  hydrogen  embnttiement. 
Both  6  and  a  titanium  form  a  brittle  hydride  phase  and  recent  reports  suggest  that  the  bcc 
B  phase  is  intrinsically  embrittled  by  hydrogen  [5-9].  The  present  study  seeks  to  compare 
and  contrast  the  effects  of  a  range  of  electrochemically  charged  hydrogen  concentrations 
on  the  room  temperature  mechanical  properties  of  the  metastable  6  titanium  al  oys 
TIMETAL  15-3  and  TIMETAL  21S  in  both  the  solution  annealed  and  B  +  a  aged 
conditions.  Duplex  aging  was  performed  in  an  attempt  to  promote  a  fmer,  more 
homogenous  a  distribution  and  avoid  preferential  precipitation  on  B  gram  bound^es. 
Preferential  a  precipitation  has  previously  been  associated  with  increased  susceptibility 
to  stress  corrosion  cracking,  hydrogen  embrittlement,  and  intergranular  cracking  [9-12]. 

Experimental 

Cross  rolled  plate,  nominally  10  mm  thick,  of  TIMETAL  15-3  (Ti-15V-3Cr-3Sn-3Al) 
and  TIMETAL  21S  (Ti-15Mo-3Nb-3Al)  was  received  in  the  solution  annealed  condition. 
Solution  annealed  (SA),  single  step  aged  (referred  to  hereafter  as  peak  aged  (PA)),  and 
duplex  aged  (DA)  heat  treatments  were  investigated.  Table  I  details  the  heat  treatments 
and  corresponding  hardness  of  each  condition.  Both  PA  and  DA  21S  exhibited 
preferential  nucleation  of  a  along  6  grain  boundaries  while  a  nucleated  intragranularly 
in  15r3  after  one  hour  at  538°C  as  shown  in  Figure  1. 


Tabic  I.  Heat  treatments  and  corresponding  hardnesses  of  the  conditions  investigated. 


Condition:  Material 

Heat  Treatment 

HRC 

Solution  Anncaled:'nMETAL  15-3 
TIMETAL  21S 

SieX,  03  h  -  Air  Cool 

871”C,  8  h  -  Air  Cool 

25.2  ±  0.9 
28.7  ±  1.2 

Peak  Aged:  TIMETAL  15-3 

TIMETAL  21S 

538'C,  8  h  -  Air  Cool 

538“C,  8  h  ->  Air  Cool 

38.9  ±  0.6 
42.1  ±  1.2 

Duplex  Aged;  TIMETAL  15-3 

TIMETAL  21S 

440“C,  20  h  -  Air  Cool  -  538°C,  03  h  -  Air  Cool 
440°C,  20  h  -  Air  Cool  -  538"C,  03  h  -  Air  Cool 

41.4  ±  0.7 
48.8  ±  0.8 

Figure  1.  Optical  micrographs  showing  the  aging  response  of  (a)  TIMETAL  15-3  and  (b) 
TIMETAL  21S  after  aging  for  1  hour  at  538°C. 
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Electrochemical  pre-charging  of  hydrogen  was  conducted  in  a  solution  of  lOcc  H2SO4, 
lOOOcc  HjO  and  0.8  g  Na4P207  at  90°C  [13].  Previously  machined  and  heat  treated  tensile 
specimens  were  cathodically  polarized  to  100  A/m^  for  various  times  to  promote  hydrogen 
uptake  and  were  tested  in  air,  as  described  elsewhere  [9].  Upon  removal  from  the 
charging  bath,  the  oxide  which  forms  in  air  is  an  effective  barrier  to  hydrogen  egress. 
Hydrogen  concentrations  reported  for  each  tensile  specimen  were  obtained  from  a  section 
of  the  tensile  bar  adjacent  to  the  notch  and  represent  an  average  total  concentration  for 
the  volume  of  metal  tested.  Note  that  the  hydrogen  uptake  rate  of  15-3  was 
approximately  5-6  times  greater  than  that  of  21S  for  all  the  heat  treatments  investigated. 
This  increase  in  hydrogen  uptake  is  attributed,  in  part,  to  a  higher  hydrogen  fugacity  on 
the  surface  of  15-3.  At  25°C,  galvanostatic  measurements  in  the  charging  solution  indicate 
that  15-3  develops  a  potential  approximately  200  mV  cathodic  to  21S  at  an  equivalent 
current  density  of  100  A/m^. 

arcumferentially  notched  "Bridgman"  tensile  bars  were  employed  to  quantify  the 
effects  of  hydrogen  on  the  mechanical  properties  of  the  alloys  investigated  [14].  Degree 
of  embrittlement  was  quantified  by  determining  the  maximum  longitudinal  stress 
developed  at  the  centerline  of  the  notched  region  and  the  effective  plastic  strain  across 
the  notch  diameter  at  maximum  load  following  the  procedures  of  Hancock  et  al.  [15-16]. 
All  tensile  tests  were  conducted  at  a  crosshead  displacement  rate  of  1.5  x  10'^  mm/min. 
The  effect  of  constraint  on  the  failure  stress  and  strain  in  PA  material  was  determined  as 
a  function  of  hydrogen  concentration  at  four  different  initial  constraint  levels  (0.52,  0.62, 
1.03,  1.43)  where  the  triaxial  constraint  is  defined  as  the  ratio  of  mean  to  effective  stress, 
{aja)  [14-16].  These  constraint  levels  correspond  to  notch  radii  of  7.9mm,  4.8mm, 
1.6mm,  and  7.9mm  respectively  at  a  constant  initial  diameter  across  the  notch  of  6.4mm. 
Additional  tensile  tests,  conducted  at  the  constraint  level  of  1.43  (0.33  =  uniaxial  tension, 
2.50  =  sharp  notch),  compared  the  effects  of  hydrogen  on  SA,  PA,  and  DA  heat 
treatments. 

The  slip  behavior  of  each  alloy  was  investigated  by  deforming  electropolished  cubes 
of  SA  material  (approximately  1  cm^)  in  compression  and  observing  the  surface  slip  lines 
via  optical  microscopy.  X-ray  diffraction  experiments  were  performed  with  a  Scintag 
automated  diffractometer  utilizing  copper  K-o  radiation,  which  was  continuously  scanned 
over  30-80°  20  at  a  rate  of  1°  per  minute.  Both  the  heat  treated  and  heat  treated  + 
hydrogen  charged  conditions  were  investigated.  Diffraction  spectra  of  electrochemically 
charged  plate  were  taken  both  at  the  charged  surface  and  well  into  the  specimen  interior 
by  sectioning  and  grinding. 


Results 

Mechanical  Testing 

Constraint  and  Hydrogen  The  longitudinal  stress  increased  and  the  plastic  strain 
decreased  as  level  of  constraint  increased  for  both  uncharged,  PA  15-3  and  21S  as  shown 
in  Figure  2.  The  longitudinal  stress  and  plastic  strain  developed  in  15-3  decreased  linearly 
with  increasing  hydrogen  concentration.  TIMETAL  21S,  however,  exhibited  a  sharp 
decrease  in  longitudinal  stress  and  plastic  strain  at  hydrogen  concentrations  greater  than 
1000  wt.  ppm.  Note  that  the  largest  reductions  in  plastic  strain  for  21S  occur  at  the 
highest  constraint. 
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Figure  2.  The  effects  of  constraint  and  hydrogen  on  the  stress  and  strain  developed  in 
peak  aged  HMETAL  15-3  and  TIMETAL  21S.  Cy,eu)  «  the  uniaxial  yield  strength. 

Longitudinal  Stress  vs.  Hydrogen  Concentration 


TIMETAL  15-3  TIMETAL  2 IS 

£  2500  r- - '  1-'-^ — -T . .  I  ’  '  '  ’  I  '  '  '  '  I  '  '  ‘  '  I  ' 


Hydrogen  Concentration  (wl.  ppm) 


Plastic  Strain  vs.  Hydrogen  Concentration 
TIMETAL  15-3  TIMETAL  2 IS 


Hydrogen  Concentration  (wt.  ppm) 

Heat  Treatment  Concerning  SA  material  at  the  highest  constraint  level  investigated 
(1.43),  the  failure  stress  and  strain  of  15-3  are  unaffected  by  hydrogen  concentrations  up 
to  3000  wt.  ppm.  In  contrast,  21S  is  embrittled  at  less  than  3000  wt.  ppm  as  shown  in 
Figure  3a.  Although  the  failure  stresses  for  each  material  in  the  SA  condition  are  nearly 
equal,  15-3  displays  approximately  twice  the  plastic  strain  of  21S  and  nearly  three  times 
the  plastic  strain  at  high  hydrogen  concentrations.  In  the  PA  condition  (Fig.  3b),  both  15- 
3  and  21S  exhibit  a  decrease  in  strength  and  ductility  at  approximately  1000  ppm  H.  This 
decrease  is  more  pronounced  for  2  IS.  Duplex  Aged  15-3  also  exhibits  greater  resistance 
to  hydrogen  embrittlement  than  DA  21S  (Fig.  3c).  Comparison  of  material  at  equivalent 
hardness  levels  (as  in  the  case  of  DA  15-3  versus  PA  21S)  shows  that  15-3  still  exhibits 
superior  resistance  to  hydrogen  embrittlement. 

Deformation  Mode  Compression  tests  on  SA  material  revealed  that  both  alloys  are  prone 
to  planar  slip  at  low  plastic  strains  (3%)  while  at  strains  on  the  order  of  8%,  extensive 
cross  slip  occurred  in  15-3  but  not  in  21S.  Figure  4  compares  the  surface  slip  observed 
in  SA  15-3  and  21S  at  approximately  8%  plastic  strain  and  illustrates  the  difference. 
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Figure  3.  The  effects  of  hydrogen  on  the  stress  and  strain  developed  in  TIMETAL  15-3 
and  TIMETAL  21S  in  the  (a)  solution  annealed,  (b)  peak  aged,  and  (c)  duplex  aged 
conditions. 
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Figure  4.  Surface  slip  lines  observed  in  solution  armealed  (a)  TIMETAL  15-3  and  (b) 
TIMETAL  21S  deformed  to  approximately  8%  plastic  strain  in  compression. 


The  fracture  mode  of  SA  15-3  was  relatively  insensitive  to  hydrogen  concentration. 
At  all  hydrogen  levels  investigated  SA  15-3  failed  by  microvoid  coalescence.  In  PA 
material  the  fracture  mode  of  15-3  was  also  microvoid  coalescence  at  all  constraint  and 
hydrogen  levels  investigated.  The  only  noticeable  effect  of  increasing  hydrogen  and 
constraint  was  to  decrease  the  depth  and  width  of  the  microvoids.  The  fracture  mode  of 
15-3  consists  of  fine  equiaxed  microvoids  up  to  its  highest  hardness  and  hydrogen 
concentration  (DA  to  Re  41,  3793  ppm  H)  where  the  fracture  mode  changed  to 
transgranular  ductile  tearing  as  shown  in  Figure  5. 


Figure  5.  Fracture  surfaces  from  TIMETAL  15-3  (a)  uncharged,  solution  annealed  and 
(b)  duplex  aged,  3700  wt.  ppm  hydrogen. 


In  contrast  to  15-3,  the  fracture  mode  of  SA,  PA,  and  DA  21S  changed  as  the 
hydrogen  concentration  was  increased  (Fig.  6).  The  fracture  mode  of  SA  21S  progressed 
from  large  microvoids  at  approximately  100  ppm  hydrogen  (Fig.  6a),  to  small  microvoids 
and  ductile  tearing  features  at  680  ppm  H,  and  finally  at  3000  ppm  to  flat  fracture 
characterized  by  three  distinct  fracture  modes;  1)  fine  voids  and  tearing  features  similar 
to  the  680  ppm  hydrogen  level,  2)  flat  transgranular  fracture,  and  3)  transgranular  fracture 
displaying  parallel  markings  (Fig.  6b).  These  parallel  markings  typically  extend  across  an 
entire  grain  diameter  and  are  consistent  with  hydrogen  induced  slip  band  fracture  which 
has  been  observed  in  hydrogen  charged  bcc  steels,  pure  nickel,  and  nickel  &  iron  base 
alloys,  [17-20].  The  difference  in  fracture  mode  between  individual  grains  is  believed  to 
be  caused  by  differences  in  slip  system  orientation  relative  to  the  tensile  axis. 
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The  fracture  mode  m  PA  21S  is  strongly  influenced  by  both  level  of  constraint  and 
hydrogen  concentration  as  detailed  elsewhere  [9].  At  the  highest  constraint  levels,  peak 
aged  21S  exhibits  a  duplex  microvoid  structure  in  the  uncharged'condition,  which 
progresses  to  a  mixture  of  intergranular  and  transgranular  fracture  as  H  concentration  is 
increased  (Fig.  6c).  The  flat  featureless  areas  of  4664  ppm  PA  2  IS  (Fig.  6d)  indicate  that 
some  slip  plane  decohesion  has  occurred.  Duplex  aged  21S  fails  by  ductile  tearing  at  75 
ppm  H  progressing  to  flat  fracture  characterized  by  elongated,  but  microscopically  ductile 
voids  at  3800  ppm  (Fig.  6e),  and  finally  by  cleavage  (Fig.  6f)  at  5600  ppm. 

Figure  6.  Fracture  modes  produced  in  TIMETAL  21S  at  a  constraint  level  of  1.43  and 
different  hydrogen  levels  and  heat  treatments  (a)  SA,  100  ppm,  (b)  SA  3000  ppm,  (c)  PA 
1000  ppm,  (d)  PA  3500  ppm,  (e)  DA  3800  ppm,  and  (f)  DA  5600  ppm. 
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Diffraction  spectra  taken  from  the  surfac^of  ^  ch^ged  PA  PLf 
surface  exposed  a  of  21S  spalled  off  while  that  of  15-3  did  not  (Fig.  7).  SpaUing  of  the 
a  phase  iL  previously  been  reported  by  Nakasa  in  Ti-6y^4V  dunng  electrochenncd 
hydrogen  charging  [21].  TIMETAL  15-3,  however,  ei^bited  some  evidence  of  M^dmg 
as  shown  by  diffraction  spectra  of  Figure  8.  Hydndmg  appe^s  to  be  a  phenome 
associated  with  surface  exposed  a  for  both  alloys  since  no  hydnde  pe^  were  detected 
in  the  interior  of  either  material  when  diffraction  spectra  were  taken  ^ter  serial  gnnding 
of  the  charged  surface.  Instead,  partitioning  of  hydrogen  to  the  »  was  suspected 
as  indicated  by  large  changes  in  the  6  lattice  parameter.  However,  this  does  not  preclude 
the  possibility  of  ^deformation  assisted  hydriding  or  localized  hydndmg  of  the  a/6 
interfaces  as  discussed  by  Boyd  [22]. 


Figure  7.  (a)  Diffraction  spectra  from  the  surface  of  peak  aged  TIMET^  21S  charged 
64  hours  in  HjS04  solution  and  (b)  SEM  micrograph  of  the  charged  surface  illustrating 

the  spalled  a  phase. 


Figure  8.  Diffraction  spectra  taken  from  the  surface  of  PA  TIMETAL  15-3,  charged  24 
hours  showing  the  a,  6,  and  ^  phase  peaks. 
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Discussion 


Embrittlement  appears  to  be  exacerbated  by  persistent  planar  slip  in  21S.  Slip 
behavior  is  dependent  on  both  alloy  composition  and  precipitate  morphology.  The  fact 
that  alloying  additions  affect  stacking  fault  energy  (SFE)  and  subsequent  slip  behavior  is 
well  known  but  the  authors  know  of  no  repmrts  of  the  effects  of  alloying  additions  on  SFE 
in  B-Ti  alloys.  Furthermore,  hydrogen  affected  fracture  modes  such  as  intergranular 
cracking  appear  to  be  primarily  affected  by  heat  treatment.  Alloying  elements  may  play 
a  secondary  role.  Both  L.M.  Young  and  Meyn  &  coworkers  have  produced  intergranular 
cracking  in  15-3  which  was  heat  treated  above  the  fl  transus  for  longer  times  than 
investigated  here  (e.g.  2  hours)  [10,23]. 

Heat  treatment,  specifically  solution  treatment  and  its  effects  on  the  resulting 
microstructure  and  slip  behavior  may  dominate  hydrogen  embrittlement  resistance  in 
metastable  6  titanium  alloys.  Solution  treatment  has  been  identified  as  the  controlling 
factor  in  hot  salt  stress  corrosion  cracking  susceptibility  of  the  metastable  6  alloy  Beta-Ill 
but  the  mechanism  of  embrittlement  was  not  discussed  [12].  Okada,  Banetjee,  and 
Williams  studied  the  transfer  of  slip  from  B  to  a  as  a  function  of  precipitate  morphology 
in  Ti-15V-3Cr-3Al-3Sn.  They  demonstrated  that  slip  initiates  in  the  B  phase  and  that 
parallel  a  plates  of  the  same  variant  (colony  type  structure)  allow  dislocations  to  shear  the 
a  phase  while  a  plates  of  differing  orientations  promote  homogeneous  slip  [24].  While 
TEM/SAD  experiments  have  shown  that  both  15-3  and  21S  exhibit  Burger’s  o  (i.e.  (110), 
II  (0001)^  [lll]g  I  [ll20]a)  [25],  high  magnification  SEM  of  PA  metallographic  specimens 
(Figure  9)  show  a  difference  in  the  size  and  orientation  of  the  a,  especially  at  the  grain 
boundaries  [10]. 

Figure  9.  High  magnification  SEM  micrographs  of  a  in  peak  aged  (a)  TIMETAL  15-3 
and  (b)  TIMETAL  21S  (from  ref  10). 

b) 


The  parallel,  linear  features  shown  on  the  fracture  surfaces  of  hydrogen  charged  21S 
in  the  SA  and  DA  conditions  (Figures  6b  and  6e)  and  previously  observed  in  hydrogen 
charged  PA  material  [9]  suggest  an  interaction  between  hydrogen,  slip,  and  fracture  mode. 
Hydrogen  segregation  to  dislocations  and  transport  along  slip  lines  is  well  documented  in 
bcc  metals  [26-27].  Recall  that  hydrogen  has  been  shown  to  partition  to,  and  is  relatively 
mobile  in,  the  bcc  lattice  which  provides  a  readily  available  source  for  hydrogen  pickup 
by  dislocations  and  possible  deposition  of  this  hydrogen  at  grain  boundaries  [9,28]. 

It  is  plausible  that  rather  than  ciystallographic  orientation,  physical  alignment  at  grain 
boundaries  and  coarseness  of  o  in  the  15-3  (which  has  nucleated  first  and  grown  for  a 
longer  time)  is  a  more  effective  slip  barrier  than  the  fine  a  of  the  21S.  A  greater 
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Albrecht  Thompson,  and  Bernstein  in  alummum  alloys  [29-32J. 

timftAL  21S  which  is  prone  to  planar  slip  (at  the  investigated  heat  treatment) 
s^rpla^e  Sid  intergranular  cracking  depending  on  microstructure, 

dlee  of  c^^^^  H 

easier  to  induce  exhibits  a  microvoid  rupture  fracture  mode  until  the  highest  streng*  an 

hXgentve^^^^^  where  the  fractographic  features  are  on  the  size  order  of 

Ihe  deformation  structure  seen  in  SA  material  as  shown  by  a  comparison  of  4a 

and  5b  Correlation  of  the  different  fracture  modes  with  the  mechamcal  properties 
:;:hibtd  S^Sach  Xoy  indicate  that  deformation  mode  strongly  influences  the  hydrogen 
effected  fracture  paths  and  subsequent  mechanical  properties. 

Hydrogen  has^previously  been  suggested  as  the  embrittling  species  in 
testing^  of  PA  6  titanium  alloys  [10-11].  Hydrogen-slip  interactions  may  explain  the 
suoerfor  EAC  resistance  of  PA  15-3  vs.  PA  21S  in  aqueous  sodium  chloride  solution  [1^ 
11]  L  M  Young  and  R.P.  Gangloff  have  suggested  that  dislocation  motion  is  a  requisi  ^ 
for  EAC  in  21S  Led  on  J-integral  resistance  curve  testing  conducted  at  varying  load-lme 
raL  and  -ripple' loaded  tesri  of  PA  15-3  and  21S  in  aq^ons  m 

TVifc  ctat<*mpnt  fits  well  with  the  observations  made  in  this  paper.  Consider  tn 
JJliduction  of  hydrogen  at  an  acidified  crack  tip  and  absorption  of  this  hydrogen  into  the 
fracture  process  zone  Under  a  "ripple"  load  designed  to  rupture  the  surface  oxide  film 
but  well  below  the  fatigue  iK  threshold  tor  crack  growth  in  moist 
the  metal  and  diffuses  through  the  lattice,  partitioning  pnmanly  to  the  »  “ 

is  highly  soluble.  Persistent  planar  slip  band  formation  does  not  occur,  however,  below 

"Sload“«ter.  where 

transported  irSocaUotis\nd  deposited  at  the 

where  it  is  trapped  and  promotes  intergranular  separation.  The  difference  in  the  tAC 
resistance  betSLn  15-3  Ld  21S  is  attributed  to  the  tendency  of  21S  toward  ^ar  slip 
fwhich  promotes  hydrogen  transport  over  long  distances  to  gram  boundanes).  Cross  sli^ 
S^h  h'TSlen  shown  to  occir  more  readily  in  SA  15-3  than  21S  retards  the  tr^port 
and  deposition  of  hydrogen  to  grain  boundaries  and  concurrently  lowers  local  hydrogen 
cLSoL  ^  dislocations  transport  hydrogen  to  newly  activated  slip  systems. 

Conclusions 

1  Hvdriding  of  a  large  volume  fraction  of  the  a  and  6  phases  is  not  required  for 
embrUtlement  to  occur  in  6  titanium.  Reduction  m  the  longitudinal 

strain  developed  in  solution  annealed  TIMETAL  21S  at  Mj-ogen  concentrations  <3^ 
wt.  ppm  suggest  that  the  6  phase  is  intrinsically  embrittled  by  hydrogen  especially  whe 
deformation  occurs  by  persistent  planar  slip. 

2  Embrittlement  is  a  function  of  hydrogen  concentration,  constraint,  a,nd  yield  strength 

for  material  (21S)  which  has  a  susceptible  microstructure.  Susceptible  ^ 

caused  by  excessive  solution  treatment  temperatures  which  remove 

nucleation  sites  from  grain  interiors,  delaying  the  onset  of  intragranular  o  preapitation. 
The  resulting  fine  o  precipitates  are  readily  sheared  by  dislocations,  promoting  ^  ^P’ 

^ncentraS  of  hydrogen  along  persistent  planar  slip  bands,  and  transport  of  hydrogen 

to  grain  boundaries. 
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3.  The  relationships  between  hydrogen  transport,  microstructure,  and  deformation 
behavior  described  in  this  paper  accurately  account  for  the  observed  effects  on  specimens 
which  were  precharged  with  hydrogen  and  tested  in  air  as  well  as  specimens  wWch.were 
simultaneously  polarized  and  tested  in  aqueous  chloride  environments.  This  correlation 
supports  a  hyckogen  embrittlement/dislocation  transport  mechanism  for  aqueous  saltwater 
stress  corrosion  cracking  of  metastable  fi  titanium  alloys. 
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Abstract 

The  effects  of  electrochemically  pre-dissolved  hydrogen  on  the  room  temperature 
mechanical  properties  of  Beta-C  titanium  (Ti-3Al-8V-6Cr-4Mo-4Zr,  wt%)  have  been 
investigated  using  circumferentially  notched  tensile  specimens.  The  as-received, 
solutionized  condition  (ay2%=830  MPa)  and  the  solutionized  +  peak  aged  condition 
((Ty  2%= 1280  MPa)  were  compared  to  define  the  relationships  between  the  fracture  process 
zone  hydrogen  concentration,  hydrogen-metal  interactions  (i.e.  trapping,  hydriding)  and 
the  resulting  mechanical  properties.  Finite  element  based  analysis  of  notch  stress  fields 
was  used  to  define  relationships  between  threshold  stress  for  crack  initiation  versus 
internal  hydrogen  concentration.  Solutionized  +  peak  aged  (B+a)  Beta-C  fractured 
intergranularly  at  total  hydrogen  concentrations  >1400  wt.  ppm.  Solutionized  Beta-C 
resisted  hydrogen  assisted  cracking  but  was  not  immune:  a  fracture  mode  resembling  slip 
line  fracture  was  observed  at  -4000  wt.  ppm.  and  cleavage  cracking  was  provoked  at  6900 
wt.  ppm.  A  comparison  of  the  hydrogen  trapping  behavior  between  solutionized  and 
solutionized  +  peak  aged  Beta-C  revealed  an  additional  trapping  state  in  the  aged 
condition.  However,  it  is  unclear  whether  the  additional  trapping  state,  or  some  other 
factor  such  as  yield  strength  controls  the  fi-acture  resistance. 
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Introduction 


Beta  titanium  alloys  are  embrittled  by  hydrogen,  as  demonstrated  by  smooth  specimen 
tensile  experiments  in  high  pressure  Hj  [1].  Ambient  to  elevated  temperature  hydrogen 
charging,  by  either  cathodic  polarization  or  gaseous  hydrogen,  followed  by  static  or 
monotonic  loading  at  room  temperature,  embrittles  solution  heat  treated  (ST)  and  solution 
heat  treated  and  age  hardened  (STA)  6-titanium  alloys  (i.e.,  Ti-30Mo,  Ti-15Mo-3Nb-3Al, 
Ti-15V-3Cr-3Al-3Sn  and  Ti-10V-2Fe-3Al,  wt.%),  as  determined  by  changes  in  tensile 
ductility,  cleavage  fracture  stress,  and  fracture  morphology  [2-5].  A  continuous  decrease 
in  the  fracture  stress  of  solution  heat  treated  Ti-30Mo  containing  20-1800  wt.  ppm 
hydrogen  occurred  without  the  formation  of  a  hydride  [3].  Similarly,  embrittlement  was 
observed  in  ST  and  STA  Ti-15Mo-3Nb-3Al  and,  to  a  lesser  extent,  Ti-15V-3Cr-3Al-3Sn 
at  >  500  wt.  ppm  hydrogen  without  detection  of  hydriding  by  X-ray  diffraction  (XRD).  A 
decrease  in  bending  strength  was  observed  for  both  ST  and  STA  Ti-13V-l  lCr-3Al,  without 
detection  of  hydriding  in  either  the  a  or  6  phase,  at  hydrogen  concentrations  up  to  15,000 
wt.  ppm  [6].  A  {100}  cleavage  plane  was  identified  on  flat  fracture  surfaces  in  both  the 
solution  annealed  and  aged  (6  +  a)  conditions.  However,  the  fct  e  hydride  was  detected  in 
Ti-13V-llCr-3Al  under  extreme  autoclave  conditions  at  hydrogen  concentrations  on  the 
order  of  40,000  ppm  [6]  and  ST  Ti-30Mo  was  extrinsically  embrittled  through  the 
formation  of  the  fee  S  hydride  containing  66  at%  hydrogen  [7].  Hydrogen  was  also 
implicated  in  the  aqueous  cracking  of  aged  6-titanium  alloy  Beta-C  (Ti-3Al-8V-6Cr-4Mo- 
4Zr)  [8].  In  this  study,  embrittlement  was  only  observed  when  pre-cracked  specimens  were 
cathodically  polarized  in  H2S  containing  acidified  chloride  solutions.  Previous  studies  of 
q:-6  and  metastable  6-titanium  alloys  in  aqueous  solutions  also  attribute  aqueous 
environmental  cracking  to  a  hydrogen  environment  assisted  cracking  mechanism  [9-11]. 
A  {100}  cleavage  plane  [12]  and  intergranular  separation  [12,13]  have  been  observed,  '^e 
relationships  between  beta  phase  hydrogen  concentration  and  ductile  to  brittle  transition 
temperature  (DBTT)  in  Ti-15Mo-3Al-3Nb  (Beta-21S)  as  well  as  Ti-15V-3Cr-3Al-3Sn  has 
been  established  for  smooth  tensile  specimens  [2].  Hence,  it  is  reasonable  to  conclude  that 
many  reports  of  environmentally-induced  cleavage  fracture  in  metastable  bcc  6-titanium 
are  a  result  of  hydrogen-induced  shifts  in  the  ductile  to  brittle  transition  temperature 
(DBTT)  above  the  mechanical  test  temperature.  Intergranular  cracking,  however,  suggests 
a  different  controlling  mechanism. 

Exposure  of  6-titanium  alloys  at  elevated  temperature  to  gaseous  hydrogen  followed  by 
fracture  at  room  temperature  can  result  in  other  complicating  effects.  Here  a  competition 
exists  between  the  rate  of  hydrogen  accumulation  to  lower  the  beta  transus  below  the 
charging  temperature  and  the  kinetics  of  diffusional  phase  transformations  operative  in 
the  metastable  titanium  system  (e.g.  6-><i)-»a,  6-+6'-+a).  One  effect  of  dissolved  hydrogen 
is  alloy  softening  due  to  6  phase  stabilization  and  the  retardation  of  a  and  o  precipitation 
[1,4,14].  Consequently,  possible  hydrogen  interactions  in  the  metastable  Beta-Ti  system 
include  (a)  microstructural  effects,  (b)  extrinsic  hydrogen  effects:  cleavage  and  hydriding, 
and  (c)  intrinsic  hydrogen  embrittlement  in  which  trapping  can  play  a  part.  Elevated 
temperature  gaseous  charging  is  not  directly  relevant  to  the  room  temperature 
environmental  hydrogen  embrittlement  of  ST  and  STA  6-titanium  where  hydrogen  uptake 
occurs  from  either  cathodic  charging  at  near  ambient  temperatures  or  dynamic  straining 
in  an  aqueous  hydrogen  producing  environments.  Here  microstructural  effects  are  not 
operative  and  hydrogen  trapping  may  play  a  role.  At  room  temperature  a  variety  of 
intrinsic  hydrogen  induced  fracture  paths  are  possible  in  Ti-15Mo-3Al-3Nb  (Beta-21S)  as 
well  as  Ti-15V-3Cr-3Al-3Sn  depending  on  hydrostatic  constraint  and  hydrogen 
concentration  including  (a)  intergranular,  (b)  slip  band  and  (c)  hydrogen  affected 


microvoid  initiation,  growth  and  linkage  [5,15]. 

This  paper  seeks  to  define  the  effects  of  a  range  of  internal  hydrogen  concentrations  on 
the  room  temperature  mechanical  properties  of  ST  and  STA  beta  titanium  alloy  Ti-3A1- 
8V-6Cr-4Mo-4Zr  (Beta-C).  Here,  electrochemical  pre-charging  ST  or  STA  material  is 
conducted  near  ambient  temperature  to  avoid  the  complications  of  hydrogen  induced  B 
phase  stabilization  common  to  high  temperature  gaseous  charging  studies.  Mechanical 
testing  of  pre-charged  specimens  is  performed  in  air,  to  decouple  hydrogen  effects  from 
other  aqueous  embrittlement  mechanisms  which  may  complicate  in-situ  stress  corrosion 
cracking  studies.  The  strong  permeation  barrier  provided  by  the  titanium  oxide  is 
exploited  to  minimize  outgassing  of  precharged  hydrogen  during  the  duration  of  these 
tests.  We  seek  to  understand  the  origins  of  the  difference  in  HE  susceptibilities  for  B  and 
6  +  a  microstructures.  In  particular,  analysis  of  the  possible  role  of  hydrogen  trapping 
sites  is  presented  to  aid  in  elucidating  differences  between  ST  and  STA  material. 

Materials  and  Procedures 


Titanium  Alloy 

The  composition  of  the  Beta-C  alloy  studied  was  3.42A1,  8.30V,  5.86Cr,  4.44Zr,  12Nb, 
4.12MO,  <.l  O,  C,  N,  and  Fe  in  wt%.  The  product  was  provided  as  a  hot-rolled,  4.1  cm 
diameter  round  bar  that  was  solutionized  above  the  B  transus  and  air  cooled.  The  two 
conditions  examined  were  the  as  received  beta  solutionized  form,  (Ih  at  815°C,  ffy  2%=830 
MPa),  and  the  beta  solutionized  +  peak  aged  condition  (30h  at  500“C,  ay  2%=1280  MPa). 

Metallography  conducted  on  three  mutually  perpendicular  surfaces  of  the  ST  material 
revealed  equiaxed  beta  grains  85  /xm  in  diameter.  Decoration  aging  at  500‘’C  for  Ih 
confirms  intragranular  precipitation  of  the  a  phase.  High  magnification  scanning  electron 
microscopy  (SEM)  performed  on  the  decoration  and  peak  aged  materitil  revealed 
homogeneous  a  precipitation  within  the  grains  and  a  very  limited  amount  of  grain 
boundary  a.  The  presence  of  a  thin  a  film  (.1  /xm)  at  the  grain  boundary  as  observed  in 
Beta-21S  and  Ti-15-3  has  not  as  yet  been  verified  by  transmission  electron  microscopy  [16]. 

Hydrogen  Charging 

ST  and  STA  specimens  were  pre-charged  with  hydrogen  in  a  solution  of  1000  ml  distilled 
H2O,  10  ml  H2SO4  and  .8g  Na2P704  at  90°C.  Hydrogen  uptake  was  promoted  by 
cathodically  polarizing  the  specimen  galvanostatically  using  a  PAR  Model  362  potentiostat 
and  a  platinized  Nb  counter  electrode.  The  concentration  of  predissolved  H  was 
controlled  by  varying  the  applied  cathodic  current  density  from  .1  to  10  mA/cw?  while 
mamtaining  a  constant  charging  time  of  64h.  Fickian  diffusion  calculations  using  a 
diffusion  coefficient  of  1.9x10''^  cm^/sec  for  H  in  S  Ti  at  90°C  assures  that  a  nearly 
homogeneous  concentration  exists  across  a  cylindrical  diameter  of  .42  cm  for  this  charging 
time  [17].  The  total  H  concentration  was  determined  via  a  hot  vacuum  extraction  method 
by  LECO  Corporation.  All  total  hydrogen  concentrations  were  determined  from  sections 
taken  from  machined  rods  or  from  the  fractured  tensile  bars  and  give  a  maximum 
uncertainty  of  ±20  wt.  ppm. 


Mechanical  Testing 

The  tensile  testing  was  conducted  on  round,  circumferentially  notched  bars  with  a 


diameter  of  .417  cm  remote  from  the  notch,  a  minimum  diameter  of  .241  cm  at  the  notch 
root  and  a  notch  root  radius  of  .054  cm.  The  resulting  constraint  factor  (1.02)  is  sufficient 
to  trigger  hydrogen  assisted  cracking  in  Beta-21S  [18].  Tensile  testing  was  conducted  at 
a  constant  stroke  rate  of  2x10'^  cm/sec.  This  stroke  rate  has  been  shown  in  prior  studies 
to  be  sufficiently  slow  to  observe  embrittlement  in  Ti-based  alloys  [18-20]. 

A  computer  program  which  employs  an  ABACUS  finite  element  calculation  was  used  to 
obtain  the  distribution  of  stresses  across  the  notch  diameter  at  the  maximum  applied 
remote  stress  measured  during  each  mechanical  test.  Following  Hancock  [21],  this 
maximum  in  load  prior  to  a  load  drop  was  assumed  to  indicate  crack  initiation.  Also, 
crack  initiation  was  assumed  to  occur  at  the  position  of  the  maximum  longitudinal  stress. 
This  value  of  stress  was  used  to  establish  the  relationship  between  fracture  stress  and  total 
hydrogen  concentration. 

Fracture  surfaces  were  investigated  using  a  JOEL  scanmng  electron  microscope  at  a 
working  distance  of  39  mm  in  SEI  mode.  The  fractographs  presented  represent  the 
fracture  surfaces  at  the  location  of  crack  initiation,  which  was  assumed  to  be  the  position 
of  the  maviTmim  longitudinal  stress  given  by  the  finite  element  analysis. 

Thermal  Desorption  Spectroscopy 

A  thermal  desorption  spectroscopy  (TDS)  system  designed  and  developed  at  the  University 
of  Virginia  was  used  to  investigate  the  H  trapping  behavior  of  both  ST  and  STA  B-C  Ti. 
A  schematic  of  the  system  is  shown  in  Figure  1.  Rods  .24  cm  in  diameter  were  charged 
64h  at  cathodic  current  densities  which  yielded  hydrogen  concentrations  (€„)  of  5650  wt. 
ppm  for  the  ST  material  and  1750  wt.  ppm  for  the  STA  condition.  Desorption  data  was 
collected  over  a  temperature  range  from  30°C  to  SPO^C  at  constant  heating  rates  of  .5,  2, 
5  and  10  °C/min.  The  uncharged  condition  was  studied  using  constant  heating  rates  of  2 
and  5  °C/min  only.  Ch  was  186  wt.  ppm  for  the  uncharged,  ST  condition  and  89  wt.  ppm 
for  the  uncharged,  STA  condition.  The  detrapped  and  desorbed  was  monitored  mass 
selectively  in  the  form  of  and  pressure  by  a  Dycor  quadrapole  gas  analyzer  (QMS) 
and  converted  to  desorption  rate  using  the  known  cracking  patterns  and  H  pumping  speed. 
Asymmetrical  double  sigmoidal  peak  fitting  was  performed  and  was  used  to  identify  and 
deconvolute  overlapping  trapping  states.  Total  hydrogen  concentrations  determined  by 
LEGO  subsequent  to  TDS  shows  that  all  but  a  residual  amount  equal  to  6-10  wt.  ppm 
hydrogen  is  desorbed  during  TDS. 

X-Rav  Diffraction 

XRD  was  performed  on  charged  TDS  samples  in  order  to  determine  the  shift  the  6  lattice 
parameter  (Aa)  with  hydrogen  concentration  in  the  B  lattice  ([H]b).  The  increase  in  lattice 
parameter  from  the  uncharged  condition  is  linearly  related  to  the  concentration  of 
hydrogen  in  the  B  lattice.  XRD  was  performed  on  a  Scintag  automated  diffractometer 
utilizing  Cu  K„  radiation  and  continuously  scanned  over  a  2e  range  of  38  to  40  degrees 
at  .1  °/min.  The  (110)  B  lattice  peak  was  used  to  determine  Aa.  The  change  in  metal 
volume  with  atomic  hydrogen  concentration  (Au)  is  similar  for  many  alloy  systems  and  the 
values  found  in  the  literature  range  from  2.9  A^/atom  for  various  hep,  fee  and  bcc  alloys 
[22]  to  2.31  AVatom  for  the  B  Ti  alloy  Ti-30Mo  [23].  The  relationship  between  Aa  and 


[H]b  is  given  by: 


(1) 


Av 
P  3Q 


where  [HJg  is  the  ratio  of  hydrogen  atoms  to  metal  atoms  in  the  6  phase,  ao  is  the  lattice 
pmameter  in  the  uncharged  condition  and  n  is  the  mean  atomic  volume  of  the  metal  (e.g., 
ao^/2).  Hence,  whereas  LECO  gives  total  concentrations  that  include  contributions  from 
all  phases  present  and  trapped  hydrogen,  Aa  can  be  used  to  determine  the  true  6  lattice 
hydrogen  concentration. 


Results  and  Discussion 
Mechanical  Behavior  with  Hydrogen 

The  maximum  longitudinal  stress  as  a  function  of  Cjj  for  heat  treatments  is  shown  in 
Figure  2.  The  STA  material  showed  a  large  decrease  in  the  local  longitudinal  stress  at 
crack  initiation  as  Ch  was  increased  to  approximately  1500  wt.  ppm.  The  ST  material, 
however,  did  not  show  a  decrease  in  the  local  initiation  stress  until  Ch  was  increased  to 
at  least  2580  wt.  ppm. 

Figure  3  shows  the  fractography  for  selected  hydrogen  concentrations.  Regarding  the  STA 
material,  five  distinct  fracture  modes  were  observed.  In  the  uncharged  condition,  cracking 
initiated  primarily  by  transgranular  microvoid  coalescence  (MVC).  Avery  limited  amount 
of  ductile  cracking,  possibly  at  planar  slip  bands,  was  also  observed.  At  a  level  of 
approximately  430  wt.  ppm,  the  portion  of  fracture  area  associated  with  ductile  slip  line 
fracture  increased  and  a  different  flat,  transgranular  fracture  mode  was  observed  (Figure 
3(a)).  Microscopically  ductile  features  were  observed  on  these  transgranular  surfaces 
when  viewed  at  higher  magnification  (lOOOx).  Also,  linear  markings  that  could  correspond 
to  slip  bands  are  visible  on  these  surfaces.  The  spacing  of  these  linear  markings  are 
consistent  with  slip  lines  observed  subsequent  to  compression  testing  of  electropolished 
cubes  [18]. 

The  large  decrease  in  the  local  maximum  longitudinal  stress  with  hydrogen  correlated  with 
the  introduction  of  an  intergranular  fracture  mode  at  a  Ch  of  approximately  1500  wt.  ppm 
(Figure  3(b)).  The  previously  described  fracture  modes  were  also  present  in  small 
amounts,  and  linear  markings  resembling  slip  lines  due  to  similar  spacing  were  present  on 
some  of  the  intergranular  facets,  which  also  revealed  some  microscopic  ductility  at  higher 
magnification.  At  greater  than  2000  wt.  ppm  hydrogen,  a  transgranular,  microscopically 
ductile  yet  macroscopically  brittle  fracture  mode  dominated  the  surface.  At  3000  wt.  ppm 
or  greater  cleavage  was  observed  (Figure  3(c)). 

At  hydrogen  concentrations  greater  than  3000  wt.  ppm  where  cleavage  is  observed,  it  is 
presumed  that  the  DBTT  has  been  increased  to  above  room  temperature,  resulting  in 
lower  shelf  behavior.  Nelson  related  the  DBTT  to  Ch  for  solutionized  Beta-21S  [24]. 
However,  this  relation  cannot  be  directly  applied  to  STA  material  without  taking  into 
account  hydrogen  partitioning  between  the  6  and  a  phases.  Calculations  were  performed 
to  estimate  the  concentration  in  the  R  lattice  of  an  aged  alloy  containing  50  vol%  a 
saturated  to  200  wt.  ppm  hydrogen.  [25]  The  calculated  H  concentration  in  the  R  phase 
was  approximately  twice  the  total  hydrogen  concentration.  Using  Nelson’s  relation,  a 
DBBT  of  51°C  is  calculated  for  a  total  hydrogen  concentration  of  3000  wt.  ppm. 


substantiating  that  we  are  indeed  observing  lower  shelf  behavior  at  these  hydrogen 
concentrations. 

Four  major  fracture  modes  are  observed  for  the  ST  material  (Figure  4),  In  the  uncharged 
condition,  the  material  separates  by  transgranular  microvoid  processes.  As  Ch  was 
increased  to  500  wt.  ppm,  a  flat  transgranular  mode  was  observed  (Figure  4(a)).  This 
mode  was  similar  to  that  observed  in  the  STA  material  except  that  the  extent  of 
microscopic  ductility  was  greater  and  linear  features  resembling  slip  lines  were  not 
observed.  At  hydrogen  concentrations  of  4100  wt.  ppm,  ductile  failure  along  slip  bands 
was  the  predominant  fracture  mode  (Figure  4(b)).  This  indicates  that  ST  Beta-C  was 
resistant  but  not  immune  to  HE  at  concentrations  below  levels  which  produce  cleavage. 
Lastly,  a  cleaved  fracture  surface  was  observed  at  approximately  6900  wt.  ppm  (Figure 
4(c)). 

Thermal  Desorption  Spectroscopy  and  X-Rav  Diffi-action 

Figures  5(a)  and  5(b)  show  the  peak  fits  for  TDS  experiments  conducted  at  .5  “C/min,  for 
the  ST  and  STA  conditions,  respectively.  The  peak  fits  are  more  accurate  at  the  slowest 
ramp  rate  due  to  the  slightly  greater  peak  separation.  After  fitting  the  data,  three  distinct 
trapping  states  are  observed  for  the  ST  condition  (labelled  1-3)  and  four  trapping  states 
are  observed  for  the  STA  condition  (labelled  1-4).  It  should  be  noted  that  one  of  the 
trapping  states  corresponds  to  lattice  hydrogen  in  the  B  matrix.  This  hydrogen  is  retained 
in  the  lattice  until  such  temperatures  because  of  the  Ti02  surface  oxide  which  act  as  a 
permeation  barrier  [26]. 

The  other  microstructural  trap  sites  remain  unidentified  as  yet.  However,  comparison  of 
the  fractions  of  the  total  hydrogen  concentration  associated  with  each  peak  (Table  I)  were 
made  with  upper  bound  calculations  of  the  expected  H  concentration  at  particular  traps 
(Ch^).  In  this  preliminary  work,  the  absolute  concentrations  derived  from  the  QMS  are 
not  well  calibrated.  Instead,  the  concentrations  associated  with  each  peak  were 
determined  by  multiplying  the  fractional  area  occupied  by  each  peak  with  the  total 
hydrogen  concentration  measured  independently  by  LECO.  Calibration  uncertainties  do 
not  affect  this  approach. 

Table  I-Measured  Hydrogen  Concentrations  Associated  With  Peaks  in  Figure  5. 


ST 

Peak  # 

Measured  Ch^  wt. 
ppm*,  (fraction  of 
total  H) 

STA 

Peak  # 

Measured  C^^  wt. 
ppm*,  (fraction 
of  total  H) 

1 

214,  (.04) 

1 

280,  (.16) 

2 

5019,  (.89) 

2 

578,  (.33) 

3 

417,  (.07) 

3 

752,  (.43) 

- 

- 

4 

140,  (.08) 

*Hydrogen  concentrations  are  given  in  gH  per  g  of  alloy  sample  (i.e.,  per  g  P  in  the  ST  case  and  per 
g  (a  +  P)  in  the  STA  case). 

XRD  was  performed  in  order  to  determine  the  concentration  in  the  R  lattice.  For  the  ST 
material  (uncharged),  a^  was  measured  to  be  3.2442A.  The  shift  in  lattice  parameter 


correlates  with  a  hydrogen  concentration  which  can  range  from  4790  to  6010  wt.  ppm 
based  on  the  range  of  values  found  for  Au  in  the  literature.  This  agrees  with  the 
concentration  given  by  peak  #2. 

For  the  STA  material  (uncharged)  a^,  was  measured  to  be  3. 2 173 A  and  the  lattice 
parameter  shift  gives  a  H  concentration  of  740  to  930  wt.  ppm  per  unit  S,  or  gH  per  10* 
g  of  S  phase.  However,  in  order  to  compare  to  the  results  given  by  TDS,  the 
concentration  must  be  converted  to  gH  per  10*  g  of  a+S.  Assuming  50  vol%  a,  we  would 
expect  the  S  lattice  desorption  peak  to  give  a  hydrogen  concentration  of  380  to  480  wt 
ppm.  This  concentration  is  in  between  the  concentrations  associated  with  peak  #1  and 
peak  §2. 

The  similarity  in  T^j,^  for  the  high  temperature  peak  in  both  the  ST  (peak  #3)  and  STA 
condition  (peak  #4)  indicate  a  microstructural  trap  site  common  to  both  conditions.  This 
trapping  state  also  corresponds  to  the  same  desorption  peak  observed  in  the  uncharged 
condition  of  both  ST  and  STA  material.  Speculatively,  a  point  defect  site  in  the  6  lattice 
is  implicated.  Furthermore,  the  0  and  N  concentrations  in  this  material,  (800  and  160  wt. 
ppm  respectively),  are  in  agreement  with  the  concentrations  associated  with  peak  #3  (ST) 
and  peak  #4  (STA)  assuming  one  H  atom  associated  with  each  impurity  atom. 

Upper  bound  calculations  can  be  performed  to  determine  the  H  concentration  arising 
from  trapping  at  the  a/S  interfaces  assuming  50  vol%  a.  The  resulting  hydrogen 
concentration  (0^“'®)  would  be  approximately  73  wt.  ppm.  For  hydrogen  trapping  at 
dislocations,  the  calculated  concentration  (Cjj-^)  is  35  wt.  ppm  for  a  dislocation  density 
of  10^^  cm'^  We  see  from  Table  I  that  the  measured  concentrations  are  larger  than  that 
expected  for  ce/S  interface  and/or  dislocation  trapping.  [25] 

Trapping  at  the  metal/oxide  interface  was  considered: 

=  .033  M*.  ppm  © 

i4 

where  A.=number  of  trap  sites  per  unit  area  ({011}  type  plane  assumed) 

2A= specimen  surface  area  (doubled  due  to  surface  roughness) 

0= fraction  of  sites  occupied  by  H  (assumed  to  be  1) 
nH=atomic  weight  of  hydrogen  (1.0079  g/mole) 

N^=  Avogadro’s  number 
M= specimen  mass 

From  Table  I  it  is  seen  that  the  measured  concentrations  are  too  large  to  be  associated 
solely  with  trapping  at  the  oxide/metal  interface. 

Spalling  of  the  a  phase  of  the  charged  surfaces  of  the  STA  material  is  attributed  to  the 
18%  volume  expansion  associated  with  hydriding  [25,27].  However,  internal  hydriding  of 
the  STA  material  was  not  observed  by  XRD.  TDS  performed  on  hydrided  Grade  2 
titanium  foil  shows  that  the  temperature  at  which  the  hydride  decomposes  is  within  the 
temperature  range  over  which  the  desorption  peaks  occur  for  Beta-C.  Assuming  that  the 
volume  fraction  of  hydride  is  below  the  XRD  detection  limit  of  approximately  2  vol% 
hydride,  a  calculation  of  the  H  measured  from  the  decomposition  of  a  small  amount  of 


TiH2  during  the  temperature  ramp  can  be  calculated: 


C”=(10'’) 


(2«^+«j5)M 


=  656  wt.  ppm 


(3) 


where  V= specimen  volume 

p^= hydride  density  (3.9g/cm^) 

These  results  indicate  that  the  hydriding  of  a  small  amount  of  a.  and  its  subsequent 
decomposition  cannot  be  ruled  out  as  a  source  for  one  of  the  observed  desorption  peaks 
(peak  #2  or  #3). 

Although  an  additional  trapping  state  is  observed  in  the  STA  material,  it  cannot  be 
concluded  that  the  differences  in  susceptibility  between  ST  and  STA  Beta-C  is  solely 
related  to  the  presence  of  this  trapping  state.  In  order  to  improve  the  resolution  of  the 
thermal  desorption  spectra  so  that  the  smaller  desorption  peaks  can  be  studied  with 
accuracy  and  in  more  detail,  the  6  lattice  hydrogen  concentration  must  be  reduced. 
Future  testing  will  involve  baking  the  samples  prior  to  TDS  analysis  to  reduce  this 
concentration  while  retaining  hydrogen  trapped  in  sites  of  higher  binding  energy. 

Conclusions 


•  The  STA  material  shows  a  large  decrease  in  the  maximum  longimdinal  stress  at 
hydrogen  concentrations  of  approximately  1500  wt.  ppm.  The  evolution  of  fracture 
mode  with  increased  hydrogen  concentration  progresses  from  transgranular 
microvoid  coalescence,  ductile  slip  line  fracture  and  a  less  ductile  transgranular 
fracture,  to  intergranular  fracture  at  1500  wt.  ppm.  At  higher  concentrations  a 
granulated  fracture  surface  appears  followed  by  cleavage  fracture  observed  at  3000 
wt.  ppm. 

•  The  ST  material  shows  a  decrease  in  the  maximum  longitudinal  stress  above  a 
concentration  of  approximately  2600  wt.  ppm.  The  fracture  mode  here  is 
characterized  by  microvoid  coalescence  and  a  less  ductile  transgranular  fracture 
with  increasing  hydrogen.  Ductile  slip  line  fracture  appears  at  4100  wt.  ppm 
hydrogen.  Cleavage  fracture  is  observed  at  approximately  6900  wt.  ppm. 

•  The  similarity  of  T^^^  ^8^  temperature  peak  in  both  the  ST  and  STA 

condition  indicate  a  microstructural  trap  site  common  to  both  conditions. 

•  The  microstructural  trap  sites  remain  unidentified  as  yet.  However,  calculations 
indicate  the  following: 

(1)  Measured  concentrations  are  too  large  to  be  associated  with  trapping  at  the 
oxide/metal  interface. 

(2)  The  concentrations  measured  by  XRD  are  consistent  with  the  concentration 
associated  with  peak  #2  in  the  ST  desorption  spectrum. 

(3)  Although  bulk  hydriding  in  the  STA  material  was  not  detected  with  x-ray 
diffraction,  the  concentrations  measured  are  on  the  order  of  that  calculated 
assuming  the  decomposition  of  a  small  amount  of  hydride  during  TDS  (<2vol.%). 
Also,  the  concentrations  in  the  S  lattice  determined  by  XRD  for  the  STA  material 
can  account  for  either  peak  #1  or  #2  in  the  STA  desorption  spectram  but  suggests 
the  presence  of  a  small  amount  of  hydride  as  one  of  the  remaining  peaks. 
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Figure  1  -  Schematic  of  the  thermal  desorption  spectroscopy  system 
developed  at  the  University  of  Virginia. 
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Figure  2  -  Maximum  longitudinal  stress  at  crack  initiation  as  a  function  of  the  total 
internal  hydrogen  concentration  for  ST  and  STA  Beta-C. 


Figure  3  -  SEM  fractographs  of  ST  Beta-C  circumferentially  notched  tensile  bars 
charged  to  total  hydrogen  concentrations  of  (a)  620  wt.  ppm,  (b)  4100  wt.  ppm  and 
(c)  6920  wt.  ppm. 
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Figure  4  -  SEM  fractographs  of  STA  Beta-C  circumferentially  notched  tensile  bars 
charged  to  total  hydrogen  concentrations  of  (a)  430  wt.  ppm,  (b)  1380  wt.  ppm  and 
(c)  3020  wt.  ppm. 
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Figure  5  -  Desorption  spectra,  peak  fit  and  constituent  peaks  at  a  constant  temperature  rate 
of  .5  °C/min  for  (a)  ST  and  (b)  STA  Beta-C. 
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ABSTRACT 


Research  was  undertaken  to  characterize  the  effect  of 
sulfate-reducing  bacteria  (SRB)  on  aqueous  environment- 
enhanced  fatigue  cracking  in  a  high-strength  alloy  steel. 
Desulfovibrio  vulgaris  in  Postgate  C  solution  greatly 
increased  rates  of  ambient-temperature  fatigue  crack 
propagation  (FCP)  in  tempered  martensitic  HY1 30  steel 
(MIL-S-24371A)  under  cathodic  polarization  and  low- 
frequency,  constant  stress  intensity  range  (AK)  loading.  Crack 
growth  rates  (da/dN)  in  the  SRB  solution  increased  50-  to 
1,000-fold  relative  to  FCP  in  sterile  sodium  chloride  (Nad) 
solution  at  -1,000  mVgce  and  under  vacuum,  respectively. 

The  presence  of  microbes  shifted  fatigue  cracking  from  a 
transgranular  path  (typical  in  sterile  Nad)  to  an  intergranular 
crack  path  consistent  with  the  enhanced  growth  rates.  The 
SRB  reduced  fatigue  crack  initiation  resistance,  countering 
the  beneficial  effect  of  cathodic  polarization  for  sterile  Nad. 
Metal  embrittlement  and  increased  hydrogen  uptake  at  the 
occluded  crack  tip  caused  by  bacterially  produced 
hydrosulfide  (H^)  and  sulfide  (ff-)  ions  were  implicated.  SRB 
did  not  appear  to  colonize  the  occluded  alkaline  crack  tip.  At 
constant  AK,  transient  environmental  FCP  in  the  SRB  solution 
was  substantial  and  was  most  likely  a  result  of  tipie- 
dependent  bacterial  growth  and  enhanced  metaholically 
produced  sulfides.  Other  time-dependent  hydrogen  sources 
may  have  been  important. 


“  Submitted  for  publication  April  1993;  in  revised  form,  October  1993. 

•  Department  of  Materials  Science  and  Engineering,  University  of  Virginia. 
Charlottesville,  VA.  22903. 
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INTRODUCTION 


Reduced  sulfur  (S)  species  dissolved  in  aqueous 
chloride  solution  have  been  shown  to  have  the  most 
deleterious  effect  on  environment-enhanced  fatigue 
crack  propagation  (FCP)  in  steels  of  the  variables 
studied  to  date.’  In  conjunction  with  cathodic 
polarization,  gaseous  hydrogen  sulfide  (HaS)  in 
chloride  solution  increased  FCP  rates  in  low-strength, 
carbon  (C)-manganese  (Mn)  steels  by  300-fold  over 
rates  in  vacuum.^  This  dramatic  increase  ovenwhelms  a 
15-fold  increase  in  growth  rates  for  freely  corroding 
specimens  in  seawater  and  a  40-fold  increase  for  FCP 
under  cathodic  protection.^  Sulfide-bearing 
environments  also  degrade  the  monotonic  load 
cracking  (stress  corrosion  cracking  [SCC])  resistance 
of  steels,  particularly  for  higher  strength  levels.**  S 
species  are  present  in  sour  gas  wells  and  papermaking 
process  solutions.  They  also  develop  as  a  result  of  the 
metabolic  action  of  sulfate-reducing  bacteria  (SRB).®'^ 
The  deleterious  effect  of  SRB  on  FCP  in  C-Mn 
steels  has  been  documented.®  ’®  However,  data  and  a 
mechanistic  understanding  have  been  limited. 

Thomas,  et  al.,  showed  decomposition  of  marine  algae 
in  estuary  silt  by  SRB  led  to  a  60-  to  120-fold  increase 
in  FCP  rates  under  free  corrosion  conditions  or  under 
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mild  cathodic  polarization.®  SRB  effects  on  cracking  in 
moderate-  to  high-strength  alloy  steels  have  not  been 
characterized.'" 

An  understanding  of  SRB  effects  has  been 
hindered  by  several  factors.  Fatigue  experiments 
generally  yield  steady-state  cracking  kinetics  and 
neglect  transient  growth  rates.  The  bacterial 
environment  chemistry  generally  changes  with  time  as 
the  bacteria  population  progresses  through  different 
growth  stages.’®  '®  The  chemical  composition  of  the 
solutions  is  complex,  biologically  and  electrochemi- 
cally,  SRB  may  populate  test  chamber  surfaces,  boldly 
exposed  fatigue  specimen  surfaces,  and  areas  within 
the  occluded  crack.  The  relative  importance  of  SRB  at 
each  location  has  not  been  defined.  Finally,  the  basic 
chemomechanical  mechanisms  for  environment- 
enhanced  fatigue  cracking  have  not  been  quantified, 
even  for  steels  in  sterile  sodium  chloride  (NaCI) 
solutions.’  Both  anodic  dissolution  and  cathodic 
hydrogen  production  processes  are  important. 

Cathodic  protection  is  used  to  retard  both  general 
corrosion  and  fatigue  crack  initiation  (FCI)  in  steels 
exposed  to  sterile  and  SRB-containing  marine  environ¬ 
ments.’’^’®  Protection  against  general  corrosion  in 
SRB  environments  requires  larger  applied  cathodic 
potentials  than  in  sterile  solutions,’®'’®  supporting  the 
cathodic  depolarization  theory  of  SRB-influenced 
corrosion.  Since  SRB  prefer  near-neutral  pH,  the  local 
alkalinity  produced  by  cathodic  polarization  might 
retard  their  growth.’®  The  anodic  reaction  rate  (iron  [Fe] 
dissolution)  also  is  decreased  by  cathodic  polarization. 
The  contributions  of  each  effect  have  not  been 
delineated.  Cathodic  polarization  effects  on  FCP  are 
complex  in  sterile  environments’  and  have  not  been 
characterized  for  biologically  inoculated  solutions. 

The  objectives  of  the  present  work  were  to 
characterize  the  effect  of  SRB,  including  the  influence 
of  cathodic  polarization,  on  environmental  FCP  in  an 
alloy  steel  of  moderate  strength  and  to  assess  the 
probable  locations  of  embrittling  bacteria  colonies  and 
their  metabolites  with  respect  to  the  fatigue  crack  tip 
process  zone. 

EXPERIMENTAL  PROCEDURE _ 


Material 

Quenched  and  tempered  HY130  alloy  steel  (Fe, 
0.1%  C,  0.4%  Mn,  5.3%  nickel  [Ni],  0.5%  chromium 
[Cr],  0.6%  molybdenum  [Mo],  0.2%  silicon  [Si],  and 
0.06%  vanadium  [V]  by  wt%:  MIL-S-24371  A)  was 
investigated.  Oversized  specimen  blanks  were 
austenitized  at  830°C  for  90  min  in  flowing  argon  (Ar), 
water-quenched,  and  tempered  in  a  salt  bath  at  610°C 
for  60  min  to  produce  a  Rockwell  hardness  (HRC)  of 
33,  a  prior  austenite  grain  size  of  30  jim,  and  a 
calculated  tensile  yield  strength  of  1 ,040  MPa." 


Fatigue  Crack  Growth  Rate  Measurement 

Fracture  mechanics  single-edge,  notched  tension 
(SENT)  specimens  (5.1  mm  thick  and  38.1  mm  wide 
with  an  edge  notch  1 0.2  mm  deep)  in  the  long 
transverse  (LT)  orientation  were  used  for  fatigue  crack 
growth  rate  (da/dN)  measurements.  Pin  gripping  with 
free  rotation  and  maximum  load  levels  were  consistent 
with  the  boundary  conditions  of  the  stress  intensity 
solution  and  small  scale  yielding,  respectively." 

Fatigue  experiments  were  conducted  in  a 
computer-controlled  servohydraulic  test  machine 
operated  in  load  control.  Crack  growth  was  monitored 
continuously  by  direct  current  (DC)  electrical  potential 
measurements.  Real-time  computer  control  guaran¬ 
teed  a  constant  applied  stress  intensity  (K)  range 
(aK  =  -  K„in)  at  low  constant  stress  ratio  (R  = 

Kmin/K™«  =  0.1 0)  and  a  constant  loading  frequency  of 
either  1  Hz  (for  crack  initiation)  or  0.1  Hz  (for  FCP). 
Additional  experiments  were  conducted  using  a  single 
specimen  at  R  values  between  0.10  and  0.85.  Kmax  was 
constant  as  AK  levels  were  decreased  incrementally  to 
avoid  delay  retardation.  A  constant  frequency  of  1  Hz 
or  5  Hz  was  maintained.  Electrical  potential-derived 
crack  lengths  were  corrected  linearly  based  on  the 
difference  between  predicted  and  optically  measured 
crack  lengths  from  the  fractured  specimen.  Fatigue 
da/dN  were  calculated  by  linear  regression  of  crack 
length  vs  load  cycle  data  for  each  constant  AK  and  R 
condition. 

Aqueous  Environment  Control 

Two  aqueous  environments,  3%  NaCI  and  a 
bacteriological  medium,  were  investigated.  Both  were 
at  near-neutral  pH  and  at  23°C.  To  create  the  bacterio¬ 
logical  medium,  Desulfovibrio  vulgaris  bacXeha  were 
cultivated  in  deaerated  Postgate  medium  C  containing 
(per  liter  of  distilled  water)  6.0  g  lactic  acid,  4.5  g 
sodium  sulfate  (Na2S04),  1 .0  g  yeast  extract,  1 .0  g 
ammonium  chloride  (NH^CI),  0.5  g  monobasic 
potassium  phosphate  (KH2P04),  0.3  g  hydrated  sodium 
citrate,  0.06  g  hydrated  calcium  chloride  (CaCy, 

0.06  g  hydrated  magnesium  sulfate  (MgS04),  and 
0.004  g  hydrated  ferrous  sulfate  (FeS04)  stored  in 
15-mL  vials. 

For  each  environment,  the  central  portion  of  the 
edge-cracked  specimen  was  immersed  in  a  sealed  1  -L 
poly  methyl  methacrylate  chamber  (Figure  1).  No 
dissimilar  metal  contacted  the  immersed  portion  of  the 
specimen.  All  tubing  and  fittings  were  polytetrafluoro- 
ethylene  (PTFE).  The  electrolyte  was  deaerated  with 
Ar.  The  grounded  specimen  was  maintained  at  a 
constant  electrode  potential  of  -1 ,000  mVscE  by  a 
potentiostat  in  conjunction  with  a  silver-silver  chloride 
(Ag-AgCI)  reference  electrode  and  two  platinum  (Pt) 
counterelectrodes.  The  reference  electrode  was 
adjacent  to  the  notch  mouth,  while  the  two  counter- 
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Solution  in 


Solution  out 


FIGURE  1 .  Environmental  cell  used  in  fatigue  cracking  experiments.  "PD”  indicates  the  location  of  probes  for 
measuring  electrical  potential  difference  caused  by  passage  of  DC  (!)  through  the  uncracked  portion  of  the 
specimen.  _ _ 


electrode  compartments  were  normal  to  and  ~  5  cm 
from  the  broad  faces  of  the  SENT  specimen.  The 
reference  and  counterelectrodes  contained  3%  NaCI 
and  were  isolated  from  the  test  solution  by  asbestos 
frits.  The  sterile  3%  NaCI  solution  was  pumped 
peristaltically  at  30  mtymin  through  the  chamber,  and 
solution  in  the  chamber  was  deaerated  continuously 
with  Ar.  For  experiments  with  SRB,  45  mL  of  bacteria 
solution  was  added  to  the  cell,  which  contained  550  mL 
of  Postgate  medium  C  diluted  by  400  mL  of  distilled 
water  and  fully  deaerated  with  Ar.  This  environment 
was  maintained  statically  during  the  FCP  experiment. 
Specimens  were  immersed  in  the  bacteria  solution  for 
4  h  before  fatigue  loading. 

The  corrosion  fatigue  procedures  have  been 
detailed  previously."-’’^ 

RESULTS  AND  DISCUSSION _ 

SRB-Enhanced  Fatigue  Crack  Growth 

The  strong  and  damaging  effect  of  SRB  on  FCP  in 
HY1 30  steel  was  demonstrated  by  the  da/dN-vs- 
applied  stress  intensity  range  (AK)  data  in  Figure  2. 

The  FCP  behavior  of  HY130  steel  in  moist  air  and 
vacuum  is  shown  by  the  two  dashed  lines,  which 
represent  extensive  historical  data  for  C-Mn  and  alloy 
steels.’ "  Growth  rates  at  AK  above  20  MPaVm  were 
measured  at  several  constant  AK  levels,  a  constant  R 
value  of  0.10,  and  at  a  constant  loading  frequency  of 


0.1  Hz.  Below  AK  of  20  MPaVm,  K^a,  was  maintained 
at  33  MPaVm  as  AK  was  step-reduced  (and  R  was 
step-increased)  after  each  increment  of  steady-state 
FCP  was  obtained  at  a  frequency  of  1  Hz  or  5  Hz.  This 
procedure  minimized  the  complicating  mechanical 
effect  of  fatigue  crack  closure  and  produced  unique 
growth  rate  relationships  for  fatigue  in  moist  air  and 
vacuum  where  intrinsic  R-value  effects  were  not 
likely.’”  Limited  FCP  data  for  HY130  steel  in  moist  air 
(O),  obtained  with  this  constant  AK/K^g*  procedure, 
were  in  excellent  agreement  with  previous  results 
(Figure  2). 

The  sterile  NaCI  environment  with  cathodic 
polarization  at  -1 ,000  m\/scE  increased  da/dN  by  4-fold 
relative  to  moist  air  and  30-fold  relative  to  vacuum  for 
HY130  steel  at  a  wide  range  of  AK  and  R.<’>  The  da/dN 
value  depended  on  AK  raised  to  the  2.9  power  below 
20  MPaVm  and  to  the  1 .6  power  above  this  AK  level. 
This  environmental  effect  was  typical  of  the  behavior  of 
a  wide  variety  of  C-Mn  and  alloy  steels  in  aqueous 
chloride.’”-”"’® 

Desulfovibrio  vulgaris  in  diluted  Postgate  medium 
C  (-1 ,000  mVscE)  enhanced  da/dN  values  up  to  1 ,000 
times  relative  to  vacuum,  100-fold  relative  to  air  and 
40-fold  compared  to  3%  NaCI,  as  indicated  by  the  filled 


■"  Polarization  to  -1 ,000  mVscE  required  application  of  cathodic  currents  on 
the  order  of  500  pA/cm'  for  each  deaerated  aqueous  environment. 
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triangular  data  points  in  Figure  2.‘^>  While  crack  growth 
experiments  were  not  conducted  in  diluted  medium 
without  SRB,  this  environment  was  likely  to  enhance 
da/dN  similar  to  sterile  NaCI.'  The  deleterious  effect  of 
SRB  demonstrated  in  Figure  2,  specific  to  cathodic 
polarization  at  -1 ,000  mVscE,  was  comparable  to 
published  data  for  SRB-enhanced  crack  growth  in  C- 
Mn  steels  under  freely  corroding  and  mildly  cathodic 
conditions  (-850  mVscE)-®'®  Substantial  cathodic 
protection  did  not  mitigate  the  deleterious  effect  of  SRB 
on  environmental  FCP  in  HY130  steel. 

The  importance  of  the  deleterious  SRB  effect  is 
demonstrated  in  Figure  3.  Trend  lines  from  extensive 
literature  data  represent  the  environmental  FCP 
behavior  of  a  wide  range  of  C-Mn  and  alloy  steels, 
cyclically  loaded  at  R  of  0.05  and  a  frequency  of  0.1  Hz 
in  3.5%  NaCI  (sterile)  at  a  fixed  cathodic  potential  of 
-1 ,000  mVscE-’  The  two  data  points  for  the  steady- 
state,  low  R-low  frequency  SRB  environment  are 
replotted  from  Figure  2  and  are  represented  by  a 
power  law  (da/dN  a  AK’  ®)  parallel  to  the  sterile  NaCI 
results  in  Figure  2.  These  two  da/dN  values  for  HY 1 30 
exposed  to  SRB  were  equally  consistent  with  a^ 
relationship  parallel  to  the  AK'-^ dependence  indicated 
by  the  historical  results  for  HY130  steel  in  sterile  NaCI 
(Figure  3.)  While  the  effects  of  steel  yield  strength  and 
microstructure  were  less  than  a  factor  of  2  on  FCP  rate 
at  any  AK,  the  SRB  dramatically  enhanced  da/dN  by 
up  to  2  orders  of  magnitude. 

Environmentally  enhanced  FCP  in  steels  of  yield 
strength  <  ~  1 ,200  MPa  that  are  exposed  to  sterile 
aqueous  chloride  at  various  cathodic  electrode 
potentials  (Figure  3)  generally  occurs  at  cyclic  stress 
intensity  levels  well  below  the  threshold  stress  intensity 
for  monotonic  load  cracking  (K,scc.  or  where  K^ax  and 
K,„in  in  the  fatigue  cycle  are  below  K,scc)-’  For  such 
cases,  environmental  FCP  is  both  time-  and  load-cycle 
dependent.  Considering  HY130  in  sterile  NaCI 
(-1 .000  mVscE).  K,scc  equals  1 10  MPaVm.’®  Data  in 
Figure  2  represent  FCP  at  K  levels  well  below  this 
monotonic  threshold.  Kiscc  for  steels  at  this  yield 
strength  is  lowered  to  perhaps  20  MPaVm  by  acid  and 
gaseous  HjS  additions  to  NaCI  (e.g.,  the  solution 
defined  in  NACE  Standard  MR0175,  “Sulfide  Stress 


®  The  da/dN-AK  dependence  for  the  steady-state  SRB  case  in  Figure  2 
was  plotted  parallel  to  the  data  for  HY130  steel  in  sterile  NaCI  and  should 
be  interpret^  with  caution  because  R  increased  with  decreasing  AK.  The 
intrinsic  effect  of  stress  ratio  on  environmental  FCP  in  steels  was  not 
defined. 

™  For  environmental  FCP  above  K^cc.  and  with  high  da/dt.  da/dN 
depended  on  AK  raised  to  a  power  between  1 0  and  40  at  cyclic  K  levels 
near  Kiscc.  followed  by  essentially  AK-independent  behavior  at  higher 
AK.'  The  HY130  in  SRB  growth  rates  in  Figure  2  were  only  of  the  above- 
Kbcc  type  if  Kiscc  was  <  10  MPa\'m.  Alternately,  since  similar  power-law 
da/dN-AK  relationships  were  observed  for  HY130  in  moist  air  (AK 
exponent  of  2.5),  sterile  NaCI  (2.9  and  1.6),  and  the  SRB  environment 
(1.6),  the  FCP  behavior  in  Figure  2  may  have  been  of  the  below-Kiscc 
type. 


FIGURE  2.  Fatigue  da/dN  vs  applied  AK  for  tempered 
martensitic  HY130  steel  in  vacuum”  in  moist  air,  sterile  NaCI 
at  -1,000  mVsce.  and  Postgate  medium  C  at  -1,000  mVscE- 
Stress  ratio  and  frequency  were  varied  as  shown.  Arrow 
indicates  transient  crack  growth  at  constant  AK  and  during  the 
approach  to  steady  state  in  the  bacteria  solution. 


Cracking  Resistant  Metallic  Materials  for  Oilfield 
Equipment”).  Time-dependent  crack  growth  rates 
(da/dt)  are  rapid.'’  Kucc  is.  however,  unknown  for 
quenched  and  tempered  steels  in  SRB  solution.  The 
potency  of  SRB-enhanced  FCP  indicated  SCC  could 
be  produced  by  particular  metallurgical,  biological,  and 
electrochemical  conditions.  This  issue  must  be 
examined.'^’ 

When  the  applied  AK  is  maintained  at  a  constant 
level,  FCP  in  steels  exposed  to  sterile  NaCI  generally 
is  steady  state  after  minimal  short-term  transient 
growth.  Crack  length  increases  linearly  with  the 
number  of  load  cycles  for  constant  applied  AK.  In 
sterile  NaCI  (as  well  as  moist  air  and  vacuum),  each 
point  in  Figure  2  resulted  from  such  a  linear  record. 
Transient  FCP  was  not  observed. 

In  sharp  contrast  to  results  in  sterile  NaCI, 
transient  crack  growth  occurred  in  the  SRB 
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FIGURE  3.  Environmental  FCP  in  C-Mn  and  alloy  steels 
exposed  to  sterile  3.5%  Nad  and  bacterially  active  solutions 
at  -1,000  mVsce  at  a  fixed  loading  frequency  (0.1  Hz)  and 
constant  R  (0.05).’ 


environment.  Figure  4  shows  measured  values  of 
fatigue  crack  length  vs  loading  cycles  (analped  to 
yield  a  portion  of  the  da/dN  vs  AK  data  in  Figure  2).  In 
this  experiment,  a  single  HY130  specimen  was 
immersed  in  SRB  plus  diluted  Postgate  C  with  cathodic 
polarization  at  —1 ,000  mVscE  for  4  h  without  loading. 
The  fatigue  crack  was  grown  from  the  notch  (depth  of 
1 0.2  mm)  to  a  depth  of  1 .46  mm  (total  notch  plus  crack 
length  =  1 1 .66  mm)  over  8,100  cycles  at  1  Hz  (2.3  h 
exposure).  After  this  initial  crack  growth,  constant  AK 
(20.8  MPaVm,  R  =  0.1 0)  loading  commenced  at 
0.1  Hz.  As  this  loading  continued  from  8,100  to  1 0,800 
cycles  (over  7.5  h),  the  FCP  rate  accelerated  from 
8.9  X  1 0--*  mm/cycle  to  2.0  x  1 0'®  mm/cycle.  Since 
crack  length  did  not  increase  linearly  with  loading 
cycles,  steady-state  FCP  was  not  achieved  during  the 
first  day.  The  specimen  was  maintained  in  the  SRB 
solution  for  12  h  without  load,  and  the  experiment  was 


FIGURE  4.  Fatigue  crack  length  vs  loading  cycles  for  tempered 
martensitic  HY130  steel  in  Postgate  medium  C  at 
-1,000  mVsc£,  constant  AK  of  20.8  MPar^m,  frequency  of 
0. 1  Hz,  and  stress  ratio  of  0.1. 


reinitiated  at  the  same  constant  AK  and  frequency 
(Day  2,  Figure  4).  The  resultant  crack  advance 
essentially  was  linear  for  1 .2  h  at  an  average  rate  of 
7.2  X 10-®  mm/cycle,  indicating  steady  state  was 
achieved. 

The  initial  SRB  rate  on  Day  1  (open  triangle. 

Figure  2)  was  slightly  higher  than  the  da/dN  value 
typical  of  FCP  in  sterile  NaCl.  Increasingly  rapid  rates 
were  observed  during  Day  1  (as  shown  by  the  arrow 
from  the  open  triangle).  The  steady-state  behavior 
observed  during  Day  2  is  represented  by  the  filled 
triangle  labelled  “1”  in  Figure  2.  Subsequent  sequential 
crack  growth  experiments,  labelled  “2"  and  “3,"  were 
conducted  over  48  h  at  different  AK  and  R  and  yielded 
essentially  linear  a  vs  N  data.  The  trend  line  in  Figure  2 
approximated  steady-state  FCP  for  HY 1 30  in  the  SRB 
solution.  The  da/dN  value  depended  on  AK  raised  to 
the  1 .6  power,  similar  to  the  behavior  of  C-Mn  steel  in 
HsS-saturated  chloride  solution.  However,  a  wider 
range  of  AK  must  be  examined  to  better  characterize 
this  behavior.® 

Bacteria  concentrations  and  dissolved  HgS  levels 
were  not  measured  during  these  experiments.  The 
SRB  solution  darkened  continuously  during  the  first 
day  of  the  experiment,  and  odor  indicated  H2S  was 
formed  in  the  cell.  These  observations  indicated 
increasing  bacterial  activity,  coincident  with  the 
accelerating  da/dN  values.  A  constant  SRB  environ¬ 
ment  likely  was  achieved,  but  only  after  the  first 
day.’®  ’®  Additional  factors  may  cause  transient  FCP  in 
the  presence  of  SRB,  as  considered  later  in  this  work. 

Results  demonstrated  that  SRB-related 
environment  effects  must  be  considered  in  damage 
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tolerant  analyses  of  fatigue  in  marine  structures.^®  Such 
work  will  be  complicated  because  da/dN  can  change 
with  exposure  time  at  constant  AK  as  a  result  of 
varying  biological  environment  chemistry.  Fracture 
mechanics  growth  rate  similitude,  in  conjunction  with 
steady-state  da/dN-vs-AK  data,  may  not  describe 
component  performance  adequately.''’’ 

Data  in  Figure  2  may  provide  a  reasonable  upper- 
bound  da/dN-AK  relationship  for  HY130  steel  in  SRB  of 
essentially  constant  activity.  Studies  of  metallurgical 
effects  on  corrosion  fatigue  (i.e.,  weld  heat-affected 
zone  behavior)  must  include  SRB  chemical  variables 
such  as  the  cultivating  medium.  From  a  practical 
perspective,  significant  cathodic  polarization  did  not 
mitigate  the  deleterious  effects  of  SRB  on  FCP,  in 
agreement  with  the  work  of  Edyvean,  et  al.’®  FCP  may 
be  enhanced  more  severely  by  SRB  in  the  presence  of 
mild  anodic  polarization  or  under  free  corrosion 
conditions. 

SRB-Sensitive  Fatigue  Crack 
Surface  Morphology 

Environmental  fatigue  crack  surfaces  were ' 
examined  by  scanning  electron  microscopy  (SEM). 
Photomicrographs  (Figure  5)  demonstrated  the  strong 
embrittling  effect  of  Desulfovibrio  vulgaris  on  FCP  in 
HY130  steel.  All  fractographs  are  oriented  with  the 
fatigue  crack  growth  direction  from  top  to  bottom  and 
the  crack  front  parallel  to  the  horizontal  direction. 

Figure  5(a)  shows  the  crack  morphology  typical  of 
environmental  FCP  in  sterile  NaCi  at  -1 ,000  mVscE- 
Cracking  was  entirely  transgranular  and  most  probably 
was  associated  with  environment-enhanced  martensite 
lath  interface  cracking  and  crystallographic  cracking 
along  a  low  index  plane  through  the  tempered 
martensite.”  The  environmental  crack  path  illustrated 
in  Figure  5(a)  was  not  typical  of  FCP  in  HY130  steel 
stressed  in  moist  air  or  vacuum.  In  these  benign 
environments,  FCP  was  transgranular  but  involved 
crack  tip  plasticity  damage  independent  of 
environment-embrittled  martensite. 

In  contrast  to  the  vacuum  and  sterile  NaCI  cases, 
Desulfovibrio  vulgaris  in  diluted  Postgate  medium  C 


‘=1  Paris*'  and  Wei,  et  al.,**  experimentally  demonstrated  the  principle  of 
fracture  mechanics  similitude  for  FCP;  that  is,  equal  da/dN  are  produced 
for  equal  applied  aK  independent  of  applied  load,  crack  sizd,  and 
component  or  specimen  geometry.  Similitude  enables  integration  of 
laboratory  da/dN-AK  data  to  predict  component  fatigue  behavior;  in  terms 
of  applied  stress  range  vs  total  life  or  crack  length  vs  applied  load  cycles 
for  any  initial  defect  size  and  component  configuration. 

Fatigue  aacking  in  the  SRB  environment  is  intergranular  with  respect  to 
prior  austenite  boundaries  in  HY130  steel . 

This  loading  condition  corresponded  to  a  notch-root,  pseudo-elastic 
stress  range  of  1 ,315  MPa,  calculated  from  AK/Vp,”  and  to  a  proportional 
local  plastic  strain  range  that  was  not  determined.  FCI  was  governed  by 
plastic  strain,  however,  the  stress-based  approach  provided  a  basis  for 
comparing  environment  effects. 


promoted  intergranular  cracking,  the  increasing 
proportion  of  which  correlated  with  increasing  FCP 
rates.® 

Figure  5(b)  illustrates  that  SRB-enhanced  cracking 
on  Day  1  progressed  by  a  mixture  of  transgranular  and 
intergranular  separation.  Qualitatively,  the  proportion  of 
transgranular  cracking  was  equal  to  or  greater  than  the 
amount  of  intergranular  separation.  This  mixed 
morphology  was  consistent  with  the  modestly 
enhanced  da/dN  relative  to  fully  transgranular  FCP  in 
sterile  NaCI  (Figure  2).  Crack  growth  in  the  SRB 
medium  during  Day  2  (Figure  5[c])  occurred  by  a  larger 
proportion  of  intergranular  separation,  correlating  with 
increased  bacterial  activity  and  the  increased  da/dN. 
Portions  of  the  Day  2  crack  surface  were  nearly  1 00% 
intergranular. 

Apart  from  severe  temper  embrittlement  and 
abiotic  sulfides,  no  chemical  or  mechanical  variable 
has  been  reported  previously  to  induce  intergranular 
fatigue  cracking  in  low-  to  moderate-strength  quenched 
and  tempered  alloy  steels.' 

SRB-Enhanced  FCI 

The  effect  of  environment  on  notch-tip  FCI  in 
HY130  steel  was  measured  at  the  beginning  of  each 
crack  propagation  experiment  and  was  based  on  a 
fracture  mechanics  estimate  of  the  local  pseudo-elastic 
stress  and  total  strain  ranges.^'^'’  SENT  specimens  for 
experiments  in  moist  air,  sterile  NaCi,  and  the  SRB  in 
Postgate  C  were  notched  similarly  (with  a  root  radius 
[p]  of  0.25  mm  and  by  grinding  without  additional 
polishing),  and  subjected  to  a  constant  AK  of  20.8 
MPaVm  (calculated  as  if  the  blunt  notch  was  a  crack  of 
the  same  length)  at  a  frequency  of  1  Hz  and  R  of  0.1 .'®’ 
After  a  period  of  no  measurable  crack  formation,  FCI 
progressed  from  the  notch,  as  indicated  by  electrical 
potentials  measured  during  cyclic  loading. 

The  chloride  environments  affected  FCI  in 
tempered  martensitic  HY130  steel,  as  demonstrated  in 
Figure  6.  This  figure  presents  the  number  of  load 
cycles  required  for  FCI  at  constant  AK/Vp,  where  a 
crack  growth  increment  of  1  mm  was  taken  as  an 
approximation  of  the  initiation  stage  of  cracking. 

Results  are  given  for  FCI  in  moist  air  and  in  three 
aqueous  chloride  environments.  It  is  well  known  that, 
compared  to  fatigue  in  moist  air,  sterile  NaCI  degrades 
the  FCI  resistance  of  C-Mn  and  alloy  steels.^®-^'*  This 
environmental  effect  is  severe  for  electrode  potentials 
near  free  corrosion  (-600  mVscEto  -750  mVgcE)  and 
is  mitigated  by  applied  cathodic  potentials  near 
-1 ,000  mVscE.^®  The  detrimental  effect  of  sterile  NaCI 
at  -600  mVscE  and  the  beneficial  effect  of  applied 
cathodic  polarization  are  reflected  in  Figure  6.  The 
result  for  HY1 30  steel  in  NaCI  at  -1 ,000  mVscE  was 
measured  in  the  current  study,  and  the  free  corrosion 
result  was  estimated  from  data  reported  for  a  similar 
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high-strength  steel  loaded  at  a  frequency  of  0.2  Hz  and 
R  of  0.1  For  this  latter  case.  FCl  life  may  be  higher 
for  a  loading  frequency  of  1  Hz. 

Desulfovibrio  vulgaris  in  Postgate  medium  C  with 
cathodic  polarization  reduced  the  FCl  resistance  of 
HY1 30  steel  relative  to  moist  air  and  sterile  aqueous 
chloride  at  -1 .000  mVscE-  This  result  is  important 
technologically  because  cathodic  polarization  is  used 
widely  to  mitigate  corrosion  FCl  in  the  steel  and 
chloride  system.  SRB  appeared  to  reduce  its 
effectiveness. 

Compared  to  sterile  NaCI  at  the  free  corrosion 
potential,  the  bacterial  solution  enhanced  FCP 
but  reduced  FCl  susceptibility  in  HY130  steel  at 
-1 .000  mVscE-  The  SRB-stimulated  hydrogen  embrittle¬ 
ment  may  have  contributed  to  the  environmental 
effects  on  crack  initiation  and  propagation.  The 
aggressive  character  of  the  sterile  solution  at 
-600  mVscE  suggested  an  increased  role  of  pitting- 
based  FCl  compared  to  SRB  at  -1 ,000  mVscs."  Pitting 
as  a  result  of  SRB-produced  reduced  sulfide  species  at 
-600  mVscE  and  the  associated  FCl  life  were  not 
characterized.  SRB  also  may  degrade  FCl  resistance 
of  freely  corroding  steels  in  bacterially  active 
electrolytes  with  reduced  near-electrode-surface 
alkalinity. 

Mechanism  for  the  SRB  Effect 
on  Environmental  FCP 

Hydrogen  environment  embrittlement  (HEE)  is  a 
likely  mechanism  for  enhanced  FCP  in  steels  exposed 
to  many  gaseous  and  electrolytic  environments  near 
25=C.'  For  sterile  aqueous  electrolytes,  atomic 
hydrogen  (H)  forms  on  metal  surfaces  by  cathodic 
reduction  of  hydrogen  ions  and  water.  The  H  that  does 
not  recombine  to  molecular  hydrogen  (Hj)  can  enter 
the  metal  lattice,  diffuse  to  the  crack  tip  region, 
segregate  at  microstructural  trap  sites,  and  enhance 
fatigue  damage  and  da/dN  by  one  of  several 
controversial  mechanisms.  The  H  source  for  crack  tip 
embrittlement  depends  on  environment  chemistry.^' 

The  crack  tip  surface  is  dominant  when  occluded  crack 
acidification  occurs  or  when  crack  surface  strain 
stimulates  electrochemical  reactions.  H  production  on 
specimen  surfaces  that  are  exposed  boldly  to  the  bulk 
environment  can  be  important  for  aggressive  solutions, 
particularly  those  containing  reduced  S  species,  and 
for  prolonged  exposures. 

FCP  rates  are  controlled  by  the  kinetics  of  the  slow 
step(s)  in  the  sequence  that  produces  and  delivers 
embrittling  H  to  the  crack  tip  process  zone.-“  An 
environmental  factor  (i.e..  cathodic  polarization.  H^S, 
decreasing  loading  frequency)  that  increases  H  uptake 
to  the  crack  tip  process  zone  is  likely  to  increase  FCP 
rates.  For  example.  HjS  dissolved  in  chloride  solution 
increases  H  uptake  by  reducing  the  rate  of  H 


(c) 


FIGURE  5.  SEM  fractographs  or  high  ^K  FCP  in  HY130 
exposed  to  sterile  chloride  and  SRB  solutions  at-1, 000  m  Ysce 
(^K  =  20.8  MPa\m.  R  =  0.1 ,  and  i  =  O.t  Hz).  Crack  growth 
direction  was  from  top  to  bottom,  and  the  crack  front  was 
parallel  to  the  horizontal  direction. _ 


recombination  to  H,  and  greatly  enhances  rates  of 
Fcp.2s.2e  Scully  and  Moran  demonstrated  that  this 
mechanism  promotes  H  permeation  in  tempered 
martensitic  type  4340  steel,  but  only  in  acid 
environments  (<  pH  3).-- 
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Environment 


FIGURE  6.  FCI  life  (AN  for  1  mm  of  crack  extension  from  a 
notch  tip)  as  a  function  of  environment  for  HY130  steel  at 
constant  loading  conditions  (AKAlp  =  1,315  MPa,  R  =  0.1,  and 
f=1  Hz).  The  free  corrosion  result  (-600  mVsce)  was  reported 
for  similar  martensitic  steels  at  a  frequency  of  0.2  Hz. 


SRB  may  affect  H  production  and  uptake  through 
metabolic  action.^'^^  SRB  generate  energy  by  coupling 
the  reduction  of  sulfate  ions  and  the  oxidation  of  a  food 
source  (often  an  organic  molecule  such  as  lactate).’® 
Bacterial  sulfate  (SOi^-)  reduction  involves  H  according 
to  the  reaction: 

SO4®- +  8H S®- +  4  HjO  (1) 

The  cathodic  depolarization  theory  of  SRB- 
influenced  corrosion  is  based  on  the  idea  that  bacterial 
utilization  of  H  removes  the  cathodic  product  in  the 
corrosion  reaction  couple  and  thus  increases  the  open- 
circuit  corrosion  rate  of  steel.’®®®  ®®  This  effect  lowers 
the  amount  of  H  available  to  enter  the  metal.  Counter¬ 
ing  the  potentially  beneficial  effect  of  the  consumption 
of  H  in  SRB  metabolism,  the  production  of  sulfide  or 
other  metabolites  may  increase  the  uptake  efficiency  of 
H  produced  on  the  occluded  crack  tip  or  boldly 
exposed  metal  surfaces.  Walch,  et  al.,  showed  H 
uptake  into  palladium  and  steel  is  enhanced  in  near¬ 
neutral  solutions  containing  SRB.®°  ®’  The  net  effect  of 
SRB  on  H  production  and  environmental  FCP  depends 
on  the  relative  strengths  of  these  individual  processes. 

This  result  led  to  speculation  that  the  HEE 
mechanism  describes  the  deleterious  effect  of  SRB  on 
da/dN  in  HY130  steel.  Increased  H  uptake  an_d 
environmental  cracking  rates  may  be  caused  by  the 
metabolic  production  of  sulfide  overwhelming  any 
beneficial  effect  of  H  consumption  by  the  bacteria.  In 
this  regard,  SRB  may  play  a  role  analogous  to  hydro¬ 
gen  recombination  poisons,®®  promoting  H  uptake 
efficiency  and  brittle  cracking.'®’ 

The  observed  intergranular  FCP  indicated  SRB- 
enhanced  hydrogen  production  resulted  in  increased  H 


partitioned  to  trap  sites  at  prior  austenite  grain 
boundaries  within  the  fracture  process  zone,  over  the 
amount  produced  in  sterile  chloride.®®  The  fracture 
strength  of  the  austenite  grain  boundaries  had  to  be 
more  strongly  dependent  on  local  hydrogen 
concentration,  compared  to  the  behavior  of  coherent 
lath  interfaces,  to  rationalize  the  transgranular  to 
intergranular  fatigue  crack  path  transition.  However, 
this  speculation  was  not  proved. 

It  was  necessary  to  determine  whether  SRB  acted 
directly  at  the  crack  tip  or  on  boldly  exposed  specimen 
surfaces  or  whether  ions  from  SRB  metabolism  in  the 
bulk  solution  migrated  to  these  locations  to  enhance 
hydrogen  uptake. 

Transient  FCP  in  the  SRB  Environment 

The  long-term  transient  crack  propagation  in 
HY1 30  steel  in  the  SRB  solution  raised  important 
issues  for  fatigue  in  bioactive  environments.  Since  the 
SRB  population  grew  during  the  fatigue  experiment  in 
the  statically  contained  environment,  da/dN  may  have 
increased  at  constant  AK  over  a  24-h  period  because 
of  increased  concentrations  of  metabolic  S  species. 
The  extent  to  which  a  solution  concentration  transient 
dominated  the  transient  FCP  was  not  measured.  It  is 
difficult  to  maintain  bacterial  solutions  at  constant 
activity,  compared  to  solutions  used  in  typical 
environmental  cracking  experiments.  Experiments 
must  be  developed  to  characterize  the  importance  of 
biological  environment  chemistry  changes. 

Additional  causes  for  time-dependent  da/dN  at 
constant  AK  can  be  assessed  by  diffusion  calculations 
within  the  HEE  framework.  The  effective  diffusivity 
of  hydrogen  (Dh)  in  HY130  steel  is  4  x  10”®  cm®/s,®® 
and  the  diffusivity  of  ions  (D,)  in  the  electrolyte  is 
10‘®  cm®/s.®®  For  FCP  in  sterile  NaCI  (at  free  corrosion 
to  modest  cathodic  polarization),  no  transient  crack 
propagation  was  observed  because  the  elements  of 
the  embrittlement  process  were  localized  at  the  crack 
tip.  Crack  solution  transport,  crack  surface  electro¬ 
chemical  reactions,  and  crack  tip  process  zone  H 
diffusion'®’  are  relatively  fast,  and  H  diffusion  from 
boldly  exposed  surfaces  is  not  important.’”  ®®-®® 

If  SRB  migrated  rapidly  and  populated  the  crack 
tip,  steady-state  FCP  should  have  resulted,  similar  to 


Sulfide  does  not  promote  hydrogen  uptake  on  unstrained,  filmed  steel 
surfaces  in  neutral  to  alkaline  solutions,”  and  therefore,  may  not 
enhance  da/dN  for  the  cathodic  polarization  case  where  the  crack  tip  is 
alkaline.”  If  cyclic  plastic  strain  destabilizes  a  crack  tip  surface  film, 
formed  by  reaction  with  high-pH  solution,  then  HS'  from  SRB  activity 
could  promote  hydrogen  uptake  at  the  crack  tip. 

The  distance  (x)  for  hydrogen  diffusion  from  the  crack  tip  surface  to  the 
point  of  maximum  stress  within  the  process  zone  is  on  the  order  of  5  pm 
(K  =  25  MPavm,  yield  strength  =  1,040  MPa.  and  elastic  modulus  = 

200  GPa),-  ’’  Hydrogen  will  penetrate  to  a  level  of  95%  of  the  surface 
concentration  in  a  time  (t)  of  0.2  s  (x  =  2(D„t]''=). 
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Sterile  NaCl.  The  occurrence  of  the  long-term  transient 
suggested  the  SRB  did  not  colonize  surfaces, 
presumably  because  the  occluded  crack  solution  was 
alkaline  for  chloride  at  -1 ,000  mVscE-'’®  This  conclusion 
was  contingent  on  a  constant  SRB  population. 

HS'  and  produced  by  bacteria  throughout  the 
bulk  solution  and  on  specimen  and  chamber  surfaces, 
can  cause  a  FCP  transient,  but  ion  diffusion  times  are 
relatively  short.  For  example,  if  S  species  are  produced 
on  or  near  boldly  exposed  notch  surfaces,  1  h  is 
required  for  diffusion  to  the  tip  of  a  4-mm-deep  fatigue 
crack.  Since  ion  migration  and  convective  mixing 
promote  ion  transport  to  the  crack  tip,'*®  this  and  shorter 
times  were  not  consistent  with  the  observed  24-h 
transient  FCP. 

Metabolite  diffusion  could  limit  FCP  for  transport 
distances  on  the  order  of  25  mm  or  larger.  Remote 
SRB  colony  sites  were  important  if  cathodic  polariza¬ 
tion  reduced  SRB  metabolism  on  and  near  the  steel 
specimen  due  to  local  alkalinity.  For  the  current 
experiments  with  low  cathodic  current  density  and 
buffered  Postgate  C  solution,  only  solution  within 
hundreds  of  micrometers  of  specimen  surfaces  should 
have  been  sufficiently  alkaline  to  hinder  SRB 
metabolism. 

Finally,  S  metabolites  may  stimulate  H  production 
on  boldly  exposed  steel  surfaces  with  subsequent 
diffusion  to  the  crack  tip  process  zone.  Diffusion 
calculations*®’ indicated  1 1  h  are  required  for  H  to 
diffuse  through  the  steel  over  a  distance  equal  to  half 
of  the  single-edge-crack  specimen  thickness.  This  “lag 
time”  for  hydrogen  supply  was  consistent  with  the 
transient  cracking  response  of  HY130  steel  in  SRB 
solution,  but  not  with  the  observed  crack  profiles. 
Similar  crack  front  shapes  were  observed  for  HY130 
in  sterile  NaCI  and  SRB  at-1 ,000  mVscE-  The 
environmental  fatigue  cracks  did  not  advance 
preferentially  near  specimen  surfaces  compared  to 
crack  penetration  at  the  specimen  midplane.  Such 
inverse  crack  tunneling  is  likely  when  hydrogen  uptake 
at  boldly  exposed  surfaces  is  substantial  relative  to  that 
at  the  crack  tip.^^  Austin*  and  others’®  have  reported 
equal  rates  of  FCP  for  bare  and  painted  fracture 
mechanics  specimens  of  a  C-Mn  steel  loaded  cyclically 
in  gaseous  HjS-doped  seawater.  This  suggested  that 
sulfide  enhanced  crack  tip  H  production,  while 
hydrogen  from  boldly  exposed  specimen  surfaces  was 
not  important. 

Determining  whether  organic  molecules  from  the 
Postgate  medium  adsorbed  on  metal  surfaces  to 
hinder  H  production  and  uptake  is  important.’®  The 
concentration  of  dissolved  HsS  in  solution  provides  a 
means  to  assess  SRB  activity  and  an  indication  of  HEE 
severity.  Media-cultured  SRB  such  as  Desulfovibrio 
vulgaris  have  produced  on  the  order  of  500  ppm  to 
2,000  ppm  HsS.'®  Thomas  and  others  reported  that 


FCP  rates  in  a  C-Mn  steel  exposed  to  200  ppm  and 
600  ppm  H2S  dissolved  from  the  gas  were  increased 
by  factors  of  20  and  1 00,  respectively,  compared  to 
da/dN  in  pure  seawater.*  ’®  These  enhancement  factors 
were  only  factors  of  1 0  and  1 5  for  similar  levels  of 
dissolved  HjS  produced  by  SRB  from  algae  decompo¬ 
sition  in  seawater.  These  results  indicated  the 
biological  environment  produced  substantial  sulfide 
species  but  interfered  with  hydrogen  uptake  compared 
to  abiotic  HgS.  The  inhibiting  behavior  of  Postgate 
medium  C  was  uncharted. 

CONCLUSIONS 


❖  The  SRB  Desulfovibrio  vulgaris  in  diluted  Postgate 
medium  C  solution  greatly  enhanced  FCP  rates  and 
reduced  FCI  life  in  the  martensitic  alloy  steel  HY130 
under  cathodic  polarization  (-1 ,000  mVscE)-  Metabolic 
sulfide-enhanced  H  uptake  and  crack  tip  process  zone 
hydrogen  embrittlement  were  implicated. 

❖  Transgranular  cracking,  typical  of  fatigue  in  sterile 
NaCI  solution,  changed  to  intergranular  cracking  as  a 
result  of  the  presence  of  SRB. 

❖  The  severity  of  the  SRB  effect  on  growth  rates  and 
intergranular  cracking  is  paramount  among  those 
variables  that  influence  environmental  fatigue  in  C-Mn 
and  alloy  steels. 

❖  The  deleterious  effects  of  SRB  on  FCP  and  FCI 
were  not  mitigated  by  cathodic  polarization. 

❖  Transient  environmental  FCP  in  the  SRB  solution 
likely  was  a  result  of  time-dependent  bacterial  growth 
and  enhanced  metabolically  reduced  sulfides. 

Transient  FCP  at  constant  AK  also  may  have  been  a 
result  of  diffusion  of  metabolites  from  the  bulk  to  the 
crack  tip  solution  and  hydrogen  penetration  from  boldly 
exposed  specimen  surfaces.  SRB  may  not  have 
colonized  the  occluded  alkaline  crack  tip. 

❖  Transient  fatigue  cracking  in  SRB  solutions 
compromised  life  prediction  based  on  stress  intensity 
similitude. 
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CORROSION  FATIGUE  CRACKING 


Richard  P.  Gangloff  ‘ 


Corrosion  fatigue  (CF)  is  an  important  but  complex  mode  of  failure  for  high  performance 
structural  metals  operating  in  aggressive  environments.  This  view  is  based  on  the  likelihood  of 
cyclically  varying  loads  and  chemical  environments  in  service,  the  need  for  predictable  long-life 
component  performance  and  life  extension,  the  universal  susceptibility  of  pure  metals  and  alloys  to 
CF  damage,  and  the  time-dependent  multi-variable  character  of  corrosion  fatigue.  For  example, 
stress  corrosion  cracking  (SCC)  immune  alloys  are  susceptible  to  CF.  Corrosion  fatigue  has  affected 
nuclear  power  systems,  steam  and  gas  turbines,  aircraft,  marine  structures,  pipelines,  and  bridges;  CF 
issues  are  central  to  the  behavior  of  many  aging  systems  [1-3]. 

The  objective  of  this  chapter  is  to  highlight  modem  laboratory  methods  for  characterizing  the 
corrosion  fatigue  behavior  of  metals  in  aqueous  electrolytes.  The  principles  and  mechanisms  of  CF 
are  summarized  in  Section  I,  followed  by  discussions  of  experimental  methods  in  Section  II. 
Specimen  design  and  loading,  environment  control,  strain  and  crack  size  measurement,  and  computer 
automation  are  discussed.  The  emphasis  throughout  is  on  exemplary  experimental  methods  and 
results,  as  well  as  on  CF  data  analysis  and  interpretation.  Section  III  cites  applications  of  CF  data  to 
service,  the  advantages  and  limitations  of  the  experimental  methods,  and  directions  for  research  on 
CF  experimentation.  Symbols  and  terms  are  defined  in  Section  IV.  This  Chapter,  with  extensive 
references,  extends  previous  reviews  of  corrosion  fatigue  test  techniques  [4,5]. 

I.  Basic  Principles 
lA.  Fundamentals  of  Corrosion  Fatiexie 
lAl.  Definition 

Corrosion  fatigue  is  defined  as  the  sequential  stages  of  metal  damage  that  evolve  with 
accumulated  load  cycling,  in  an  aggressive  environment  compared  to  inert  or  benign  surroundings, 
and  resulting  from  the  interaction  of  irreversible  cyclic  plastic  deformation  with  localized  chemical 
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or  electrochemical  reactions.  Environment-enhanced  fatigue  is  a  modem  term,  however,  corrosion 
fatigue  is  traditionally  used  when  emphasizing  electrochemical  environments.  Mechanical  fatigue 
experiments  and  analyses,  detailed  in  recent  textbooks  [6-8],  provide  the  basis  for  understanding  CF. 

IA2.  Stages  of  Corrosion  Fatigue 

CF  damage  accumulates  with  increasing  load  cycle  count  (N)  and  in  four  stages:  (1)  cyclic 
plastic  deformation,  (2)  microcrack  initiation,  (3)  small  crack  growth  to  linkup  and  coalescence,  and 
(4)  macrocrack  propagation.  A  cardinal  principle  is  to  design  a  CF  experiment  to  isolate  and 
quantitatively  characterize  one  of  these  four  stages.  The  methods  in  this  chapter  are  organized  as 
follows:  (1)  smooth  specimen  life  for  high  cycle  fatigue  (HCF)  described  by  A  a  versus  N  data,  (2) 
smooth  uniaxial  or  notched  specimen  life  for  low  cycle  fatigue  (LCF)  described  by  A  Cp  versus  N  or 
AK/yp  versus  N,  respectively,  and  (3)  fatigue  crack  propagation  (FCP)  kinetics  described  by  da/dN 
versus  the  fracture  mechanics  AK. 

IA3.  Mechanisms 

It  is  important  to  understand  damage  mechanisms  in  order  to  correctly  interpret  and 
extrapolate  laboratory  CF  data.  Similar  to  SCC,  the  mechanism  for  CF  may  involve  hydrogen 
embrittlement;  film  rupture,  dissolution  and  repassivation;  enhanced  localized  plasticity;  interactions 
of  dislocations  with  surface  dissolution,  films  or  adsorbed  atoms;  and  complex  combinations  of  these 
processes  [9-16].  The  contribution  of  each  mecharasm  is  controversial,  and  depends  on  metallurgical 
and  environment  chemistry  variables.  While  providing  significant  insight,  existing  mechanism-based 
models  are  generally  not  capable  of  accurately  predicting  CF  behavior  beyond  the  range  of  laboratory 
data. 

Hydrogen  environment  embrittlement  (HEE)  is  an  important  mechanism  for  CF  crack 
propagation  in  ferritic  and  martensitic  steels,  as  well  as  aluminum,  titanium  and  nickel-based  alloys 
exposed  to  gases  and  electrolytes  near  25°C  [15-21],  This  hypothesis  is  supported  by  extensive  but 
circumstantial  evidence,  and  is  most  readily  accepted  for  high  strength  alloys  in  strong  hydrogen- 
producing  environments.  In  HEE  atomic  hydrogen  (H)  chemically  adsorbs  on  strained-clean  initiation 
sites  or  crack  surfaces  as  the  result  of  electrochemical  reduction  of  hydrogen  ions  or  water. 
(Adsorbed  H  is  also  produced  by  the  reactions  of  Hj,  HjO,  CjHj  or  HjS  molecules  with  metal 
surfaces.)  Hydrogen  production  follows  mass  transport  within  the  occluded  crack  (pit  or  crevice) 
solution,  crack  tip  dissolution,  and  hydrolysis  of  cations  for  local  acidification;  and  precedes  H 
difRision  by  lattice,  interface  or  dislocation  processes  in  the  initiation-volume  or  crack  tip  plastic  zone. 


Fatigue  damage  is  promoted  by  hydrogen-affected  lattice  bonding,  grain  or  dislocation  cell  boundary 
decohesion,  enhanced  localized  plasticity,  or  metal  hydride  formation  (in  certain  alloys  such  as  HCP 
titanium-based).  H-enhanced  CF  cracking  is  either  intergranular  or  transgranular;  with  the  latter 
involving  dislocation  substructure,  low  index  crystallographic  planes,  or  interfaces. 

A  second  mechanism  for  CF  is  based  on  damage  by  passive  film  rupture  and  transient  anodic 
dissolution  at  a  surface  initiation  site  or  crack  tip.  This  model  was  developed  with  several  necessary 
empirical  elements  to  predict  CF  propagation  in  carbon  and  stainless  steels  in  high  temperature  pure 
water  environments  [22,23],  and  is  sometimes  applied  to  titanium  and  aluminum  alloys  in  aqueous 
chloride  solutions.  Localized  plastic  straining,  described  by  continuum  mechanics  or  dislocation 
plasticity,  ruptures  the  protective  film.  Crack  advance  occurs  by  transient  anodic  dissolution  of  metal 
at  the  breached  film,  and  at  a  decreasing  rate  while  the  surface  repassivates  pending  repetition  of  this 
sequence.  The  increment  of  CF  growth  depends  Faradaically  on  the  anodic  charge  (transient  current¬ 
time  integral)  passed  per  load  cycle.  Charge  is  governed  by  clean-repassivating  surface  reaction 
kinetics  for  the  CF-sensitive  alloy  microstmcture  in  occluded  crack  solution,  and  by  the  time  between 
ruptures  given  by  local  strain  rate  and  film  ductility.  As  with  the  hydrogen  mechanism,  film  rupture 
modeling  is  complex  and  controversial;  confirming  data  exist  [22,23],  but  other  research  shows  the 
model  to  be  untenable  for  specific  alloy/environment  systems  [24]. 

Several  CF  mechanisms  were  proposed  based  on  interactions  between  dislocations  and 
environment-based  processes  at  initiation  sites  or  crack  tip  surfaces.  For  example,  in-situ 
transmission  electron  microscopy  and  dislocation  modeling  show  that  adsorbed  H  localizes  plastic 
deformation  in  several  pure  metals  and  alloys  [25].  Second,  reaction-product  films  are  not  capable 
of  extensive  plastic  deformation  relative  to  the  underlying  metal,  and  may  cause  CF  damage  by  one 
or  more  processes,  viz:  (1)  interference  with  the  reversibility  of  slip,  (2)  localization  of  persistent  slip 
bands,  (3)  reduction  of  near-surface  plasticity  leading  to  reduced  or  enhanced  CF  depending  on  the 
cracking  mechanism,  (4)  localization  of  near-surface  dislocation  structure  and  voids,  or  (5)  film- 
induced  cleavage  [14,15,26-28].  Adsorbed  cations  could  similarly  affect  fatigue  [29].  Finally,  anodic 
dissolution  may  eliminate  near-surface  work  hardening  and  hence  stimulate  fatigue  damage  [30], 
These  mechanisms  have  not  been  developed  and  tested  quantitatively. 


IB.  Factors  Controlling  Corrosion  Fatigue 

Two  considerations  are  central  to  understanding  the  effects  of  mechanical,  metallurgical  and 


chemical  variables  on  CF.  The  influences  of  electrolyte  composition,  conductivity,  pH,  electrode 
potential,  temperature,  viscosity  and  biological  activity  are  governed  by  the  mass  transport  and 
electrochemical  reaction  conditions  within  occluded  pits,  crevices  or  cracks;  including  the  role  of 
strain  in  creating  reactive  clean  surfaces  [3 1,32],  Second,  CF  can  be  time-dependent.  Crack  growth 
is  often  rate-limited  by  one  or  more  of  the  slow  steps  in  the  mass  transport  and  crack  surface  reaction 
sequence;  slow  loading  rates  enhance  CF  damage  [17],  Increased  crack  tip  strain  rate  is  deleterious 
when  the  extent  of  per-cycle  electrochemical  reaction  is  promoted  [22-24],  ^ 

Variables  that  affect  CF  were  reviewed  elsewhere  [15-17],  Important  factors  are  cited  here 
to  illustrate  important  CF  test  methods  and  to  guide  data  interpretation. 

IBl.  Mechanical  Variables 

An  important  issue  is  the  influence  of  an  electrochemical  environment  on  the  cyclic 
deformation  behavior  of  metals  [14,33-35],  As  illustrated  by  the  data  in  Fig,  1  for  a  C-Mn  steel  in 
high  temperature  water,  environment  does  not  typically  affect  the  relationship  between  stresses  and 
strains  derived  from  the  maximum  tensile  (or  compressive)  points  of  steady-state  (saturation) 
hysteresis  loops  [36],  Such  loops  should  relate  to  elastic  and  plastic  deformation  prior  to  substantial 
CF  microcracking,  CF  data  of  the  sort  shown  in  Fig,  1  are  produced  by  either  stress  or  total  strain 
controlled  uniaxial  fatigue  experiments,  identical  to  the  methods  developed  for  measuring  purely 
mechanical  cyclic  stress-strain  data  [8,37],  While  macroscopic  constitutive  properties  may  not  be 
environment  sensitive,  slip  localization  can  be  affected  by  electrochemical  reactions  [14,33], 

Mechanical  Driving  Forces:  Considering  smooth  specimens,  the  range  of  applied  true 

stress  or  true  plastic  strain  control  the  fatigue  and  CF  responses  of  metals  for  HCF  and  LCF 
conditions,  respectively.  For  HCF,  smooth  specimen  CF  life  increases  with  decreasing  elastic  stress 
range,  at  cycles  in  excess  of  the  transition  fatigue  life,  Nj,  according  to  the  Basquin  equation: 

Aa  =  o;(N^)-'’  (1) 


Considering  HEE,  it  is  important  to  consider  the  primary  hydrogen  source  when 
designing  CF  experiments  and  interpreting  results.  In  addition  to  occluded  crack  tip  H-production, 
mobile  H  can  diffuse  over  long  distances  from  production  sites  at  mildly  strained  bulk-solution- 
exposed  specimen  surfaces  to  the  propagating  CF  crack  tip.  Bulk-surface  H  production  is  important 
for  ferrous  alloys  at  long  exposure  times  in  acidic  or  H ^-bearing  solutions,  and  with  cathodic 
polarization  [21].  This  H-source  is  less  important  for  aluminum  and  titanium  alloys  in  electrolytes 
that  form  passive  surface  films  capable  of  blocking  H  uptake. 


and  due  to  decreasing  globally  plastic  strain  at  cycles  less  than  N^,  according  to  the  Coffin-Manson 
equation  for  LCF: 


Ae  =  e' 

p  f  '  {  ' 


(2) 


Alternatively,  Eq.  1,  divided  by  E  to  relate  Nj  to  elastic  strain  range  (Ao/E),  is  added  to  Eq.  2  in 
order  to  relate  Nf  to  total  applied  strain  range,  the  sum  of  the  elastic  and  plastic  strain  ranges. 

The  material  property  parameters  for  HCF  and  LCF  (b,  c,  Of,  and  depend  on  metallurgical, 
environmental  and  time  variables.  Data  in  Fig.  2  show  that  the  HCF  life  of  AISI  4140  steel  is 
degraded  by  aerated  neutral  NaCl  solution,  compared  to  similar  fatigue  lives  for  dry  and  moist  air  as 
well  as  deaerated  chloride  [38,39].  The  data  in  Fig.  3  show  that  distilled  water  and  aqueous  3%  NaCl 
similarly  degrade  the  LCF  resistance  of  an  unrecrystallized  precipitation  hardened  aluminum  alloy 
[35].  The  Basquin  and  Coffin-Manson  laws  are  generally  obeyed  for  fatigue  in  electrochemical 
environments,  however,  multiple  power  law  segments  may  occur.  Critically,  the  HCF  endurance  limit 
or  threshold  stress  range  can  be  eliminated  by  the  action  of  the  electrolyte,  as  illustrated  in  Fig.  2. 
A  common  explanation  for  this  effect  is  pitting-based  CF  crack  initiation. 

Rates  of  CF  crack  propagation  are  uniquely  defined  by  the  linear  elastic  fracture  mechanics 
stress  intensity  factor  range  that  combines  the  effects  of  applied  load,  crack  size  and  geometry 
[17,40].  The  similitude  principle  states  that  fatigue  and  CF  cracks  growth  at  equal  rates  when 
subjected  to  equal  values  of  AK  [6-8].  The  da/dN  versus  AK  relationship  may  be  complex,  however, 
an  effective  approach  is  based  on  a  power  (or  Paris)  law  of  the  form  [41]: 


—  =  A  AX'" 
dN 


(3) 


AK  is  limited  to  stress  intensity  changes  above  zero  because  compressive  loads  do  not  cause 
appreciable  crack  tip  plastic  strain  and  damage.  The  material  properties  (A  and  m)  depend  on 
environmental  and  time  variables.  For  metals  in  vacuum  and  moist  air,  FCP  is  described  by  a  single 
power  law  and  an  apparent  threshold  stress  intensity  range  below  which  da/dN  tends  to  zero  [42]. 
More  complex  cracking  behavior  is  observed  for  CF,  as  illustrated  for  aqueous  chloride  solution- 
enhanced  FCP  in  titanium  (Fig.  4)  and  advanced  Al-Li-Cu  alloys  (Fig.  5)  [43,44].  Note  the  complex 
AK-dependence  of  da/dN  for  FCP  in  chloride  solution,  but  not  vacuum  or  moist  air.  Environmental 
effects  on  Paris  regime  FCP  have  been  characterized  broadly,  however,  data  on  near-threshold  CF 


(da/dN  <  10"^  mm/cycle)  are  scarce  [16,42], 

Crack  closure  can  strongly  affect  fatigue  and  CF  [45],  This  phenomenon  is  based  on  crack 
surface  contact  during  unloading,  critically  at  stress  intensity  levels  above  zero  and  applied-positive 
Revalues.  Crack  wake  contact  is  caused  by  corrosion  debris,  plasticity,  crack  path  roughness,  or 
phase  transformation  products;  each  mechanism  may  be  sensitive  to  aqueous  environmental  reactions 
[6],  To  account  for  closure,  da/dN  is  correlated  with  an  effective  stress  intensity  range  that  is  defined 
operationally  as  the  difference  between  applied  and  the  K,,  level  where  surface  contact  is 
resolved  (Section  IID6). 

CF  crack  initiation  in  notched  specimens  is  most  effectively  characterized  by  the  notch-root 
plastic  strain  range  calculated  by  Neuber's  method,  elastic-plastic  finite  elements,  or  fracture 
mechanics  approximation  [7,8],  The  latter  approach  is  illustrated  in  Fig.  6,  showing  the  results  of 
over  one-hundred  experiments  with  C-Mn  and  alloy  steels  in  aqueous  chloride  solution  compared  to 
moist  air  [8,46-48],  The  load  cycles  to  produce  1  mm  of  fatigue  crack  extension,  measured  optically, 
increase  with  decreasing  AK/\/ p,  an  estimate  of  notch  root  Aep,  for  air  and  chloride  solution.  ^  At 
fixed  AK/\/ p,  Nj  is  reduced  by  chloride  exposure  at  free  corrosion,  relative  to  fatigue  in  moist  air. 
An  endurance  limit  is  observed  for  moist  air,  but  not  this  CF  case.  Cathodic  polarization  (CP) 
restores  a  portion  of  the  moist  air  fatigue  initiation/early  growth  life,  as  discussed  in  an  ensuing 
section. 

Loading  Frequency:  Slow  frequency  CF  experiments  are  necessary  because  of  mass 

transport  and  electrochemical  reaction  rate  liniitations  on  damage,  but  are  challenging  because  of 
prolonged  test  time.  The  generally  deleterious  effect  of  decreasing  f  on  smooth  specimen  CF  life  is 
illustrated  in  Fig.  7  for  an  LCF  case  involving  a  C-Mn  pressure  vessel  steel,  corroding  freely  in  high 
temperature  water  with  varying  dissolved  oxygen  levels  between  0.01  and  8  ppm.  (The  free 
corrosion  potential  for  these  steel  CF  specimens  increases  as  the  dissolved  oxygen  concentration 
increases.)  For  fixed  Acp,  the  ratio  of  Nf  for  fatigue  in  water  to  that  for  air,  each  at  270“C,  declines 
with  decreasing  average  total  strain  rate  (proportional  to  frequency)  [36],  (LCF  lives  are  rate 
independent  for  fatigue  in  laboratory  air  at  low  to  moderate  temperatures  where  creep  is  minimal.) 

Frequency  effects  on  CF  crack  propagation  have  been  characterized  broadly  and  modeled 


*  AK  is  calculated  assuming  a  sharp  crack  of  length  and  geometry  equivalent  to  the  notch. 
This  method  is  a  reasonable  alternative  to  a  finite  element  or  Neuber  analysis  of  notch  strain,  but 
only  for  crack-like  notches  of  the  sort  shown  by  the  insert  in  Fig.  6  [7J. 


based  on  the  HEE  and  film  mpture  mechanisms  [16-18,22-24],  FCP  rates  are  f-independent  for 
alloys  in  moist  air  or  vacuum  at  low  to  moderate  temperatures.  For  CF,  there  are  three  possible 
fi'equency  responses:  (1)  purely  time-dependent,  where  da/dN  increases  with  decreasing  frequency 
proportional  to  (1/af),  (2)  cycle-time-dependent,  where  da/dN  increases  with  decreasing  frequency 
proportional  to  (1/af)*^  with  p  on  the  order  of  0.5,  and  (3)  cycle-dependent,  where  da/dN  is 
environmentally-enhanced,  but  da/dN  is  frequency-independent.  The  parameter  a  gives  the 
proportion  of  the  load-cycle  time  that  produces  CF  damage,  and  is  often  taken  as  2  for  a  symmetrical 
cycle,  since  environmental  cracking  may  not  occur  during  unloading  [16].  An  alternative  model  of 
the  fi'equency  effect  considers  that  electrochemical  reactions  occur  throughout  the  entire  load-cycle 
[17].  A  single  alloy/environment  system  can  exhibit  each  da/dN-f  relationship,  depending  on  AK,  f 
and  alloy  composition,  as  illustrated  for  aged  7000  series  aluminum  alloys  (AA)  (Figs.  8)  and  steels 
(Fig.  9)  [18,49-51].  These  plots  illustrate  the  two  usual  ways  of  presenting  frequency-dependent  CF 
da/dN  data,  with  the  abscissa  as  either  log  (f)  or  log  (1/af). 

Time-dependent  cracking  is  observed  for  high  strength  SCC-prone  alloys  when  in  the 
fatigue  cycle  is  above  Kjscc  and  da/dt  is  rapid.  This  case,  illustrated  in  Fig.  8  for  AA7079  at  f  <  1  Hz 
and  for  AA7075  at  f  <  0.001  Hz,  is  modeled  by  linear  superposition  of  SCC  da/dt  and  inert 
environment  da/dN  data  [49,52,53].  Cycle-time-dependent  CF  (or  cyclic  stress  corrosion  cracking) 
involves  substantial  CF  at  AK  levels  that  are  below  K,scc  or  where  da/dt  is  slow.  This  response  is 
illustrated  for  AA7017  and  AA7475  (Fig.  8)  in  seawater  and  acidified  NaCl  respectively,  and  for  two 
steels  in  neutral  NaCl  with  cathodic  polarization  (Fig.  9),  each  at  fixed  AK  and  R  [18,50,51].  In  both 
systems,  P  is  0.3  to  0.6.  Note  (Fig.  9)  that  cycle-time-dependent  da/dN  achieves  a  plateau  or 
saturation  level  at  slow  frequencies  below  a  critical  value  that  depends  on  steel  composition.  The 
third  case,  f-independent  CF,  is  illustrated  for  AA7075  in  80'’C  chloride  solution  (Fig.  8)  and  for  the 
two  steels  at  high  frequencies  in  NaCl  at  25®C  (Fig.  9)  [49,51].  This  response  {true  corrosion 
fatigue)  is  often  observed  at  low  AK,  at  high  loading  frequencies,  or  for  alloys  that  resist 
environmental  cracking.  In  some  cases  CF  da/dN  increases  with  increasing  f  This  behavior  is 
illustrated  in  Fig.  4  for  a  titanium  alloy  at  low  AK,  in  addition  a  crossover  to  time-dependent  CF 
above  20  MPa\/m  and  time-cycle-dependent  CF  at  intermediate  AK  [43]. 

Figure  10  illustrates  the  nil  effect  of  loading  fi'equency  on  CF  crack  initiation  for  blunt  notched 
steel  specimens  in  aqueous  chloride  solution  at  free  corrosion  [46].  These  data  are  notable  for  the 
rare  combination  of  low  f  and  high  cyclic  lives  (175  days  were  required  to  obtain  3x10*  cycles  at  12 


cpm),  and  for  the  lack  of  a  frequency  effect  on  the  cycles  required  to  produce  1  mm  of  CF  cracking. 
This  result  indicates  that  one  or  more  of  the  early  stages  of  CF  (cyclic  plastic  deformation,  pitting, 
crack  nucleation,  and  small  crack  growth)  are  frequency-insensitive,  consistent  with  the  f- 
independence  of  long  crack  CF  at  low  AK  for  many  alloys  including  steels  in  NaCl  [16,51].  Results 
of  the  sort  shown  in  Fig.  10  are  limited  and  this  behavior  has  not  been  modeled. 

Other  Mechanical  Factors:  Applied  load  or  strain  waveform,  stress  ratio,  load 

spectrum,  and  overloads  can  affect  CF  [16,22,23,54-56].  This  chapter  emphasizes  uniaxial  tensile 
loading  of  CF  specimens  because  environmental  effects  on  fatigue  under  torsional  or  multiaxial 
loading  have  not  been  studied.  An  exception  is  illustrated  in  Fig.  11,  showing  fatigue  life  data  for 
smooth  specimens  of  AA7075  in  moist  air  and  aqueous  NaCl  [57].  Note  the  strong  environmental 
degradation  for  uniaxial  loading,  but  a  reduced  effect  for  torsion.  Such  results  can  be  explained  based 
on  the  deleterious  role  of  triaxial  tensile  stresses,  and  the  associated  high  hydrostatic  (mean)  tension, 
in  CF  propagation  by  HEE;  this  stress  state  is  present  for  uniaxially  loaded  Mode  I  cracks,  but  not 
for  torsional  loading  and  Mode  II  or  III  cracks.  Fatigue  initiation  may  be  similarly  environment- 
enhanced  for  uniaxial  tensile  and  torsional  loading,  explaining  the  modest  reduction  in  Nf  for  torsion 
(Fig.  11). 

IB2.  Electrochemical  Variables  . 

Electrode  Potential:  Both  anodic  and  cathodic  polarization  can  affect  CF,  with 

different  trends  observed  for  crack  initiation  compared  to  propagation,  and  for  steels  compared  to 
either  aluminum  or  titanium  alloys.  For  ferritic  and  martensitic  steels  in  aqueous  chloride  solution, 
high  cycle  CF  occurs  at  electrode  potentials  near  free  corrosion  for  aerated  solution  (Eg  ~  -650 
n^Vscn),  but  is  often  reduced  in  severity  or  eliminated  by  cathodic  polarization  to  near  -1000  mVgcE 
[58].  This  behavior  is  illustrated  in  Figs.  6  and  12  for  notched  and  smooth-uniaxial  fatigue  specimens, 
respectively  [47,59].  CF  of  polished  specimens  of  1020  and  4140  steels,  exposed  to  NaCl  during 
high  frequency  rotating  bending,  occurred  only  if  a  critical  anodic  current  was  exceeded  [38,39].  In 
this  study,  CF  was  essentially  eliminated  by  solution  deaeration  which  reduced  the  steel  corrosion  rate 
current  and  free  corrosion  potential  (Fig.  2).  Applied  cathodic  polarization  similarly  reduced  CF  of 
polished  specimens. 

Understanding  the  effect  of  applied  polarization  on  CF  propagation  requires  a  description  of 
crack  tip  electrochemistry;  particularly  local  pH  and  potential,  as  affecting  the  kinetics  of  passive  film 
formation,  dissolution,  hydrogen  production  and  hydrogen  entry.  Occluded  crack  processes  are 


complex,  as  are  the  observed  dependencies  of  CF  da/dN  on  electrode  potential.  For  example,  CF 
crack  growth  rates  for  steels  in  chloride  increase  with  increasing  cathodic  polarization,  with  a  modest 
minimum  in  da/dN  at  about  200  mV  active  to  the  free  corrosion  potential  [16,20],  As  an  example. 
Fig.  13  illustrates  that  the  environmental  enhancement  of  da/dN  increases  with  the  total  rate  of  H 
production  at  the  crack  tip,  raised  to  the  1/4  power,  for  C-Mn  steel  in  NaCl  (Ec  =  -675  mVgcEX 
polarized  between  -750  and  -1325  mVgcE  [l^]-  H  production  was  calculated  from  a  crack  chemistry 
model  [60].  For  this  system,  solution  deaeration  does  not  affect  CF  da/dN  when  electrode  potential 
is  fixed  potentiostatically  [61],  The  opposite  effects  of  polarization  on  smooth  specimen  CF  life  and 
crack  propagation  in  steel  can  be  reconciled.  Dissolution  and  pitting  probably  govern  en\dronment- 
enhanced  fatigue  crack  initiation  [14,38,39];  H  plays  a  secondary  role  for  the  fast  loading 
frequencies,  near-threshold  stress  intensities  and  uniaxial  stress  states  typical  of  smooth  specimen 
studies.  Slow  loading  frequencies  and  crack  tip  hydrostatic  tension  promote  crack  growth  by  HEE. 
Here,  important  contributions  to  crack  tip  H  production  are  from  crack  acidification  near  free 
corrosion  and  water  reduction  at  cathodic  potentials  [16,60]. 

Cathodic  polarization  of  aluminum  and  titanium  alloys  in  chloride  provides  an  interesting 
contrast  to  steels.  Duquette  and  others  reported  that  the  fatigue  lives  of  smooth  specimens  of 
AA7075  and  Al-Mg-Li  in  NaCl  solution  were  maximum  at  potentials  mildly  active  of  free  corrosion; 
both  anodic  and  highly  cathodic  polarization  degraded  corrosion  fatigue  life  [15,57,58].  CF 
propagation  occurs  at  the  free  corrosion  potential,  is  exacerbated  by  either  anodic  polarization  or 
extreme  cathodic  polarization,  and  is  arrested  by  modest  cathodic  polarization.  This  trend  was 
demonstrated  for  AA7079,  AA7075  and  AA2090  in  NaCl  and  explained  based  on  HEE  [19,62,63]. 
At  negative  potentials  from  cathodic  polarization,  crack  tip  H  production  may  be  reduced  by  the 
effect  of  alkaline  occluded-crack  solution  on  the  overpotential  and  exchange  current  density  for  H 
production  on  strain-bared  surfaces,  and  H  uptake  may  be  blocked  by  crack  surface  films. 

Sulfur  ion  content:  Sulfur  ions  in  electrolytes  exacerbate  CF  crack  propagation  in 

many  alloys.  Various  forms  of  sulfur  are  important  in  sour  oil  or  gas  well  and  geothermal  brine 
environments,  and  are  also  produced  in  unlikely  ways.  For  example,  the  da/dN  versus  AK  data  in 
Fig.  14  show  the  CF  behavior  of  martensitic  ffyno  steel  in  sterile  3.5%  NaCl  solution  with  CP,  an 
environment  which  enhances  cracking  by  two  to  eight-fold  relative  to  moist  air  and  more  compared 
to  FCP  in  vacuum.  Note  the  strong  environmental  effect  caused  by  a  sulfate  reducing  bacteria  (SRB; 
desulfrovibrio  vulgaris)  cultured  in  Postgate  C  food-medium  and  with  cathodic  polarization  [64]. 


These,  and  similar  data  for  both  biologically  active  and  abiotic  gaseous  HjS  saturated  sterile  chloride 
solutions,  are  interpreted  based  on  sulfide-stimulated  HEE  [64,65],  Bacteria  metabolize  the  food- 
source  and  consume  H  to  produce  sulfide  ions  and  other  sulfur  species.  These  anions  poison 
recombinant  H  desorption  to  reduce  Hj  production  and  increase  H  entry  into  the  metal  at  the  crack 
tip,  similar  to  the  deleterious  effect  of  dissolved  HjS. 

In  a  second  example,  CF  is  promoted  by  increased  impurity-sulfur  in  ferritic  steels  subjected 
to  low  frequency  loading  in  pressurized  pure  water  at  288“C  (Fig.  1 5)  [22,23].  MnS  inclusions  which 
intersect  crack  flank  surfaces  dissolve  to  enrich  the  occluded  crack  solution  in  sulfide.  These  anions 
promote  crack  advance  by  increasing  the  anodic  charge  that  is  passed  per  film  rupture  event,  or 
perhaps  by  the  HEE  mechanism.  This  effect  of  steel  sulfur  content  is  severe  for  a  stagnant 
environment  within  the  autoclave,  and  is  eliminated  by  turbulent  solution  flow  which  reduces  sulfide 
buildup  within  the  crack  [66]. 

Other  Chemical  Factors:  Solution  pH,  ionic  composition,  conductivity,  and  temperature 
can  affect  CF  [14-17,22,23,43,58]. 

IBS.  Metallurgical  Variables 

Metallurgical  factors  can  influence  CF  crack  initiation  and  growth.  Prominent  in  this  regard 
are  sensitization  of  grain  boundaries  in  austenitic  stainless  steels  [22,23],  locally  intense  slip  in 
aluminum  alloys  from  dislocation  interactions  with  shearable  precipitates  [67],  and  metalloid 
impurities  segregated  to  grain  boundaries  in  steels  [68].  CF  crack  initiation  often  occurs  at  surface 
intersecting  inclusions  that  concentrate  strain  and  may  dissolve  to  produce  a  locally  aggressive 
environment  [69].  CF  crack  propagation  in  the  ferritic  steel/aqueous  chloride  system  is  apparently 
not  affected  by  substantial  changes  in  steel  composition,  microstructure  and  yield  strength  [51].  In 
another  case  aluminum  alloy  processing  route,  and  the  resulting  degree  of  recrystallization  and  grain 
size,  did  not  substantially  affect  aqueous  environmental  LCF  life  and  FCP  kinetics  [35,44,70]. 
Increasing  copper  content  in  precipitation  hardened  Al-Zn-Mg  alloys  reduced  the  environmental 
enhancement  of  da/dN,  with  the  importance  of  the  effect  depending  on  aging  condition  [67]. 

IC.  Relationship  Between  CF  and  SCC 

Corrosion  fatigue  is  related  to,  but  uniquely  distinct  from  stress  corrosion  cracking  [71], 
Purely  time-dependent  CF  crack  propagation  in  SCC-prone  alloys  is  governed  by  the  integrated 
amount  of  time-based  crack  extension  per  fatigue  load  cycle.  In  such  cases  CF  and  SCC  occur  by 


the  same  mechanism,  and  are  affected  by  the  same  variables,  as  modeled  by  simple  linear 
superposition  [49,52,53],  SCC  is  discussed  elsewhere  in  this  volume. 

Time-cycle-  and  cycle-dependent  CF  are  more  complex,  involve  unique  mechanisms,  and 
occur  at  stress  intensities  where  SCC  is  insignificant.  In  these  cases  the  CF  damage  mechanism  is 
unique  for  reasons  traceable  to  cyclic  loading,  and  including:  a)  increased  crack  tip  strain  rate  [22- 
24],  b)  resharpening  of  the  blunted  crack  geometry  during  unloading,  particularly  at  high  AK,  c) 
altered  crack  chemistry  by  convective  mixing  [72],  d)  evolution  of  persistent  slip  band,  slip  step,  and 
dislocation  cell  structures  into  embryonic  damage,  often  at  low  Aep  or  low  AK  [73,74],  and  e) 
mobile  dislocation  transport  of  hydrogen  in  the  crack  tip  process  zone  [18,50].  These  additional 
factors  must  be  considered  when  interpreting  and  modeling  CF  data  [16]. 

ED.  Literature  Sources  for  CF  Data  and  Mechanisms 

In  addition  to  the  examples  presented  in  Figs.  1  through  1 5,  extensive  CF  data  have  been 
published  in  several  volumes  [1,2,9-12,58,75-78]. 

II.  Testing  Techniques 

IIA.  Conunon  Elements  of  a  Corrosion  Fatigue  Experiment 

An  experiment  to  characterize  the  CF  properties  of  a  metal  involves  cyclic  straining  of  a 
precisely  machined  specimen  in  an  electrolyte.  (Precorrosion  effects  on  fatigue  are  not  considered.) 
Environment  containment  about  the  specimen  must  guarantee  constant  solution  purity  and 
composition.  Specimen  potential  should  be  monitored,  often  controlled  potentiostatically,  and  not 
affected  by  galvanic  coupling  to  the  grips  or  test  machine.  The  mechanical  parameters  that  must  be 
measured  depend  on  the  experiment;  be  it  HCF,  LCF,  LEFM-crack  propagation  or  notched;  and  are 
progressively  more  difficult  to  monitor  from  the  HCF  to  notched  cases.  CF  experiments  follow 
directly  from  procedures  for  mechanical  tests  with  benign  environments;  the  latter  are  well-developed 
and  standardized,  while  CF  experiments  are  not.  For  example,  ASTM  Committee  G1  has  published 
14  standards  or  practices  for  SCC  experiments  (see  Volume  03.02,  Section  3  of  the  Annual  Book  of 
ASTM  Standards),  but  none  for  corrosion  fatigue. 

CF  experiments  are  hindered  by  several  common  factors.  Aggressive  environments  are 
difficult  to  contain  at  a  constant  condition,  and  hinder  precise  measurements  of  specimen 


displacement,  load  and  crack  size.  CF  is  influenced  by  many  interactive  mechanical,  chemical  and 
microstructural  variables  that  must  be  factored  into  experimental  design.  It  is  often  necessary  to 
investigate  slow-rate  deformation  and  cracking  phenomena  in  a  realistic  time;  experiments  must  be 
conducted  for  1  day  to  1  year  or  more.  CF  damage  is  localized  at  surface  slip  structure  and  near  the 
crack  tip;  high  resolution  observations  are  not  generally  available  and  behavior  must  be  interpreted 
from  indirect  measurements. 

IIB.  Smooth  Specimen  A  a-Life  Method  for  High  Cycle  CF 
IIBl.  Governing  Standards 

Experiments  to  characterize  high  cycle  CF  life  according  to  the  Basquin  Law  (Eq.  1)  follow 
from  ASTM  standards  for  metals  in  moist  air  [79,80].  Such  methods  were  detailed  for  steels  and 
aluminum  alloys  in  aqueous  chloride  solutions  [38,39,57-59,69,8 1 ,82].  Typical  data  are  presented 
in  Figs.  2,  11  and  12. 

IIB2.  Specimens  and  Loading 

High  cycle  CF  specimens  focus  failure  in  a  carefully  prepared  reduced-uniform  or  mild-blend- 
radius  gauge  section,  often  of  circular  cross-section  and  wth  ends  for  gripping  in  the  fatigue  machine. 
Typical  specimen  designs  are  shown  elsewhere,  including  methods  for  low-damage  gauge  machining 
and  polishing  [79,83],  HCF  specimens  are  loaded  in  uniaxial  tension  or  bending  (3-point,  4-point, 
or  cantilevered)  with  electromechanical,  servohydraulic  or  rotating  wheel/mass  machines,  and  grips 
of  various  designs  [79,83].  Elastic  straining  is  load  or  displacement  controlled;  involves  either 
negative,  zero  or  positive  mean  stress;  and  varies  with  time  symmetrically  in  a  sinusoidal  or  linear- 
ramp  waveform.  Since  CF  is  dominated  by  electrochemical  surface  damage,  Nf  could  decrease  and 
variability  may  increase  with  increasing  surface  area  that  is  stressed. 

High  cycle  corrosion  fatigue  experiments  are  conducted  for  10*  to  10®  cycles  to  failure,  at  a 
relatively  high  frequency  of  25  to  100  Hz  to  conserve  time.  (Nf  of  10®  cycles  requires  5.5  hours, 
while  10®  cycles  require  230  days  of  continuous  loading  at  50  Hz.)  Multiple,  reliable  and  inexpensive 
rotating-bend  machines  are  often  dedicated  to  these  experiments. 

IIB3.  Environmental  Cell  Design 

The  design  of  the  environmental  cell  depends  on  electrolyte  and  temperature.  A  typical  cell 
is  illustrated  in  Fig.  16  for  containing  aqueous  chloride  solution  at  ambient  temperature  [81].  Glass, 


plexiglass,  teflon,  or  other  plastics  are  adequate  cell  materials.  The  specimen  is  gripped  outside  of 
the  test  solution  to  preclude  galvanic  effects,  and  the  cell  is  sealed  to  the  round  or  square/rectangular 
specimen  with  0-rings  away  from  the  high-stress  gauge  section.  Solution  can  be  circulated  from  a 
large  storage  volume  and  at  a  constant  flow  rate.  The  cell  should  include  reference  and  counter 
electrodes  to  enable  specimen  (working  electrode)  polarization  with  standard  potentiostatic  (or 
galvanostatic)  procedures  [38,39,59,81],  When  fixing  potential  or  current,  care  should  be  taken  to 
correctly  ground  or  isolate  the  test  specimen,  to  uniformly  polarize  the  gauge  surface,  to  account  for 
IR  effects  when  necessary,  and  to  isolate  counter  electrode  reaction  products.  Provided  that  potential 
is  controlled,  there  is  probably  no  reason  to  control  the  oxygen  content  of  the  solution.  Temperature 
is  maintained  between  sub-zero  and  boiling  levels  with  a  heater  or  cooling  coil,  a  specimen 
thermocouple,  control  electronics  and  a  condensation  apparatus.  Cells  for  more  complex 
environments  are  detailed  in  Section  IIC3. 

IIB4.  Parameter  Measurement.  Control  and  Computer  Automation 

The  maximum  and  minimum  applied  loads  (or  alternately,  displacements)  are  measured  with 
a  load  cell  (or  remotely  attached  extensometer/LVDT)  and  controlled  during  a  HCF  experiment.  A  o 
is  calculated  from  standard  elastic  solutions  for  bars  under  uniaxial  tension,  or  beams  subjected 
bending.  Elastic  strain  range  is  calculated  from  Aa/E  and  gauge  displacement  is  not  typically 
measured. 

IIB5.  Crack  Detection 

Total  load  cycles  to  failure  are  measured,  but  crack  initiation  and  growth  are  not  monitored 
during  an  HCF  experiment.  Information  on  these  stages  of  HCF  is  critical,  but  difficult  to  obtain. 
Methods  for  CF  crack  detection  are  discussed  in  Section  IIF. 

IIB6.  Data  Analysis  and  Evaluation 

Mgh  cycle  CF  data  are  presented  in  a  logarithmic  plot  of  stress  range  versus  cycles  to  failure 
according  to  the  Basquin  Law  (Eq.  1).  (Data  are  also  plotted  as  stress  amplitude  (A  a/2)  versus 
reversals  to  failure  (2Nf  for  simple  wave-forms).)  The  Basquin  Law  is  based  on  the  initial  applied 
elastic  stress  range  and  does  not  consider  the  complicating  effect  of  a  growing  crack  on  A  a.  Material 
property  constants;  a/,  b,  and  the  endurance  limit  (or  fatigue  strength  at  a  given  number  of  cycles); 
are  environment  sensitive.  The  mechanical  information  that  should  be  reported  with  HCF  data  is 
standardized  [80],  and  electrochemical  factors  should  be  cited  as  discussed  in  this  book. 

Design  and  alloy  development  studies  require  mean  as  well  as  minimum  (lower  bound) 


Basquin  Laws,  and  statistics  on  the  distribution  of  Ao-Nf  data.  This  distribution  depends  on  the 
fatigue  damage  mechanism.  Most  CF  studies  have  not  provided  such  information,  often  because  of 
time-intensive  slow  frequency  experiments  and  the  many  important  variables.  A  sense  of  the 
variability  in  CF  data  is  portrayed  by  the  extensive  HCF  results  collected  for  C-Mn  and  alloy  steels 
in  marine  environments  [58],  The  distribution  of  HCF  lives  at  a  given  stress  range  was  analyzed 
based  on  Weibull  statistics  applied  to  a  data  base  of  30,000  points  for  steels  in  benign  environments 
[84],  While  instructive,  these  statistical  results  are  not  necessarily  relevant  to  high  cycle  CF  where 
electrochemical  reactions  introduce  additional  variability. 

Future  work  must  address  two  areas  to  provide  the  foundation  for  statistically-based  analyses 
of  high  cycle  CF  (as  well  as  environmental  LCF  and  FCP).  For  simple  laboratory  conditions,  the 
Weibull  analysis  of  mechanical  HCF  failure  probability  [84]  must  be  extended  to  include  CF.  Second, 
variable  load,  temperature  and  environment  chemistry  histories  are  likely  to  be  complex  in 
applications  and  significantly  affect  CF  life.  Such  history  effects  have  not  been  studied.  The  scaling 
of  Basquin  Law  data  to  predict  the  life  of  a  structure  is  qualitative  and  uncertain.  Either  the  local 
strain  approach  to  CF  crack  initiation  life,  or  the  fracture  mechanics  analysis  of  CF  propagation, 
provide  a  better  foundation  for  life  prediction  and  failure  analysis. 

lie.  Smooth  Specimen  A€pOH  Method  for  Low  Cycle  CF 
IICl.  Governing  Standards 

Experiments  to  characterize  low  cycle  CF  life  according  to  the  Coffin-Manson  Law  (Eq.  2) 
follow  from  an  ASTM  standard  for  LCF  of  metals  in  air,  and  a  classic  ASTM  manual  on  laboratory 
methods  [37,85].  Low  cycle  CF  experiments  are  detailed  elsewhere  [33-36,74,86],  and  typical  data 
are  presented  in  Figs.  3  and  7. 

IIC2.  Specimens  and  Loading 

Uniform-gauge  or  mild-radius  (hourglass)  round  specimens  are  subjected  to  uniaxial  tensile 
loading  with  rigid  gripping  and  a  test  machine  that  provides  for  either  tension-compression  or  tension- 
tension  strain  cycling.  (Square  or  rectangular  specimens  have  also  been  successfully  employed.) 
Specimen  alignment  is  critical  for  this  rigid  gripping  system  [83].  Total  axial  displacement  is  generally 
controlled,  with  regard  to  maximum  and  minimum  limits  as  well  as  time-dependence,  while  load  is 
measured,  often  with  a  computer-automated  servoelectric  or  servohydraulic  closed-loop  test  machine. 
Such  machines  provide  a  variety  of  strain-time  profiles.  Loading  frequencies  are  typically  less  than 


those  employed  for  HCF  experiments  because  failure  occurs  in  less  than  10*  cycles.  Low  cycle  CF 
experiments  differ  from  the  HCF  case  in  that  gauge  displacement  must  be  measured  with  sufficient 
resolution  to  apply  Aep  between  lO'*  and  10‘*. 

IIC3.  Environmental  Cell  Design 

Cells  for  environment  containment  and  control  are  identical  for  LCF  and  HCF  (Section  IIB.3). 
LCF  cells  are  more  complicated,  because  of  the  requirement  to  measure  specimen  gauge 
displacement,  as  illustrated  in  Fig.  17  [33,36].  For  simple  aqueous  environments,  diametral  or  axial 
displacement  is  measured  by  a  contacting  (but  galvanically  insulated)  extensometer,  perhaps 
employing  pointed  glass  or  ceramic  arms  extending  from  a  body  located  outside  of  the  solution.  A 
hermetically  sealed  extensometer  or  LVDT  can  be  submerged  in  many  electrolytes  over  a  range  of 
temperatures  and  pressures.  Alternately,  the  specimen  can  be  gripped  in  a  horizontally  mounted  test 
machine,  and  half-submerged  in  the  electrolyte,  with  the  extensometer  contacting  the  dry  side  of  the 
gauge  (Fig.  17a)  [33].  For  both  simple  and  aggressive  environments,  grip  displacement  can  be 
measured  external  to  the  cell-contained  solution,  as  shown  in  Fig.  1 7b  for  high  temperature  water  in 
a  pressurized  autoclave  [34,36].  It  is  necessary  to  conduct  LCF  experiments  in  air  (at  temperature), 
with  an  extensometer  mounted  directly  on  the  specimen  gauge,  to  relate  grip  displacement  and 
specimen  strain. 

IIC4.  Parameter  Measurement.  Control  and  Computer  Automation 

Applied  load  and  gauge  displacement  are  measured  throughout  an  LCF  experiment.  From 
these  data,  it  is  possible  to  calculate  true  A  a,  Ae-j-,  and  Aep,  where  axial  plastic  strain  range  equals 
(Acj-  Ao/E).  For  the  hourglass  specimen,  true  total  diametral  strain  can  be  measured  at  any  time, 
and  converted  to  axial  strain  according  to  [37]: 

e  =  {o/ E)  il-2vj  -2e^  (4) 

If  Acx  or  Acj  is  maintained  constant  by  the  test  machine,  then  A  a  increases  and  Acp  decreases  until 
the  hysteresis  loop  stabilizes  at  a  constant  form  for  a  cyclically  hardening  material,  and  vice-versa  for 
a  softening  alloy  [7,37].  The  stabilized-loop  value  of  axial  Aep  is  used  in  the  Coffin-Manson  Law  to 
correlate  Np  When  substantial  crack  growth  occurs,  these  stress  and  strain  range  calculations  are  not 
accurate.  Experiments  are  often  terminated  and  failure  is  defined  for  a  percent  decline  in  A  a.  Total 
strain  rate,  average  plastic  strain  rate,  or  the  frequency  of  displacement  cycling  should  be  maintained 
constant  during  the  low  cycle  corrosion  fatigue  experiment. 


Personal  computer  programs  are  available  commercially  to  control  the  closed-loop  test 
machine  during  an  LCF  experiment,  and  to  analyze  load-displacement-time  data. 

IIC5.  Crack  Detection.  Data  Analysis  and  Evaluation 

These  procedures  are  identical  for  LCF  and  HCF,  as  discussed  in  Sections  IIB5  and  IIB6. 

IID.  Fracture  Mechanics  Methods  for  Corrosion  Fatigue  Crack  Propagation 
IIDl.  Governing  Standards 

Experiments  to  characterize  CF  crack  propagation  kinetics,  in  terms  of  LEFM  Paris  Law  (Eq. 
3)  and  near-AK-m  data,  are  guided  by  an  ASTM  standard  for  metals  in  air  [87],  a  compilation  of 
laboratory  experience  with  this  standard  [88],  and  a  review  of  inert  environment  FCP  testing  [89], 
The  ASTM  standard  contains  an  appendix  specific  to  CF  crack  growth  in  marine  environments 
[87,90],  Procedures  for  CF  in  other  environments  are  not  standardized,  however,  methods  have 
evolved  for  specific  technologies  [2,4],  CF  da/dN  data  are  presented  in  Figs.  4,  5,  8,  9  and  13  to  15. 
IID2.  Specimens  and  Loading 

CF  crack  propagation  data  are  obtained  with  a  variety  of  notched  and  precracked  specimen 
geometries  that  are  well  characterized  in  terms  of  stress  intensity  and  compliance  functions  [17,91]. 
The  Mode  I  compact  tension,  single-edge  crack,  3  or  4-point  bend,  and  center-cracked  tension 
specimens  are  used  commonly,  and  are  prepared  based  on  standardized  procedures  [87].  Specimen 
in-plane  dimensions  are  selected  to  guarantee  elastic  deformation  with  limited  small-scale  crack  tip 
plasticity.  Specimen  thickness,  and  the  plane  stress  or  plane  strain  deformation  state,  is  a  variable. 
Closed-loop  servohydraulic  test  machines  are  most  effective  for  CF  propagation  experiments,  with 
the  control  parameter  being  either  load,  load-line  displacement,  or  crack  mouth  opening  displacement. 
Such  machines  provide  a  range  of  load  or  displacement  waveforms  (sinusoidally  time-dependent  is 
typical)  and  frequencies  (10"^  to  100  Hz  are  typical  values). 

IID3.  Environmental  Cell  Design 

Cells  for  CF  crack  propagation  experiments  are  designed  to  control  solution  composition  and 
specimen  electrochemistry  analogous  to  HCF  and  LCF  (Sections  IIB3  and  IIC3),  while  allowing  for 
measurements  of  applied  load,  crack  opening  displacement,  and  crack  length.  A  variety  of 
approaches  are  reviewed  elsewhere,  including  electrochemical  details  for  several  environments  [4]. 
Two  cells  for  ambient  temperature  electrolytes  are  shown  in  Fig.  18.  If  the  test  machine  and  loading 


axis  are  mounted  in  a  horizontal  plane  (90°  to  the  normal  orientation),  then  the  compact  tension  crack 
tip  can  be  dipped  into  solution  which  is  exposed  to  air  without  complex  sealing  (Fig.  18a).  The 
alternate  approach  in  Fig.  18b  employs  a  vertical  loading  axis  with  a  segmented  plexiglass  or  teflon 
cell,  sealed  to  the  faces  of  the  compact  tension  specimen  with  0-rings  and  including  a  short  segment 
in  the  notch  mouth.  Solution  flow  is  through  the  notch,  parallel  to  the  crack  front.  Small  cells 
clamped  to  specimen  surfaces  (Fig.  18b)  are  equally  effective  for  center-through-cracked  plate 
specimens.  Specimens  with  surface  cracks  or  single-edge  cracks  are  effectively  contained  in 
environmental  cells  which  are  large  and  sealed  to  the  round  or  flat  ends  inboard  from  the  gripping 
points  [92].  Compact  tension  and  surface  crack  specimens  have  been  contained  in  pressurized  metal 
autoclaves  with  electrolytes  or  steam  at  elevated  temperature  (Fig.  19)  [93].  In  this  particular  study, 
a  yoke  was  employed  to  simultaneously  test  two  specimens  in  one  autoclave  and  load  frame. 

Reference  and  counter  electrodes  are  readily  employed  in  the  various  cells  (e.g.,  Fig.  18b), 
perhaps  with  salt  bridges  to  remote  containers  and  including  high  pressure  and  temperature 
compensation  capabilities.  Procedures  to  eliminate  galvanic  couples  and  to  maintain  solution  purity 
and  composition  are  identical  to  those  employed  in  HCF  and  LCF  experiments.  Crack  opening 
displacement  is  measured  with  a  remote  or  immersed  extensometer  or  LVDT.  The  cell  must  not 
interfere  Avith  specimen  loading  or  displacement.  For  example  in  Fig.  18b,  the  shaded  mid-portion 
is  a  flexible  membrane  designed  so  that  cell  clamping  forces  do  not  alter  specimen  compliance.  This 
is  important  for  accurate  measurements  of  crack  closure. 

IID4.  Crack  Length  Measurement 

CF  propagation  experiments  are  unique  in  the  need  to  monitor  crack  length,  often  over  long¬ 
time.  Much  has  been  written  on  two  widely  employed  methods,  direct  or  alternating  current  electrical 
potential  difference  and  compliance  [87,88,94,95];  as  well  as  on  less-tried  methods  such  as  eddy 
current,  acoustic  wave,  optical,  or  crack  surface  marking  [96].  Compliance  and  EPD  are  broadly 
calibrated  and  well-suited  for  precision  (+  25  pm  or  better),  long-term-stable  monitoring  of  crack 
length  in  many  common  fracture  mechanics  specimens  and  aggressive  CF  environments.  These 
methods  can  be  computer-automated  for  test  machine  and  stress  intensity  control  (see  Section  IID5). 
The  principles  and  instrumentation  for  each  method  are  detailed  elsewhere  [87,88]. 

Several  points  are  pertinent  to  CF.  First,  compliance  allows  monitoring  of  both  crack  length 
and  crack  closure  [97].  The  advantage  of  the  EPD  method  is  simplicity;  it  is  not  necessary  to 
immerse  a  displacement  gauge  in  the  electrolyte.  (The  compliance  scheme  illustrated  in  Fig.  18b 


avoids  this  complication.)  The  EPD  method  is  best-suited  for  monitoring  the  growth  of  surface 
fatigue  cracks.  Second,  there  is  no  evidence  that  the  1  to  50  ampere  direct  or  alternating  current 
used  in  the  potential  difference  method  affects  CF  kinetics.  Presumably,  the  current  path  through  the 
metal  is  of  orders  of  magnitude  lower  resistance  compared  to  that  of  even  the  more  conductive 
solutions  in  an  occluded  crack.  Voltage  differences  along  a  crack  surface,  and  due  to  this  current 
distribution  in  the  metal,  are  small  (less  than  1  mV)  and  probably  unimportant.  None-the-less, 
prudence  dictates  that  the  influence  of  applied  current  be  tested  by  employing  an  independent  monitor 
of  crack  length  in  limited  qualification  and  calibration  experiments.  Finally,  the  electrical  potential 
signal  often  increases  with  increasing  load  in  the  fatigue  cycle  because  electrically  conductive  crack 
surfaces  are  parted.  Accordingly,  potential  should  be  measured  at  maximum  load,  and  errors  in  crack 
length  due  to  residual  "crack  surface-shorting  contact"  should  be  corrected  based  on  post-test  crack 
length  measurements  [98].  Finally,  solution  flow  or  temperature  changes  can  upset  the  stability  of 
the  electrical  potential  signal  due  to  thermally-induced  voltages  and  material  resistance  changes. 

Ground-loops  between  potentiostat  and  electrical  potential  crack  monitoring  electronics 
degrade  the  quality  of  polarization,  as  well  as  CF  crack  length  and  growth  rate  measurements.  A 
successful  approach  to  this  problem  is  based  on  a  specimen  (working  electrode)  that  is  grounded 
commonly  with  the  test  machine,  constant-current  power  supply  and  EPD  amplifier;  coupled  with  a 
potentiostat  that  utilizes  a  grounded  working  electrode.  (In  this  case  the  specimen  should  not  be 
grounded  virtually  through  an  operational  amplifier.)  With  this  procedure,  and  the  several-ohm  (or 
larger)  alternate  current  path  through  the  typical  loading  system  and  test  machine,  it  is  not  necessary 
to  electrically  isolate  the  CF  specimen  from  the  grips.  As  a  test  of  ground-loop  integrity  in  CF, 
guarantee  no  resolvable  specimen  electrochemical  current  changes,  at  fixed  electrode  potential,  upon 
reversing  of  the  polarity  of  the  crack  monitoring  current. 

Given  the  success  of  the  direct-EPD  method,  with  current  applied  through  the  bulk  of  the  CF 
specimen,  there  is  generally  no  need  to  employ  an  indirect  method  based  on  a  foil  gauge  bonded  to 
the  specimen  surface  and  solely  carrying  the  applied  current.  This  latter  method  eliminates  the  effect 
of  applied  current  on  crack  electrochemistry  (if  such  an  effect  exists),  however,  long-term  crevice  and 
galvanic  corrosion  associated  with  the  attached  foil  may  be  important.  CF  crack  growth  in  the  mid¬ 
region  of  a  specimen  is  reasonably  indicated  by  compliance  or  direct  EPD,  but  not  by  the  surface- 
mounted  foil  gauge  method. 


IID5.  Parameter  Measurement.  Control  and  Computer  Automation 
Applied  load  and  crack  length  from  electrical  potential  or  compliance  are  measured  as  a 
function  of  load  cycles  during  a  CF  experiment.  Apart  from  simple  constant  load  range  (increasing 
AK)  loading,  modem  FCP  and  CF  experiments  are  computer-automated  to  control  the  AK-history, 
with  the  mode  selection  based  on  the  goal  of  the  work,  be  it  mechanism  or  application-based.  Load 
is  computer- varied,  in  real  time  and  at  frequencies  between  lO"^  and  50  Hz,  to  maintain  the  crack 
length  dependence  of  stress  intensity  range  according  to  [87]: 

AK-  =  AX  exp  [C(a-a^)  ]  (5) 

R-value  is  typically  maintained  constant  as  AK  changes.  A  programmed  C  of  0  yields  a  constant  AK 
experiment,  which  is  useful  for  establishing  transient  and  steady  state  CF  growth  rates  for  mechanistic 
research.  Negative  C- values  provide  for  a  AK-decreasing  experiment  for  measuring  near-AKy^  CF, 
while  positive  C  ^ves  a  AK-increasing  experiment  which  confirms  stress-intensity  governed  cracking 
and  which  yields  data  in  a  reasonable  time.  Guidance  on  those  values  of  C  that  minimize  the  effect 
of  prior  load  history  is  standardized  [87].'* 

IID6.  Data  Analysis  and  Evaluation 

Applied  stress  intensity  range  and  CF  crack  growth  rate  are  calculated  at  regular  crack  length 
intervals,  based  on  standardized  analytical  procedures  [87].  For  continuously  increasing  or  decreasing 
AK  experiments,  da/dN  is  calculated  by  either  a  point-to-point  difference  (secant)  or  incremental 
polynomial  method.  For  constant  AK,  da/dN  is  determined  by  linear  regression  of  cyclic  crack  length 
data.  The  simple  secant  calculation  amplifies  da/dN  variability,  while  polynomial  methods  average 
the  growth  kinetics  over  seven  (typically)  a  versus  N  points.  Growth  rate  variations  depend  on  the 
size  of  the  crack  growth  interval.  It  is  particularly  challenging  to  establish  physically  meaningful 
variations  in  growth  rates  from  an  average  law.  FCP  variability  was  considered  in  conjunction  with 
an  interlaboratory  test  program  that  measured  da/dN  versus  A  K  for  a  very  well-behaved  high  strength 


^  During  fatigue  and  CF  crack  propagation,  a  sudden  large  decrease  in  the  maximum 
stress  intensity  level  of  the  load  cycle  produces  a  strong  reduction  in  subsequent  growth  rates,  or 
so-called  delay  retardation.  These  growth  rates  are  important,  but  are  not  ste^y-state  and  not 
simply  governed  according  to  Eq.  3  [6-8].  Most  CF  experiments  are  designed  and  conducted  to 
avoid  such  overload  effects. 


steel  in  moist  air  [99],  For  this  best  case  and  fourteen  laboratories,  da/dN  variability  from  replicate 
standardized  experiments  within  a  single  laboratory  equalled  between  ±  13%  and  ±  50%  (+  two 
residual  standard  deviations  about  the  mean  regression  curve)  at  fixed  AK.  Variability  in  CF 
experiments  has  not  been  addressed  quantitatively,  however,  the  results  from  the  moist  air  FCP 
program  provide  a  lower  bound.  The  increased  complexity  and  prolonged  test  times  typical  of  CF 
experiments,  as  well  as  the  FCP  behavior  of  more  complex  alloys,  should  lead  to  increased  variability 
and  uncertainty. 

Two  complications  are  notable  for  CF  experimentation.  CF  da/dN  vs  applied  AK  data  may 
be  affected  by  a  crack  closure  mechanism  that  depends  on  aqueous  environment  exposure  (see 
Section  IBl)  [6,45];  such  CF  growth  kinetics  are  defined  as  an  extrinsic  property  that  may  be  test 
method-specific.  As  a  diagnostic,  if  CF  da/dN  depends  strongly  on  R,  if  environmental  AK-m  value 
is  high  and  increases  with  decreasing  loading  frequency,  or  if  crack  arrest  occurs  during  CF 
propagation  at  constant  applied  AK  then  environment-sensitive  crack  closure  phenomena  should  be 
suspected.  A  bilinear  specimen  compliance  trace  (of  applied  load  V5  crack  mouth  or  load  line 
displacement)  confirms  the  presence  of  crack  closure.  Closure  is  characterized  and  eliminated 
approximately  for  a  given  da/dN  by  reducing  the  applied  AK  to  AK^^,  the  difference  between  Kmx 
and  K,  rather  than  K„,„  and  K„i„.  K,  is  determined  by  a  global  compliance  method  that  is  nearing 
standardization  [100].  CF  da/dN  vs  AKi  data,  as  well  as  results  obtained  at  high  constant  R  (above 
about  0.7)  or  high  constant  Ku,;  (see  Fig.  5  and  Section  IIEl),  are  reasonably  closure  free  and  are 
an  intrinsic  property  for  a  given  material-environment  system  [62],  Closure-free  CF  data  are 
necessary  for  basic  studies  of  crack  tip  process  zone  damage  mechanisms,  while  crack  closure 
phenomena  may  be  important  to  applications.  As  an  example,  corrosion  fatigue  cracks  in  steels 
exposed  to  seawater  at  low  R  are  arrested  by  cathodic  polarization,  because  calcareous  corrosion 
products  precipitate  within  the  growing  crack  and  cause  crack  surface  closure  contact  at  K  levels  well 
zero  [20,101].  AK^  is  substantially  less  than  both  the  applied  AK  and  the  intrinsic  AKjh-  Rough 
intergranular  CF  crack  surfaces,  coupled  with  local  Mode  II  displacements,  may  also  promote  crack 
closure.  Closure  benefits  may,  however,  be  limited  to  simply  loaded  laboratory  specimens.  For 
example,  compression  elements  of  a  complex,  load  history  can  crush  corrosion  debris  and  crack 
surface  roughness  asperities,  and  can  thus  reduce  crack  closure. 

As  a  second  complication,  crack  tip  stress,  strain  and  strain  rate  within  the  process  zone  are 
more  fundamental  than  AK  or  AK®  and  govern  CF  crack  growth  kinetics.  It  is  not  presently  possible 


to  unambiguously  calculate  the  stress  intensity  dependence  of  these  more  fundamental  parameters 
[16,22-24],  Shoji  and  coworkers  argue  that  the  time-based  rate  of  mechanical  fatigue  propagation 
in  an  inert  environment  is  proportional  to  the  rate  of  dislocation  emission  from  the  crack  tip,  or 
equivalently  to  the  crack  tip  strain  rate  [102],  The  value  of  da/dt  for  FCP  in  vacuum,  or  more 
typically  moist  air,  is  therefore  an  indirect  crack  tip  driving  force  parameter  for  correlating  CF  da/dN 
data  which  are  also  often  stated  with  respect  to  a  time-rate.  In  this  approach  da/dt  is  the  product  of 
da/dN  and  f  An  example  of  this  correlation  is  shown  in  Fig.  20  which  represents  the  CF  enhancement 
in  da/dN  relative  to  the  air  case  for  three  high-sulfiir-content  heats  of  a  C-Mn  steel  in  elevated 
temperature  water  [103],  The  speculation  is  that  this  relationship  between  the  benign  and  CF  time- 
based  rates  of  cracking  is  followed  independent  of  AK,  R,  f  and  loading  waveform,  as  demonstrated 
for  several  material-environment  systems  [102].  In  Fig.  20  these  parameters  are  varied  widely;  for 
example  f  between  lO"^  Hz  and  10''  Hz,  and  R  between  0.2  and  0.7,  but  a  single  CF  crack  growth  law 
is  observed.  Based  on  the  film  rupture  (and  perhaps  HEE)  mechanism,  environmental  da/dt  should 
increase  with  increasing  crack  tip  strain  rate  [22-24],  and  hence  with  the  mechanical  da/dt,  as 
suggested  in  Fig.  20.  A  complication  is  that  crack  tip  strain  rate  depends  on  several  mechanical 
terms,  including  the  environmental  da/dt. 

IIE,  Specialized  Corrosion  Fatigue  Experiments 

Several  new  CF  experimental  methods  have  evolved  over  the  past  decade. 

lEEl.  Programmed  Stress  Intensity  Experimentation 

Real-time  computer-control  of  stress  intensity  during  a  CF  experiment  provides  important 
benefits.  For  example,  CF  experiments  can  be  designed  with  a  large  negative  C-value  (Eq.  5)  to 
produce  continuously  decreasing  AK  at  constant  applied  and  increasing  R  [62,104].  This 
approach  minimizes  the  complicating  effect  of  crack  closure  and  provides  near-AK-j^  data,  albeit  at 
high  R.  The  CF  results  presented  in  Fig.  5  were  obtained  based  on  this  method  [44].  Since  both  AK 
and  R  change  during  this  type  of  experiment,  the  effects  of  these  two  mechanical  parameters  must 
be  characterized  and  understood  when  using  the  constant  method  in  CF  [16].  Second,  variables 
such  as  electrode  potential,  solution  composition  or  frequency  are  easily  changed  as  the  crack  grows 
at  constant  AK  to  probe  subtle  growth  rate  changes  for  basic  research  [61,64].  A  constant  AK 
segment  can  be  conducted  over  an  interval  of  CF  crack  extension,  then  AK  can  be  step-increased  or 
decreased  at  constant  K^  [51,62,64].  The  data  presented  in  Figs.  9,  13,  and  14  were  obtained  with 


this  method. 


IIE2.  Cyclic  Strain-Induced  Dissolution 

The  cyclic-mechanical  depassivatioh  method  involves  measurement  of  transient 
electrochemical  current  during  cyclic  plastic  straining  of  a  smooth  specimen  in  an  electrolyte  at  fixed 
potential  [34,105],  A  three  electrode  cell,  coupled  with  a  fast-response  potentiostat  and  the 
mechanical  LCF  procedures  described  in  Section  DC,  are  employed  in  this  regard.  Data  include  time- 
dependent  applied  plastic  strain,  stress  and  anodic  current  density.  The  phase  difference  between  the 
mechanical  and  electrochemical  parameters,  the  strain  dependence  of  the  current  density  during 
repeated  repassivation  repair  of  ruptured  surface  films,  the  anodic  charge  passed  per  fatigue  cycle, 
and  the  charge  accumulation  with  increasing  cycles  and  time  are  interpreted  to  probe  CF  damage 
mechanisms.  For  example,  peak  anodic  current  density  and  the  cycle-cumulative  charge  increased 
with  increasing  strain  rate  for  LCF  of  a  ferritic  stainless  steel  in  NaCl,  consistent  with  the  film  rupture 
model  [34].  (This  current  reflects  metal  oxidation  to  produce  cations  in  solution  and  in  formation  of 
the  passive  film;  or  collectively,  metal  removal.)  Additionally,  the  time  dependence  of  repassivation 
and  the  magnitude  of  current  transients  depended  on  the  sign  of  the  plastic  strain,  and  the 
repassivation  characteristics  for  this  system  varied  with  cycle  count,  demonstrating  the  complexity 
of  CF.  This  method  was  employed  to  rank  the  susceptibility  of  alloys  to  CF,  based  on  the  stability 
of  surface  passive  films  [105]. 

IIE3.  Small  Crack  CF  Methods 

An  important  goal  of  CF  experimentation  and  modeling  is  to  quantitatively  couple  smooth 
specimen  and  fracture  mechanics  approaches  to  understand  the  total  life  of  components  with 
microscopic  defects.  Studies  of  the  so-called  small  crack  problem  have  contributed  in  this  regard  [6]. 
Small  crack  size  can  be  a  particularly  important  variable  that  affects  CF  propagation  rates  [106,107], 
For  example,  CF  cracks  sized  between  100  and  1000  pm  grew  up  to  1000-fold  faster  than  predicted 
compared  to  long  crack  compact  tension  specimen  da/dN  data  at  fixed  AK,  for  the  case  of  a  high 
strength  martensitic  steel  in  NaCl  [108].  Such  crack  geometry  effects  are  traced  to  differences  in 
crack  solution  mass  transport  and  crack  surface  electrochemical  reactions  that  govern  HEE  and  film 
rupture  processes  [  1 6, 1 06, 1 07] . 

Both  electrical  potential  and  high  magnification  optical  methods  have  been  developed  to 
monitor  the  formation  and  growth  of  CF  cracks  smaller  than  500  pm  [109,1 10].  Each  method  is 
capable  of  micron-level  resolution.  The  electrical  potential  approach  monitors  average  short  crack 


growth  into  the  specimen  bulk,  while  microscopic  methods  focus  on  surface  crack  interactions  with 
specific  microstructural  features  including  inclusions  and  corrosion  pits.  The  data  presented  in  Fig. 
21  were  obtained  fi'om  in  situ  monitoring  of  AA2024  in  aqueous  chloride  solution  with  a  long  focal 
length  (15  to  40  cm)  and  high  magnification  (500  times  with  1  pm  resolution)  optical  microscope 
interfaced  with  a  servohydraulic  test  machine  and  video  system  [110].  Microstructurally  small  CF 
cracks  initiated  at  constituent  particles  and  grew  at  rates  that  were  equal  to  values  obtained  with  the 
standard  LEFM  method  discussed  in  Section  IID.  While  the  chemically  small  crack  effect  is  not 
observed  for  the  system  in  Fig.  21  [110],  data  of  this  type  are  lacking  for  a  range  of  materials  and 
environments  [106-109]. 

The  use  of  short  crack  specimens  provides  an  important  benefit  for  corrosion  fatigue 
experimentation.  Since  high  resolution  crack  monitoring  is  employed,  crack  growth  rates  are 
quantitatively  defined  with  small  crack  extensions  and  the  associated  reduced  N.  It  is  possible  to 
obtain  accurate  low  growth  rate  CF  data  at  low  loading  frequencies.  For  example,  a  short  crack 
specimen  was  employed  to  measure  a  da/dN  value  of  0.5  pm/cycle  at  constant  AK  and  f  of  0.0002 
Hz  during  a  CF  test  time  of  10  days  [16,109].  Perhaps  10  to  20-fold  longer  test  time  is  required  to 
obtain  this  measurement  with  a  standard  long  crack  method. 

IIE4.  Measurement  of  CF  Crack  Solution  dH  and  Potential 

It  is  important  to  measure  occluded  crack  pH,  potential  and  solution  composition  because 
these  factors  govern  CF  by  either  HEE  or  film  rupture  mechanisms.  Several  experimental  approaches 
have  succeeded  in  this  regard  for  simple  ambient  temperature  and  complex  high  temperature 
pressurized  water  electrolytes  [111,112].  Reference  and  pH  electrodes  were  located  in  small  holes 
drilled  in  the  compact  tension  specimen  to  intersect  the  CF  crack  plane  growing  from  the  notch,  as 
shown  in  Fig.  22  [1 12].  This  method  provides  information  on  the  crack  size  and  position  dependence 
of  local  pH  and  potential,  as  well  as  on  the  effects  of  AK,  R  and  f.  Additionally,  crack  solution  can 
be  sampled  from  crack-intersecting  holes  for  composition  analysis  by  ion  chromatography  and 
capillary  electrophoresis  [113].  Important  data  were  obtained  to  test  models  of  crack  chemistry 
[72,1 12]  and  to  understand  solution  dissolved  oxygen  and  metal  sulfide  effects  on  CF  [22,23,1 13]. 
Given  the  very  small  volume  of  a  typical  CF  crack,  solution  extraction  methods  are  likely  to  upset 
crack  electrochemistry  and  alter  da/dN. 


III.  Applications  of  Corrosion  Fatigue  Test  Results 
IIIA.  Modem  Approach  to  CF  Life  Prediction 

A  cardinal  principle  is  to  design  the  CF  experiment  to  isolate  and  characterize  quantitatively 
each  of  the  four  stages  of  fatigue  damage  defined  in  Section  lAl .  The  choice  of  stage  depends  on 
the  problem;  be  it  pitting-based  crack  nucleation  in  a  polished  and  rigorously  inspected  medical 
implant  or  steam  turbine  blade,  or  macrocrack  propagation  from  a  weld  defect  in  a  large  offshore 
marine  structure.  If  a  CF  experiment  measures  total  life,  without  quantifying  the  four  damage  stages, 
then  basic  understanding  and  component  life  prediction  are  compromised.  This  is  the  situation  for 
standardized  high  and  low  cycle  fatigue  experiments  which  measure  total  Nf  of  a  small  laboratory 
specimen.  The  CF  material  properties  embodied  in  the  Basquin  and  Coffin-Manson  Laws  (Eqs.  1  and 
2)  are  not  directly  scalable  to  predict  the  lives  of  components  of  alternate  geometries  and  perhaps 
containing  preexisting  flaws.  These  data  can  not  be  used  to  test  models  of  CF  because  Nf  embodies 
cyclic  deformation,  microcrack  nucleation  and  coalescence,  small/short  crack  growth  and  long  crack 
propagation. 

Implementing  the  correct  method  for  CF  life  prediction  and  CF-resistant  alloy  development 
is  often  controversial,  as  existing  approaches  (often  based  on  smooth  specimen  HCF  data)  are 
challenged  by  more  modem  approaches.  A  consensus  is  perhaps  developing;  an  effective  method 
couples  the  local  strain  approach  to  CF  crack  initiation  with  the  LEFM  approach  to  propagation  in 
order  to  calculate  the  summed  total  component  life.  The  recommendation  is  that  the  Coffin-Manson 
approach  be  employed,  but  that  the  number  of  cycles  to  initiate  a  (reasonably)  resolvable  crack  size 
(perhaps  0,1  to  1  mm)  be  measured  in  place  of  total  cycles  to  failure.  Equation  2  then  describes  the 
CF  crack  initiation  resistance  of  a  given  alloy-environment  system,  with  the  size  of  the  initiated  crack 
defined  operationally.  These  material-environment  property  data  are  coupled  with  Neuber's  method 
or  finite  element  calculations  of  local  plastic  strain  range  in  a  component  to  define  service  initiation 
life  [7].  The  fracture  mechanics  approach  should  be  employed  to  characterize  CF  crack  propagation 
kinetics,  with  emphasis  on  both  the  microstructurally  small,  physically  short,  and  conventional  long 
crack  regimes  [6,8].  The  Paris  Law  (Eq.  3),  or  more  complex  formulations,  are  employed  with  stress 
intensity  similitude  and  an  analysis  of  the  stress  and  stress  intensity  conditions  of  the  component  to 
predict  CF  propagation  life,  integrated  from  the  size  of  the  crack  formed  in  the  initiation  stage  [41]. 
A  variety  of  desktop  computer  programs  have  been  developed  for  the  LEFM  portion  of  the  fatigue 
life  prediction  problem  [114],  If  nondestructive  testing  so  indicates,  then  the  LCF  initiation  portion 


of  the  problem  can  be  equated  to  zero,  and  the  fracture  mechanics  integration  started  at  the 
appropriate  existing  flaw  size. 

The  output  of  an  integrated  CF  prediction  method  is  plots  of  total  cyclic  life  as  a  function  of 
applied  stress  range,  or  crack  length  versus  load  cycles  at  constant  applied  A  o,  for  specific  material, 
time  and  environment  chemistry  variables.  Coffin-Manson  and  Paris  Law  data  depend  on  the 
variables  cited  in  Section  II.  Since  a  legion  of  variables  is  important,  and  since  prolonged  CF  test 
times  are  often  required,  mechanistic  modeling  of  the  nucleation  and  crack  propagation  processes  is 
a  critical  tool  to  develop  algorithms  for  extrapolating  the  results  of  limited  laboratory  experiments 
[115]. 

Examples  of  Component  Service  Life  Prediction  with  Laboratory  CF  Data 

Corrosion  fatigue  problems  have  been  attacked  aggressively  in  several  technologies  over  the 
past  decade.  The  coupled  local  strain-initiation  and  LEFM-propagation  approach  has  not,  however, 
been  broadly  employed.  Early  codified  design  predictions,  utilizing  elastic  smooth-specimen  fatigue 
data  (HCF-SN)  adjusted  empirically  for  deleterious  time-dependent  environmental  effects,  are  being 
replaced  by  LEFM  predictions  of  crack  propagation  from  an  inspection-based  or  estimated  initial 
crack  size  [115],  Examples  of  this  procedure  were  reported  for  CF  in  welded  offshore  structures  in 
the  marine  environment  [1,3,58,1 15-1 17],  in-core  and  out-of-core  components  in  commercial  light 
water  nuclear  reactors  [2,22, 115,117],  oil  and  gas  pipelines  [118],  and  aircraft  [1 1 9, 1 20],  Emphases 
focused  on  the  conflicting  effect  of  cathodic  polarization  on  CF  crack  initiation  and  growth  (marine 
structures),  the  unifying  role  of  crack  tip  strain  rate  (nuclear  reactors),  the  deleterious  effect  of  sulfur 
contaminants  (nuclear  reactor  systems  and  pipelines),  and  the  CF  kinetics  of  small  multiple  fatigue 
cracks  (aircraft).  Tens  of  man-years  are  typically  required  to  address  a  complex  CF  problem,  and 
large  data  bases  for  SCC  and  CF  resulted  from  these  efforts  [58,121]. 

lEC.  Future  Research  Needs  in  CF  Experimentation 

Environmental  effects  have  not  been  rigorously  incorporated  in  fatigue  life  prediction 
procedures  [114].  The  time-dependence  of  CF,  the  many  important  interacting  variables,  and  several 
uncertainties  confound  the  problem.  From  the  experimental  perspective,  LCF  and  LEFM-based 
laboratory  CF  methods  must  be  improved  to  address  the  following  uncertainties. 

(1)  Methods  must  be  further  developed  to  probe  the  growth  of  single  small  CF  cracks  sized 


below  500  nm,  and  the  interaction  and  coalescence  of  multiple  small  cracks  must  be 
characterized.  Both  LCF  and  LEFM  approaches  must  be  modified  in  this  regard. 

(2)  Near-threshold  CF  crack  initiation  and  propagation,  and  environment-dependent  crack 
closure,  must  be  characterized  including  the  important  effect  of  low  loading  frequency  [122], 

(3)  Load-  and  environment-spectrum  history  effects  on  CF  crack  initiation  and  propagation  must 
be  characterized. 

(4)  The  statistical  distribution  of  CF  initiation  and  crack  propagation  properties  must  be  defined. 

(5)  High-resolution  probes  must  be  developed  to  measure  occluded  crack  chemistry,  transient 
crack  surface  electrochemical  reactions,  crack  tip  process  zone  damage  processes,  and 
microcrack  advance. 

(6)  Fractographic  analyses  of  CF  must  be  improved,  including  quantitative  measurement  of  crack 
surface  crystallography  [123],  and  computerized  image  analysis  methods  to  characterize  and 
reconstruct  the  CF  process  [124]. 

(7)  For  mechanistic  modeling,  CF  results  must  be  coupled  with  transient  electrochemical  reaction 
kinetics,  hydrogen  permeation,  and  hydrogen  trapping  analyses  described  elsewhere  in  this 
book. 

IV.  Symbols 

A  a  Applied  true  stress  range  in  a  fatigue  load  cycle;  On^^,,  -  On,;,,,  where  a  is  load/instantaneous 
cross-sectional  area. 

ACp  True  plastic  axial  strain  range  in  a  fatigue  load  cycle;  ep„,„  -  6p„,i„. 

Act  Applied  true  total  axial  strain  range  in  a  fatigue  load  cycle;  eymax "  ^Tmin- 

e  True  axial  strain;  In  (///J 

ej  True  diametral  strain;  ln(d^c/J 

I,  d  Gauge  length  and  specimen  diameter,  respectively. 

Of,  b  Basquin  law  material  property  parameters. 

6f ,  c  Coffin-Manson  law  material  property  parameters. 

Nf  Number  of  load  cycles  for  specimen  failure  by  fatigue. 

Nj  Number  of  load  cycles  for  fatigue  crack  initiation. 

N-j-  The  transition  fatigue  life,  or  the  number  of  load  cycles  where  the  magnitudes  of  the 

elastic  and  plastic  axial  strain  ranges  are  equal. 
da/dN  Macroscopically  averaged  fatigue  crack  growth  rate, 
a  Fatigue  crack  length. 

N  Fatigue  load  cycle  count. 


AK  Applied  stress  intensity  factor  range;  -  K^. 

A,  m  Paris  law  material  property  constants. 

AK-th  Threshold  stress  intensity  range. 

R  Stress  ratio; 

p  Notch  tip  radius. 

f  Loading  frequency  in  cycles  per  second  or  Hertz. 

1/af  Time-portion  of  the  load  cycle  where  CF  damage  occurs. 

Kjscc  Threshold  stress  intensity  for  monotonic  load  SCC. 

da/dt  Velocity  of  monotonic  load  SCC. 

Ec  Free  corrosion  potential. 

E  Modulus  of  elasticity. 

AKeu  Effective  stress  intensity  range;  -  K^,. 

Kj,  Stress  intensity  value  in  a  fatigue  load  cycle  where  crack-surface  closure  contact  is 
experimentally  resolved  and  operationally  defined. 

AKq  Stress  intensity  range  at  a  fixed  crack  length,  a^. 

C  Constant  in  the  AK-control  equation  with  units  of  mm  *, 

da/dt  Time-based  crack  growth  rate;  often  approximated  by  (da/dN)(f). 

CF  Corrosion  fatigue. 

SCC  Stress  corrosion  cracking. 

HCF  High  cycle  fatigue. 

LCF  Low  cycle  fatigue. 

FCP  Fatigue  crack  propagation. 

HEE  Hydrogen  environment  embrittlement. 

H  Atomic  hydrogen. 

HCP  Hexagonal-closed-packed. 

LEFM  Linear  elastic  fracture  mechanics. 

SN  Stress  range  vs  Life. 

CP  Cathodic  polarization. 

Mode  I  Applied  load  perpendicular  to  the  crack  plane  and  growth  direction  [6-8]. 

Mode  II  Applied  load  parallel  to  the  crack  plane  and  the  crack  growth  direction. 

Mode  III  Applied  load  parallel  to  the  crack  plane  and  perpendicular  to  the  growth  direction. 

Vg  Poisson's  ratio  for  isotropic  elastic  deformation,  often  taken  as  0.33. 

LVDT  Linear  Variable  Differential  Transformer. 

EPD  Electrical  Potential  Difference. 
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Figure  1  The  nil  effect  of  environment  on  the  cyclic  stress-strain  response  of  a  C-Mn  steel  in  moist  air  and 
pressurized  water  at  288“C.  (After  Chopra,  Michaud  and  Shack  [36]) 


Figure  2 


Cycles  to  failure 


The  deleterious  effect  of  aerated  aqueous  chloride  solution  on  the  HCF  life  of  smooth  specimens  of 
tempered  martensitic  AISI  4140  steel.  Symbols  with  horizontal  arrows  indicate  that  CF  failure  has  not 
occurred  after  10’  load  cycles.  (After  Lee  and  Uhlig  [38]) 
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The  deleterious  effect  of  aqueous  chloride  solution  on  the  LCF  life  of  a  precipitation  hardened 
aluminum  alloy.  (After  Lin  and  Starke  [3  5]) 
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Figured  The  effect  of  solution 
pH  and  loading 
frequency  on  CF  crack 
propagation  in  an  a/p 
titanium  alloy  exposed 
to  aqueous  chloride. 
(After  Dawson  and 
Pelloux  [43]) 
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Figure  5 


The  effect  of  aqueous 
NaCl  on  the  CF  crack 
propagation  response  of 
unrecrystallLzed  sheet 
and  plate  of  an  advanced 
AJ-Li-Cu-Zr  alloy. 
(After  Slavik  and 
Gangloff  [44]) 


Cycles  to  Initiation  (1  mm  Crack) 


Figure  6  The  effect  of  chloride  on  the  CF  crack  initiation  resistance  of  notched  steel  specimens.  (After  Taylor 
and  Barsom—solid  line  for  4  steels  in  NaCl,  Rajpathak  and  Hartt— data  points  for  seawater,  and  Novak— 
dashed  line  for  4  steels  in  NaCl  [46-48]) 


Figure  7  The  effect  of  strain  rate  on  low  cycle  CF  in  the  C-Mn  steel/high  temperature  water  system.  The 
dissolved  oxygen  content  of  the  pure  water  environment  was  varied,  as  indicated  by  the  weight-parts- 
per-million  values  in  the  legend.  (After  Chopra,  Michaud  and  Shack  [36]) 


Frequency  (Hz) 

Figure  8  The  varied  effects  of  loading  frequency  on  CF  crack  propagation  rate  in  peak  aged  AA7075,  7017, 7475 
and  7079  exposed  to  aqueous  chloride  solution  (free  corrosion)  at  constant  AK  and  R.  The  fatigue 
crack  is  parallel  to  the  plate  rolling  plane,  in  the  SCC  sensitive  S-L  orientation  (After  Mason  and 
Gangloflf  [50]) 
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9  The  effect  of  loading  frequency  on  CF  propagation  in  API-2H  and  A710  steels,  at  the  625  to  750  MPa 
yield  strength  level,  exposed  to  aqueous  NaCl  solution  with  CP  to  -1000  mVscE  ^  constant  AK  and  R. 
(After  Krishnamurthy  and  Gangloff  [5 1  ]). 


Figure  10 


The  frequency  independence  of  CF  life  for  blunt  notch  specimens  of  A517  steel,  freely  corroding  in 
aqueous  3.5%  NaCl  as  a  function  of  notch  root  strain  range.  (After  Taylor  and  Barsom  [46]) 
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The  beneficial  effect  of  cathodic  polarization  on  high  cycle  CF  crack  initiation  in 
NaCl  solution.  (After  Endo,  Komai  and  Kinoshita  [59]) 


a  C-Mn  steel  in  1% 


Figure  12 
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The  effect  of  electrode  potential  on  relative  CF  crack  propagation  rate  in  the  C-Mn  steel/chloride 
system,  as  portrayed  by  the  crack  tip  hydrogen  production  current  calculated  from  a  crack  chemistry 
model.  The  equation  of  the  line  from  regression  analysis  is;  y  =  2.39  +  0.22  x,  where  y  is  Ae 
normalized  (dimensionless)  crack  growth  rate  and  x  is  crack  tip  hydrogen  production  rate  in  A/cm^ 
(After  Gangloff  [16]) 


Figure  14  CF  crack  propagation  in 
HYI30  steel  in  aqueous 
(sterile)  chloride  and 
active  sulfate-reducing 
bacteria  environments, 
both  wiA  CP  to  -1000 
AK  values 
above  20  MPa\/m  were 
applied  at  R  of  0. 1  and  f 
of  0.1  Hz,  while  AK  < 
20  MPa\/m  were  ^plied 
at  constant  of  33 
MPa/m  and  f  of  1  or  5 
Hz.  The  dashed  line 
represents  literature  data 
for  FCP  in  Ae 
steel/vacuum  system. 
(After  Gangloff  and 
Kelly  [64]) 
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Figure  1 7 


I.  Working  eleetrod*  2.  Lucife  chomber  3.  Grip* 

4.  Specimen  S,  Exteneometer  6.  Intuloring  tope 

7.0- ring  8.  Reference  electrode  9.  Rubber  bond*  10.  Counter  electrode 


(a) 


1 .  Cover  gas  supply  tank 

2.  Water  supply  tank 

3.  Pulsafeeder  high-pressure  pump 

4.  Check  valve 

5.  Heat  exchanger 

6.  Preheat  exchanger 

7.  Pipe  autoclave 

8.  Fatigue  test  specimen 

9.  MTS  hydraulic  collet  grips 

10.  MTS  load  cell 

1 1.  Displacement  LVDT 

12.  MTS  hydraulic  actuator 

13.  EX:Pcell 

14.  Platinum  electrode 

15.  Specimen  electrode 

16.  Reference  electrode 

17.  Mlty  Mite  back-pressure  regulator 

18.  Orblsphere  dissolved  ojq'gen  meter 

19.  MTS  electrohydraullc  controls 


Environmental  chambers  for  low  cycle  CF  in:  a)  an  electrolyte  at  ambient  temperature  (tifter  Yan  et 
al.  [33]),  and  b)  high  temperature  water.  (After  Chopra  et  al.  [36]) 


Displacement  transducer 


(b) 

Environmental  chambers  for  CF  in  electrolytes  where;  a)  the  CT  specimen  is  loaded  horizontally  and 
dipped  into  solution,  (after  Turnbull  and  Scott  [4]),  and  b)  the  CT  crack  is  enclosed  by  a  clamped  cell 
and  polarized  potentiostatically.  In  part  b  load  (P)-displacement  (6)  data  are  recorded  by  computer  and 
autographically  for  compliance  measurement  of  crack  length  and  K„.  (After  Kim  and  GanglofF, 
unpublished  research) 


Figure  18 


Figure  21  Propagation  rate  vr  AK  for  microstructurally  small  cracks  in  AA2024  exposed  to  deaerated  aqueous 
chloride  at  fixed  potential.  Crack  growdi  was  monitored  by  in  situ  optical  microscopy.  (After  Piascik 
and  Willard  [110]) 


Perspe* 


Figure  22 


nZrilf  arrangement  for  in  situ  measurement  of  crack  electrode 

potential,  pH,  and  solution  composition  during  CF  growth.  (After  Turnbull  et  al.  [1 12]) 
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